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1. Úvod 

Makroskopické vlastnosti materiálu (mechanické, chemické, optické, tepelné, …) silně závisí, 

kromě jeho prvkového složení, zejména na jeho struktuře. V případě objemových materiálů, 

připravovaných klasickými metalurgickými technologiemi za rovnovážných podmínek (vysoká 

teplota, atmosférický tlak a pomalé ochlazování), lze jejich strukturu stanovit z příslušných 

rovnovážných fázových diagramů, zobrazujících vztahy mezi strukturou (fázovým složením), 

prvkovým složením a teplotou. Problém však nastává u materiálů vytvářených ve formě 

tenkých vrstev, neboť ty jsou obvykle připravovány daleko od rovnovážných podmínek 

(relativně nízký tlak i teplota a rychlé ochlazování), takže ve většině případů obsahují mnohem 

více mřížkových poruch, jako jsou vakance, dislokace, hranice zrn, precipitáty sekundárních 

fází či metastabilní fáze, než stejné, konvenčně připravené, objemové materiály. V důsledku 

složitosti povahy depozičního procesu a velkého množství parametrů určujících kinetická 

omezení růstového procesu tenkých vrstev je poměrně obtížné předvídat mikrostrukturu a 

fyzikální vlastnosti takto deponovaných tenkých vrstev pouze ze znalosti použitých 

depozičních podmínek. Je proto nesmírně důležité studovat souvislosti mezi parametry 

depozičního procesu, prvkovým složením, strukturou a vlastnostmi připravených 

tenkovrstvých materiálů. 

Navzdory rostoucímu komerčnímu významu materiálů připravených ve formě tenkých vrstev 

na různých substrátech a velkému objemu dostupné vědecké literatury je porozumění vztahům 

mezi depozičními parametry, mikrochemií a mikrostrukturou tenkých vrstev stále velmi malé. 

Je to částečně v důsledku složitosti depozičního procesu, ale také v důsledku faktu, že tenké 

vrstvy jsou v mnoha případech jen málo nebo neadekvátně charakterizovány. Provádění 

kvantitativní chemické a strukturní analýzy tenkých vrstev, zvláště komplexních sloučenin, je 

totiž často dosti obtížné a působí nemalé nesnáze. Například mnoho dobře zvládnutých 

analyzačních technik používaných pro objemové materiály nemůže být použito pro chemickou 

analýzu tenkých vrstev kvůli omezenému množství dostupného materiálu tenké vrstvy o 

tloušťce často pouze několik stovek nm či jednotek μm. Také analýzy struktury tenkých vrstev 

mohou být problematické. Malé velikosti zrn, růstová textura a velké množství defektů 

komplikují fázovou identifikaci, přesné stanovení mřížkových parametrů, kvalitativní 

stanovení typu a charakteru defektů, nemluvě o jejich případné kvantifikaci. Přesto však existují 

2 analyzační techniky, využívající k analýze pevných látek jejich interakci s rentgenovým 

zářením, které lze používat jak pro objemové, tak i pro tenkovrstvé materiály. Jedná se o 

rentgenovou fluorescenci (XRF), užívanou ke stanovení prvkového složení materiálu, a 

rentgenovou difrakci (XRD), užívanou ke stanovení struktury materiálu. 

 

1.1 Rentgenové záření 

Rentgenové záření, objevené v roce 1895 W. C. Röntgenem, je krátkovlnné elektromagnetické 

vlnění o vlnových délkách λ v rozsahu 0,01 nm – 10 nm, respektive o energiích E v rozsahu 

125 keV – 0,125 keV. Obecně je rentgenové záření generováno buď při změnách pohybového 

stavu rychle se pohybujících elektricky nabitých částic (elektronů, protonů), nebo při ozařování 

látek dostatečně energetickým rentgenovým zářením z rentgenové lampy či radioaktivním 

zářením γ z vhodného radioizotopu. 

Spektrum rentgenového záření se skládá ze dvou složek, spojitého (brzdného) rentgenového 

záření a charakteristického rentgenového záření. 
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1.1.1 Spojité rentgenové záření (Bremsstrahlung) 

Spojité (brzdné) rentgenové záření je emitováno v případě, kdy jsou volné elektrony prudce 

brzděny např. při jejich interakci s elektronovými obaly atomů látky. V tomto případě mohou 

tyto elektrony ztratit libovolné množství své kinetické energie pružným či nepružným 

rozptylem při interakci s atomy látky, což vede ke vzniku spojitého (brzdného) spektra 

rentgenového záření látky (tzv. Bremsstrahlung). Každá jednotlivá interakce elektron-atom 

vede ke zpomalení elektronu a vygenerování příslušného fotonu rentgenového záření, jehož 

vlnová délka λ závisí na konkrétní energetické ztrátě elektronu. Zprůměrování mnoha interakcí 

elektron-atom tak vede ke vzniku spojitého spektra, které je na straně krátkých vlnových délek 

omezeno minimální vlnovou délkou λmin, jež odpovídá maximální kinetické energii Emax 

elektronu, urychlenému napětím U, a pro niž platí 

𝜆𝑚𝑖𝑛  =  
ℎ𝑐

𝑒𝑈
 , 

kde e je náboj elektronu, h je Planckova konstanta a c je rychlost světla. 

 

1.1.2 Charakteristické rentgenové záření 

V případě vázaných elektronů, např. v atomu, je proces vzniku rentgenového záření o něco 

komplikovanější. K jeho vysvětlení však můžeme využít Bohrův model atomu, ve kterém jsou 

elektrony, jejichž počet je dán příslušným protonovým číslem Z, charakterizovány 4 

kvantovými čísly, s jejichž pomocí můžeme stanovit a zároveň i označit všechny možné 

energetické stavy elektronu v atomu. Hlavní kvantové číslo n udává relativní energii elektronu, 

respektive příslušné energetické hladiny v atomu a nabývá celočíselných hodnot 1, 2, 3, 4, … 

(ve spektroskopii se používá k označení energetických hladin písmen K, L, M, N, …). Vedlejší 

kvantové číslo l charakterizuje orbitální moment hybnosti elektronu a tvar orbitalu. Nabývá 

celočíselných hodnot 0, 1, 2, 3, …, 𝑛 − 1 (ve spektroskopii se používá k označení orbitalů 

písmen s, p, d, f, …). Magnetické kvantové číslo m udává orientaci atomového orbitalu 

v prostoru a nabývá celočíselných hodnot v rozmezí ⟨−𝑙, +𝑙⟩ včetně 0. Spinové kvantové číslo 

s udává spin (smysl rotace) elektronu a nabývá pouze 2 hodnot ± ½. Pro popis rentgenových 

spekter se ještě zavádí kvantové číslo pro celkový moment hybnosti elektronu j = l ± ½.  

Jestliže na látku dopadají vysoce urychlené elektrony, resp. fotony, s energií větší než je 

ionizační potenciál příslušné vnitřní energetické hladiny atomu, dojde k ionizaci atomu, tj. 

emisi elektronu z této vnitřní energetické hladiny a vzniku iontu daného stavu atomu. Přechod 

z nestabilního excitovaného stavu do základního stavu se děje přeskokem elektronu z vyšší 

energetické hladiny na uvolněnou nižší energetickou hladinu a je doprovázen vyzářením fotonu 

charakteristického rentgenového záření, jehož energie je rovna právě rozdílu vazebných energií 

počátečního a konečného stavu elektronu. Tyto přeskoky mezi energetickými hladinami se však 

nemohou dít zcela libovolně, ale platí pro ně tzv. výběrová pravidla, jenž charakterizují 

dovolené přechody. Pro velmi intenzivní dipólové přechody platí, že změna hlavního 

kvantového čísla Δn ≥ 1, změna vedlejšího kvantového čísla Δl = ± 1 a změna kvantového čísla 

pro celkový moment hybnosti elektronu Δj = 0 nebo 1. Pro mnohem méně intenzivní 

kvadrupólové přechody platí Δl = 0 nebo 1 a Δj = 0, 1 nebo 2. To tedy znamená, že spektrum 

charakteristického rentgenového záření je čárové (diskrétní) a závisí na druhu atomu, tj. je pro 

danou látku (materiál) charakteristické. 
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1.1.2.1 Značení čar charakteristického rentgenového spektra 

Podle zažité konvence se nejčastěji série spektrálních čar označují tak, že se velkým písmenem 

označí konečná hladina přeskoku. K–série tedy odpovídá elektronovým přeskokům, které končí 

na nejnižší energetické hladině K,  L–série přeskokům, jenž končí na hladině L, respektive 

jejich podhladinách LI, LII, LIII. Jednotlivé spektrální čáry se pak označují řeckými písmeny, 

např. α1, α2, β1, γ3 apod. Tyto symboly obvykle označují relativní intenzitu spektrálních čar, 

přičemž α je v dané sérii nejintenzivnější. 

 

1.1.3 Interakce rentgenového záření s látkou 

Vzájemné působení rentgenového záření na látku a naopak je mnohostranný děj, při kterém 

dochází k vzájemnému ovlivňování vlastností jak rentgenového záření, tak látky, přes kterou 

rentgenové záření prochází. Z toho důvodu se omezíme pouze na procesy, jenž jsou důležité 

pro uvažované analyzační techniky XRF a XRD.  

 

1.1.3.1 Absorpce rentgenového záření 

Prochází-li rentgenové záření látkou, dochází k jeho zeslabení (absorpci), a to v důsledku 

procesů, které lze podle mechanismu vzniku kvalitativně rozdělit na vlastní absorpci 

(fotoelektrickou absorpci), koherentní (Rayleighův) a nekoherentní (Comptonův) rozptyl. 

Kvalitativně lze absorpci monochromatického rentgenového záření o vlnové délce λ vrstvou 

látky o tloušťce d a hustotě ρ popsat vztahem 

𝐼 = 𝐼0𝑒−𝜇𝜌𝑑 , 

kde I0 je intenzita rentgenového záření před dopadem na látku, I je intenzita rentgenového 

záření po průchodu látkou a µ je hmotnostní absorpční koeficient látky. 

Hmotnostní absorpční koeficient µ nezávisí na fyzikálním ani chemickém stavu látky, tj. 

nezávisí na skupenství ani krystalické formě látky a je dán pouze jednotlivými druhy atomů 

látky. V případě chemických sloučenin nebo směsí je výsledný hmotnostní absorpční koeficient 

µABC pouhým součtem hmotnostních absorpčních koeficientů atomů prvků A, B a C, ze kterých 

se látka skládá, a lze jej vyjádřit jako 

𝜇ABC =  𝑋A𝜇A + 𝑋B𝜇B + 𝑋C𝜇C , 

kde XA, XB, XC jsou hmotnostní zlomky prvků A, B, C v dané sloučenině nebo směsi a µA, µB, 

µC jejich hmotnostní absorpční koeficienty. Určitá hodnota hmotnostního absorpčního 

koeficientu platí vždy pouze pro jedinou vlnovou délku rentgenového záření, přičemž pro jinou, 

byť velice blízkou vlnovou délku, může být jeho hodnota velmi odlišná. 

 

1.1.3.1.1 Vlastní absorpce (fotoelektrická absorpce) 

Při vlastní absorpci fotonu rentgenového záření dochází k vytržení vnitřního elektronu z atomu, 

tj. k fotoionizaci atomu. Jedná se tak vlastně o vytvoření počátečního stavu pro následnou emisi 

fotonu charakteristického rentgenového záření.  
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1.1.3.1.2 Koherentní (Rayleighův) rozptyl 

O koherentním rozptylu hovoříme v případě, kdy foton rentgenového záření po průchodu látkou 

mění svoji dráhu nikoliv však svoji energii. Vysvětluje se pružnou srážkou fotonu rentgenového 

záření s elektronem, který se rozkmitá se stejnou frekvencí, jako má dopadající foton 

rentgenového záření a stane se tak zdrojem elektromagnetického vlnění se stejnou vlnovou 

délkou. Liší se pouze amplituda tohoto elektromagnetického vlnění. 

 

1.1.3.1.3 Nekoherentní (Comptonův) rozptyl 

O nekoherentním rozptylu hovoříme v případě, kdy foton rentgenového záření po průchodu 

látkou mění svoji dráhu a zároveň i svoji energii. Vysvětluje se pružnou srážkou fotonu 

rentgenového záření s elektronem, kterému předá část své energie, takže energie rentgenového 

fotonu je po srážce menší. Tuto ztrátu energie můžeme vyjádřit rozdílem vlnových délek Δ𝜆 

fotonu rentgenového záření po srážce (𝜆′) a před srážkou (λ), pro který platí 

Δ𝜆 = 𝜆′ − λ =
ℎ

𝑚𝑒𝑐
(1 − cos 𝜃), 

kde h je Planckova konstanta, c je rychlost světla, me je hmotnost elektronu a 2θ je úhel mezi 

směry dopadajícího a rozptýleného fotonu rentgenového záření. V praxi se nejčastěji setkáváme 

s Comptonovým rozptylem při měření v oblasti vlnových délek odpovídajících 

charakteristickému rentgenovému záření anody rentgenové lampy. Čára odpovídající 

charakteristickému záření rentgenové lampy je ve spektru přítomná vždy a často bývá 

doprovázená další čarou, posunutou k delším vlnovým délkám, která vznikla právě 

Comptonovým efektem z charakteristické čáry anody rentgenové lampy. 

Zda při interakci rentgenového záření převažuje koherentní či nekoherentní rozptyl je dáno 

energií rentgenového fotonu v porovnání s vazebnou energií elektronů v látce. Jsou-li tyto 

energie porovnatelné, převažuje koherentní rozptyl. Pokud je energie rentgenového fotonu 

podstatně vyšší, pak převládá nekoherentní rozptyl. 

 

1.1.3.2 Meziprvkové ovlivnění v reálných látkách 

Při interakci rentgenového záření s reálnými látkami, které jsou ve většině případů 

sloučeninami nebo směsmi atomů různých prvků, dochází ke všem dosud popsaným jevům. 

Dochází k nim však současně pro atomy všech prvků a jednotlivé děje se tak vzájemně prolínají 

a ovlivňují. Rovněž rentgenové záření nemá v reálném vzorku nebo prostoru spektrometru jen 

jednu vlnovou délku, ale vyskytují se zde vlnové délky charakteristických rentgenových záření 

všech prvků přítomných ve vzorku a případně i prvků, používaných při konstrukci přístroje. 

Kromě již diskutovaných jevů se jako výsledek jejich vzájemného působení při rentgenové 

spektrální analýze uplatňují zejména spektrální interference, vzájemné přibuzování a vzájemná 

absorpce. 

O spektrální interferenci mluvíme tehdy, když stejnou vlnovou délku (v rámci rozlišovací 

schopnosti přístroje), jako má námi měřený prvek, má některý z dalších prvků, přítomných ve 

vzorku. U moderních spektrometrů se jedná vždy o čáru jiné série nebo jiného řádu spektra. 

Rentgenové záření rušícího prvku se přičte k námi měřenému rentgenovému záření, které se tak 
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jeví jako zesílené. Zesílení nezávisí na koncentraci stanovovaného prvku, ale je závislé pouze 

na koncentraci rušivého prvku. 

Přibuzováním máme na mysli případ, kdy je přítomen prvek, jehož charakteristické rentgenové 

záření má větší energii než absorpční hrana stanovovaného prvku. Námi stanovovaný prvek je 

pak buzen nejen primárním rentgenovým zářením rentgenové lampy, ale též charakteristickým 

rentgenovým zářením rušivého prvku. Dochází tak k nárůstu intenzity charakteristického 

rentgenového záření měřeného prvku, přičemž jeho intenzita je větší, než by odpovídalo 

koncentračnímu obsahu měřeného prvku. Zesílení intenzity je závislé jak na obsahu měřeného 

prvku, tak i na obsahu rušícího prvku. Nejsilněji přibuzuje prvek, jehož charakteristické 

rentgenové záření leží nejblíže na krátkovlnné straně absorpční hrany stanovovaného prvku. 

Na absorpci charakteristického rentgenového záření stanovovaného prvku se podílejí všechny 

prvky obsažené ve vzorku, jejichž absorpční hrana je delší než vlnová délka analytické čáry 

měřeného prvku. Nejsilněji absorbuje prvek, jehož absorpční hrana leží nejblíže na dlouhovlnné 

straně analytické čáry. Absorpční vlivy jsou úměrné koncentraci ovlivňovaného i rušivého 

prvku. 

 

1.1.3.3 Difrakce rentgenového záření 

V případě, že rentgenové záření dopadá na krystalickou látku, kterou lze charakterizovat jako 

pravidelné prostorové uspořádání atomů látky na dlouhou vzdálenost, dochází vedle zmíněných 

interakcí rentgenového záření s látkou i k jevu, známému jako difrakce. Tento jev má nesmírný 

význam jak pro studium vlastností rentgenového záření, tak pro analýzu krystalických látek 

samotných.  

Difrakce rentgenové záření na krystalické látce je vlastně výsledkem dvou fyzikálních jevů. 

Jedním z nich je pružný (Rayleighův) rozptyl dopadajícího rentgenového záření na atomech 

látky, při němž se každý atom látky stává zdrojem elektromagnetického vlnění se stejnou 

vlnovou délkou, jakou má dopadající rentgenové záření. Při pružném rozptylu tedy mají 

elektromagnetické vlny rozptýlené (vyzařované) jednotlivými atomy neměnný fázový rozdíl, 

neboť atomy tvoří množinu koherentních zdrojů. Kromě toho, v krystalických látkách, kde jsou 

meziatomové vzdálenosti srovnatelné s vlnovou délkou rozptýleného rentgenového záření, pak 

může nastat mezi rozptýlenými elektromagnetickými vlnami pozorovatelný interferenční jev, 

projevující se koncentrací rozptýlené elektromagnetické energie (rentgenového záření) 

v určitém směru, tedy vznikem difrakčního maxima. 

Difrakci rentgenového záření (vlnění) na krystalech lze interpretovat také jako odraz těchto 

elektromagnetických vln od rovnoběžných atomových rovin krystalu charakterizovaných 

Millerovými indexy (hkl). Difrakce pak nastává pouze tehdy, je-li dráhový rozdíl vln 

odražených od sousedních rovnoběžných krystalových rovin roven celistvému počtu vlnových 

délek λ dopadajícího rentgenového záření. Výše uvedené skutečnosti popisuje známá Braggova 

rovnice 

2𝑑(hkl) sin 𝜃 = 𝑛𝜆, 

kde n je řád difrakce (n = 1, 2, 3, …), θ je Braggův úhel dopadu rentgenového vlnění na systém 

rovnoběžných krystalových rovin (hkl), d(hkl) je mezirovinná vzdálenost rovin (hkl) a λ je vlnová 

délka dopadajícího rentgenového záření. Není-li splněna podmínka daná Braggovou rovnicí, 
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nedojde ke vzniku difrakcí, neboť při odrazu vln budou vznikat různé dráhové rozdíly 

odražených vln, tj. nenastane jejich konstruktivní interference. 

Podrobnější informace o charakteru rentgenového záření, jeho interakcích s látkou a 

meziprvkovém ovlivnění lze nalézt v monografiích [1], [2], [3], [4]. 

 

1.2 Zdroje rentgenového záření pro XRF a XRD analýzy 

Jako zdroje rentgenového záření pro techniky XRF a XRD nejčastěji slouží rentgenové lampy. 

Jsou to v podstatě vakuové trubice se dvěma elektrodami, katodou a anodou, mezi kterými je 

vysoké napětí až 60 kV. Katoda je tvořena přímo žhaveným wolframovým vláknem, jež 

termoemisí emituje elektrony, které jsou vysokým napětím urychlovány směrem k anodě 

vyrobené z materiálu, jehož rentgenové záření chceme vybudit. Po dopadu elektronů na anodu 

se malá část (~ 5%) jejich energie přemění na spojité a charakteristické rentgenové záření 

materiálu anody, které z rentgenky vychází skrze beryliové okénko. Podstatná část energie 

urychlených elektronů je však absorbována a přeměněna na teplo, které je nutné z rentgenové 

lampy odvádět chladicí vodou, aby nedošlo k jejímu poškození. 

 

1.3 Detekce rentgenového záření 

K detekci rentgenového záření, tj. určení intenzity (počtu fotonů) detekovaného rentgenového 

záření pro zvolenou vlnovou délku, která projde do detektoru, lze použít plynové detektory, 

scintilační detektory nebo polovodičové detektory. Rozhodujícími parametry detektorů jsou 

účinnost v oblasti měřených vlnových délek a množství detekovaných fotonů za jednotku času 

(nebo obráceně, doba mezi dvěma po sobě jdoucími detekovanými fotony, tzv. mrtvá doba 

detektoru), případně jejich proporcionalita a rozlišení. Detektory tedy slouží k převedení 

detekovaného rentgenového záření na elektrické impulzy, jež mohou být zaznamenávány, 

počítány a dále elektronicky zpracovávány. 

 

1.3.1 Plynový (proporcionální) detektor 

Jeho konstrukce je tvořena kovovým válcem zapojeným jako katoda elektrického obvodu, 

v jehož ose je napnuté tenké kovové vlákno zapojené jako anoda. Prostor mezi elektrodami je 

vyplněn směsí dvou plynů, detekčního (obvykle Ar, Kr nebo Xe) a zhášecího (CH4 nebo CO2). 

Ve stěně válce je vstupní okénko, jímž do detektoru vstupují fotony detekovaného 

rentgenového záření. Pro krátkovlnná rentgenová záření bývá vyrobeno z Al nebo Be, pro 

dlouhovlnná pak z pokovené mylarové nebo teflonové fólie o tloušťkách v jednotkách µm. 

Základním procesem v plynovém detektoru je ionizace plynu fotonem rentgenového záření, při 

níž vzniká pár nabitých částic, elektron a iont, s určitými počátečními kinetickými energiemi. 

Dopadem nabitých částic (zejména elektronu) na elektrody dojde ke vzniku elektrického pulzu, 

jenž je zaregistrován v elektrických obvodech měřicí elektroniky. Dále je nutné, aby ionizovaný 

plyn co nejrychleji rekombinoval zpět na neutrální atomy, čemuž napomáhá zhášecí plyn, neboť 

pokud by byl plyn ionizován při dopadu dalšího rentgenového fotonu, tak ten by nebyl 

zaregistrován. 
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V případě vhodně zvoleného vysokého napětí mezi anodou a katodou plynového detektoru jsou 

elektrony vzniklé ionizací urychlovány tímto napětím tak, že dosáhnou kinetické energie 

dostatečné pro sekundární ionizaci dalších atomů plynu. Velikost sekundární ionizace, a tím i 

výstupního elektrického pulzu, je pak úměrná energii absorbovaného fotonu rentgenového 

záření, čímž dostáváme proporcionální plynový detektor. Plynové detektory bývají buď v 

provedení zataveném (trvalá plynová naplň) nebo průtokovém (plynová náplň se neustále 

obnovuje). 

 

1.3.2 Scintilační detektor 

Scintilační detektor se skládá ze dvou částí, zapouzdřeného scintilačního krystalu a 

fotonásobiče. Scintilační krystal jodidu sodného aktivovaného thaliem, NaI(Tl), převádí 

rentgenové záření na záření ve viditelné oblasti spektra (410 – 420 nm), jež je přivedeno do 

fotonásobiče, kde vzniká elektrický impulz. Detektor se chová proporcionálně, to znamená, že 

intenzita výstupních elektrických pulzů z fotonásobiče je úměrná energii absorbovaného 

rentgenového záření. Celková účinnost detekce rentgenového záření scintilačním detektorem 

je menší než u plynových detektorů a scintilační detektory jsou vhodné pro detekci 

krátkovlnného rentgenového záření. 

 

1.3.3 Polovodičový detektor 

Polovodičový detektor je vyroben z křemíku, germania nebo jiného polovodičového materiálu 

tak, že na jeho přední straně je tenká (~ 20 nm) Au vrstvička, která je zapojena jako katoda a 

na opačném konci je sběrná elektroda zapojená jako anoda. Mezi obě elektrody je přiloženo 

vysoké napětí 1500 V. Foton detekovaného rentgenového záření projde vstupním beryliovým 

okénkem, pronikne do těla detektoru a vytvoří v něm páry elektron-díra, přičemž počet 

elektronů závisí na energii absorbovaného fotonu rentgenového záření. Čím je jeho energie 

větší, tím více elektronů vznikne. V důsledku přiloženého napětí jsou vzniklé elektrony 

přitahovány k anodě, a když ji dosáhnou, dojde k poklesu napětí a vzniku negativního 

elektrického pulzu, jehož velikost je úměrná počtu elektronů a tím i energii absorbovaného 

fotonu rentgenového záření. Takto vzniklé elektrické pulzy jsou následně registrovány měřicí 

elektronikou. 

Podrobnější informace o zdrojích rentgenového záření a jeho detekci lze nalézt v monografiích 

[1], [2], [3], [4]. 

 

1.4 Rentgenová fluorescenční spektrometrie (XRF) 

Základy rentgenové spektrální analýzy byly položeny v roce 1913, když H. G. J. Moseley nalezl 

vztah mezi vlnovou délkou rentgenového záření λ a protonovým číslem prvku Z, který jej 

vyzařuje, a souvislost mezi intenzitou rentgenového záření prvku a jeho obsahem ve vzorku. 

 

Rentgenová spektrální analýza využívá tzv. sekundární buzení, tj. charakteristické rentgenové 

záření prvků obsažených v analyzované látce vzniká v důsledku ozařování vzorku analyzované 

látky energetickým rentgenovým zářením generovaném nejčastěji rentgenovou lampou. Jedná 
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se tedy o rentgenovou fluorescenci, neboť vznik charakteristického rentgenového záření látky 

vzorku je časově totožný s absorpcí budícího rentgenového záření z rentgenové lampy. Metoda 

slouží ke kvalitativní i kvantitativní analýze pevných i kapalných látek v širokém 

koncentračním rozsahu od ~ 1 ppm do 100 %, a lze ji principiálně použít pro všechny prvky 

počínaje Be. 

 

1.4.1 Rentgenový fluorescenční spektrometr 

Rentgenový fluorescenční spektrometr je zařízení, které je schopno vytvářet a registrovat 

čárové spektrum fluorescenčního rentgenového záření látek. Každý rentgenový fluorescenční 

spektrometr musí obsahovat zdroj budicího (primárního) rentgenového záření, např. 

rentgenovou lampu, detektor rentgenového záření, kolimátory sekundárního (fluorescenčního) 

svazku rentgenového záření, vakuový čerpací systém a odpovídající řídicí a měřicí elektroniku. 

Klasický rentgenový fluorescenční spektrometr funguje tak, že na vzorek dopadá energie ve 

formě primárního rentgenového záření z rentgenové lampy a její absorpcí ve vzorku dochází 

k vybuzení charakteristického rentgenového záření atomů prvků obsažených ve vzorku 

analyzované látky. Vzniklé charakteristické fluorescenční rentgenové záření v sobě nese 

informaci o kvalitativním (vlnové délky, resp. energie spektrálních čar) a kvantitativním 

(četnost fotonů, resp. intenzity spektrálních čar) prvkovém složení vzorku analyzované látky. 

Podle toho, jak je fluorescenční rentgenové záření dále zpracováváno, dělíme spektrometry na: 

 Energiově disperzní (EDXRF) – fluorescenční rentgenové záření vycházející ze vzorku 

dopadá jako celek na detektor o vysoké proporcionalitě odezvy, který registruje 

absorbované fotony charakteristického rentgenového záření. Signál detektoru je pak 

v multikanálovém analyzátoru rozdělen podle amplitudy pulzů, jež odpovídá energii 

registrovaného fotonu rentgenového záření, do diskrétních energetických intervalů. 

Četnost fotonů rentgenového záření příslušející určité amplitudě pulzu pak odpovídá 

intenzitě rentgenového záření dané spektrální čáry. 

 

 Vlnově disperzní (WDXRF) – fluorescenční rentgenové záření vycházející ze vzorku 

dopadá na analyzační monokrystal o známé mezirovinné vzdálenosti d(hkl), kde je 

difrakcí rozkládáno na jednotlivé vlnové délky pod příslušnými úhly θ. Fotony 

difraktovaného charakteristického rentgenového záření o zvolené vlnové délce λ pak 

dopadají do detektoru, který je registruje ve formě pulzů, jejichž četnost odpovídá 

intenzitě charakteristického rentgenového záření o dané vlnové délce.  

 

1.4.3 Kvalitativní a kvantitativní analýza prvkového složení látek 

Výsledkem měření vzorku látky na rentgenovém fluorescenčním spektrometru je závislost 

intenzit spektrálních čar fluorescenčního rentgenového záření vzorku analyzované látky na 

vlnové délce, respektive energii, tedy charakteristické rentgenové spektrum. Jelikož každá látka 

je složena z atomů prvků a každý prvek má jedinečné spektrum charakteristického 

rentgenového záření, je možné provést kvalitativní analýzu prvkového složení daného vzorku 

látky tím, že porovnáme naměřené vlnové délky, respektive energie spektrálních čar 
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fluorescenčního rentgenového záření vzorku analyzované látky s databází vlnových délek, 

respektive energií spektrálních čar charakteristického rentgenového záření jednotlivých prvků. 

Rentgenová fluorescenční spektrometrie je povrchově citlivá technika, neboť informační 

hloubka je dána únikovou hloubkou fluorescenčního rentgenového záření měřeného prvku ze 

vzorku analyzované látky. Informační hloubka tak silně závisí nejen na energii vybuzeného 

fluorescenčního rentgenového záření měřeného prvku, ale také na složení látky, skrze kterou 

toto rentgenové záření musí projít, než je detekováno. Obecně tato úniková hloubka leží mezi 

~ 100 nm (pro měkké rentgenové záření) a ~ 1000 µm (pro tvrdé rentgenové záření). Takže pro 

správnou interpretaci XRF analýz objemových materiálů je nezbytné, aby prvkové složení 

objemu materiálu bylo stejné jako prvkové složení analyzované povrchové vrstvy, tj. 

analyzovaný vzorek látky musí být vysoce homogenní. 

Rentgenová fluorescenční spektrometrie je tradičně používána jako relativní analyzační 

technika. To znamená, že pro převedení naměřených intenzit charakteristických spektrálních 

čar na koncentrace prvků ve vzorku analyzované látky jsou potřeba kalibrační standardy 

s vhodným koncentračním rozsahem prvkového složení a stejnými povrchovými parametry a 

mikrostrukturou jako má vzorek analyzované látky. V prvním kroku jsou nejprve změřeny 

intenzity fluorescenčního rentgenového záření těchto standardů, vyrobených z referenčních 

materiálů, jejichž složení známe s dostatečnou přesností, a získaná závislost intenzity 

fluorescenčního záření daného prvku na jeho koncentraci v použitých standardech je tzv. 

kalibrační křivka daného prvku. Pro jednoduché aplikace, např. analýzu objemových vzorků 

látek s malými změnami v prvkovém složení postačují většinou lineární aproximace kalibrační 

křivky. V druhém kroku je pak možné ze získané kalibrační křivky interpolací stanovit 

koncentraci analyzovaného prvku v neznámém vzorku s podobným složením, stejnými 

povrchovými parametry a mikrostrukturou, změřeném za stejných podmínek jako použité 

standardy. Pro velké rozsahy prvkového složení musíme zahrnout efekty meziprvkového 

ovlivnění (vzájemná absorpce fluorescenčního rentgenového záření a přibuzování), které pak 

vedou ke koncentračně závislé směrnici analyzační křivky. 

Kdykoli jsou však (certifikované) referenční materiály nedostupné, nebo se charakter vzorků 

analyzované látky liší od referenčních standardů, jako např. v případě tenkých vrstev či nových 

nanomateriálů, je nezbytné použít metody kvantifikace založené na metodě fundamentálních 

parametrů, vyvinuté Crissem a Birkssem v roce 1968. Cílem této metody je matematické 

stanovení meziprvkového ovlivnění při kvantitativní rentgenové fluorescenční analýze. 

Kvantitativní prvková analýza metodou fundamentálních parametrů umožňuje, aby za 

předpokladu, že jsou známy přístrojové faktory jako propustnost a detekční účinnost 

rentgenového spektrometru pro daný prvek, mohla být rentgenová fluorescenční spektrometrie 

používána jako absolutní technika. Zmíněné přístrojové faktory přitom mohou být relativně 

snadno získány měřením vzorků čistých látek, a jakmile jsou známy, lze matematicky spočítat 

intenzitu kterékoliv spektrální čáry charakteristického fluorescenčního rentgenového záření 

látky o daném kvantitativním prvkovém složení pomocí fundamentálních parametrů 

(fluorescenčního výtěžku, absorpčních koeficientů a spektra rentgenové lampy). Tento přístup 

může být rovněž použit v opačném směru, tedy k výpočtu kvantitativního prvkového složení 

vzorku látky z naměřených intenzit jeho charakteristického fluorescenčního rentgenového 

spektra. V tomto případě spočívá aplikace metody fundamentálních parametrů v teoretickém 

výpočtu intenzit fluorescenčního rentgenového záření pro modelový vzorek o předpokládaném 

koncentračním složení a srovnáním vypočtených intenzit s intenzitami naměřenými. V dalších 
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krocích pak postupně korigujeme složení modelového vzorku, než získáme blízkou shodu mezi 

vypočtenými a naměřenými intenzitami spektrálních čar charakteristického rentgenového 

záření analyzovaného vzorku látky. Poslední použité koncentrace ve výpočtu je pak možno 

považovat za skutečné složení vzorku. 

Při analýze tenkých vrstev je používání metody fundamentálních parametrů vlastně jediným 

vhodným způsobem jak stanovit jejich kvantitativní prvkové složení, neboť kalibrační 

standardy s podobným kvantitativním prvkovým složením a tloušťkou nejsou většinou 

dostupné. Ve srovnání s tradiční kalibrační procedurou je používání metody fundamentálních 

parametrů navíc rychlé a laciné. Metoda fundamentálních parametrů používaná v software 

FP˗Multi od firmy PANalytical počítá rentgenovou fluorescenci spektrálních čar K˗ a L˗série 

na základě excitace primárním a sekundárním rentgenovým zářením, a to včetně započtení 

vlivu multivrstev. Rentgenová fluorescence pro spektrální čáry M˗série, excitace fotoelektrony 

a terciální rentgenová fluorescence v ní nejsou zohledněny [5]. 

Podrobnější informace o rentgenové fluorescenční spektrometrii a analýze prvkového složení 

látek lze nalézt v monografiích [1], [2], [3], [4]. 

 

1.5 Rentgenová difraktometrie (XRD) 

Rentgenová difraktometrie (XRD) je univerzální, nedestruktivní analytická metoda, která 

umožňuje kvalitativně i kvantitativně analyzovat pevnou látku z hlediska její struktury, a to na 

základě jejího difrakčního projevu, získaného při působení monochromatického rentgenového 

záření na vzorek dané pevné látky. 

 

1.5.1 Rentgenový difraktometr 

Rentgenový difraktometr je zařízení, které je schopno vytvářet a registrovat difrakční projev 

různých krystalických forem látek, tzv. fází, obsažených v analyzovaném vzorku pevné látky. 

Každý rentgenový difraktometr musí obsahovat zdroj vhodného monochromatického 

rentgenového záření (rentgenovou lampu), detektor rentgenového záření a mechanismus, 

zajišťující pohyb detektoru, nebo vzorku a detektoru, vzhledem k primárnímu svazku 

rentgenového záření, tzv. goniometr. Dále musí obsahovat clony primárního a difraktovaného 

svazku, zabezpečující definované měřicí podmínky, filtr k odfiltrování β složky 

charakteristického rentgenového záření a odpovídající řídicí a měřicí elektroniku. 

Aby mohla být doba k registraci jednoho bodu difrakčního záznamu co nejvíce zkrácena, 

používá se buďto fokusační (Seemannovo-Bohlinovo) nebo semifokusační (Braggovo-

Brentanovo) uspořádání zdroje rentgenového záření, analyzovaného vzorku a detektoru. Díky 

fokusaci se tak dosahuje vysoké intenzity difraktovaného rentgenového záření dopadajícího do 

detektoru a vysoké rozlišovací schopnosti přístroje. 

 Difraktometr s Braggovým-Brentanovým uspořádáním patří k nejběžnějším typům 

difraktometrů pro strukturní analýzu polykrystalických látek. Vzorek látky je umístěn 

v ose goniometru tak, že jeho povrch je tečný k fokusační kružnici, jejíž poloměr se 

mění v závislosti na natočení vzorku kolem osy goniometru, přičemž vzdálenost 

detektoru od vzorku se nemění. Difraktované paprsky se pak fokusují na kružnici, jejíž 
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poloměr je roven vzdálenosti osy goniometru od ohniska rentgenové lampy. Detektor 

difraktovaného záření se pohybuje podél této kružnice dvojnásobnou úhlovou rychlostí 

než vzorek. To tedy znamená, že dopadající svazek i svazek difraktovaného záření 

svírají s povrchem vzorku stejný úhel rovný Braggovu úhlu θ pro určitou osnovu rovin. 

Při této konfiguraci se tedy na dané difrakci s Braggovým úhlem θhkl podílejí pouze ty 

krystality, jejichž roviny {hkl} jsou rovnoběžné s povrchem vzorku. 

 

 V případě Seemannovy-Bohlinovy geometrie dopadá monochromatizovaný svazek 

rentgenového záření z rentgenové trubice na vzorek pod pevně nastaveným úhlem ψ, 

jehož velikost se může měnit v intervalu (0°, 10°⟩. Difraktované svazky jsou 

fokusovány na fokusační kružnici, podél níž se pohybuje detektor, přičemž se jeho 

vzdálenost od vzorku mění. Malý úhel ψ natočení vzorku vůči dopadajícímu svazku 

záření má za následek jednak malou hloubku pronikání dopadajícího rentgenového 

záření pod povrch vzorku a jednak ozáření velké plochy povrchu vzorku. Oba tyto 

efekty jsou příhodné pro studium struktury povrchových vrstev nebo struktury tenkých 

vrstev nanesených na různých substrátech. Změnou úhlu ψ můžeme vybírat různé 

skupiny krystalitů podílejících se na difrakci, neboť při daném Braggově úhlu θhkl 

difraktují pouze ty krystality, jejichž roviny {hkl} svírají s povrchem úhel o velikosti 

θhkl − ψ. Tím je možné sledovat rozdělení orientací krystalitů v tenkých vrstvách, 

případně závislost mezirovinných vzdáleností na orientaci krystalitů u povrchových 

vrstev podrobených makroskopickému napětí. 

 

 U moderních difraktometrů je pak možné pro analýzu tenkých vrstev modifikovat 

klasické Braggovo-Brentanovo uspořádáním na tzv. difrakci pod malým úhlem či 

metodu paralelního svazku, kdy kvůli menší hloubce průniku rentgenového záření do 

vzorku a většímu efektivnímu signálu od tenké vrstvy necháme na vzorek dopadat 

rentgenové záření pod malým úhlem v intervalu (0,5°, 10°⟩, podobně jako v případě 

Seemannovy-Bohlinovy geometrie. Na rozdíl od ní se však při záznamu intenzity 

difraktovaného záření pohybuje pouze detektor a vzorek i rentgenová lampa zůstávají 

v klidu. Jelikož tak dochází k silné defokusaci svazku difraktovaného záření (k udržení 

fokusace by se musel detektor od vzorku vzdalovat a zase přibližovat), a tím i 

výraznému poklesu intenzity difraktovaného záření, je do difraktovaného svazku 

umístěn kolimátor tvořený sadou dlouhých rovnoběžných desek kolmých k difrakční 

rovině. Tak se vlastně vytvoří paralelní svazek difraktovaného záření, jenž je následně 

snímán detektorem. Pokles intenzity difraktovaného záření je částečně kompenzován 

větší ozářenou plochou vzorku a delší drahou dopadajícího rentgenového záření v tenké 

vrstvě. 

 

1.5.2 Kvalitativní a kvantitativní analýza struktury látek 

Výsledkem měření vzorku pevné látky na rentgenovém difraktometru je tzv. difrakční záznam 

(difraktogram) představující závislost intenzity difraktovaného záření I na Braggově úhlu θ. 

Jeho vyhodnocením získáme parametry, jež se přímo vztahují k reálné struktuře analyzované 

polykrystalické pevné látky. Jsou to: 

17



 polohy difrakčních linií 2θ → mezirovinné vzdálenosti d → mřížkové konstanty (a, b, c, 

α, β, γ), 

 intenzity difrakčních linií → odchylky od pravidelného uspořádání, přednostní orientace 

(textura), 

 šířky difrakčních linií → velikost koherentně difraktujících oblastí a mikrodeformace, 

 tvar difrakčních linií. 

Srovnáním naměřeného difraktogramu (z hlediska mezirovinných vzdáleností difrakčních linií 

d a jejich intenzit I) se standardy známých krystalických látek obsažených např. v mezinárodní 

databázi PDF˗4+, vydávané organizací International Centre for Diffraction Data (Pennsylvania, 

USA) [6], můžeme provést kvalitativní fázovou analýzu změřeného vzorku pevné látky, tj. 

stanovit jeho fázové složení. Základem této rentgenové databáze PDF˗4+ je mnohatisícový 

soubor karet, z nichž každá popisuje jednu konkrétní krystalickou látku z hlediska 

mezirovinných vzdáleností, relativních intenzit, Millerových indexů, typu krystalické mřížky a 

jejich mřížkových konstant a podobně. 

Po stanovení fázového složení analyzované látky je také možno využít vhodné difrakční linie 

identifikovaných fází ve změřeném difrakčním záznamu ke kvantifikaci těchto fází. Množství 

fáze v analyzovaném vzorku je úměrné integrální intenzitě její difrakční linie (ploše pod 

difrakční linií). Pro stanovení množství dané fáze v analyzovaném vzorku však musí být nejprve 

provedena kalibrace rentgenového difraktometru a použitých měřicích parametrů s pomocí 

standardů obsahujících známá množství dané fáze. 

Následnou hlubší analýzou získaných parametrů změřeného difrakčního záznamu můžeme 

stanovit i další charakteristiky analyzované polykrystalické pevné látky jako např. parametry 

krystalické mřížky, velikost koherentně difraktujících oblastí („velikost zrn“), přednostní 

orientaci (texturu), mikrodeformaci a případně i stanovit typ a charakter defektů (např. 

dislokace, vakance, intersticiální atomy, vrstevnaté chyby). 

V případě aplikace XRD pro strukturní analýzu tenkovrstvých vzorků je však důležité si 

uvědomit, že XRD dává integrovanou informaci z celé tloušťky vrstvy a často také substrátu, 

je-li tloušťka vrstvy < 5−10 µm. Přesnost XRD analýzy je však obvykle dostačující pro obecné 

určení fázového složení, růstové textury, mřížkových parametrů či makropnutí analyzovaných 

tenkovrstvých vzorků. Samotné rozšíření difrakčních linií, korigované na přístrojové rozšíření, 

pak může být použito k odhadnutí „velikosti zrna“ a hustoty defektů, které způsobují 

nerovnoměrné rozdělení deformací často pozorované ve vrstvách deponovaných PVD 

technikou. 

Podrobnější informace o rentgenové difraktometrii a analýze struktury pevných látek lze nalézt 

v monografiích [7], [8], [9], [10]. 

 

1.6 Použité analyzační přístroje a software 

Pro stanovení prvkového složení a struktury čtyř typů nových tenkovrstvých materiálů (viz 

kapitola 2) vytvářených různými metodami magnetronové depozice byly využívány následující 

analyzační přístroje: 
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 Vlnově disperzní rentgenový fluorescenční spektrometr MagiX PRO od firmy 

PANalytical vybavený 4 kW rentgenovou lampou s Rh anodou, scintilačním 

detektorem a proporcionálním průtokovým plynovým detektorem, sadou analyzačních 

monokrystalů (LIF 200, PE 002, PX1, PX3, PX4, PX5) a kolimátorů 150 µm, 550 µm 

a 400 µm. Po softwarové stránce byl přístroj vybaven softwarem SuperQ 4.0 pro řízení 

spektrometru, sběr dat a kalibraci, softwarem IQ+ pro bezstandardovou analýzu 

objemových materiálů a softwarem FP˗Multi pro analýzu tenkých vrstev pomocí 

metody fundamentálních parametrů. Uvedená konfigurace přístroje umožňovala 

analyzovat prvkové složení pevných látek počínaje B. 

 

 Rentgenový difraktometr X’Pert PRO MPD od firmy PANalytical vybavený 2 kW 

rentgenovou lampou s Cu anodou, rychlým polovodičovým detektorem X’Celerator, 

proporcionálním detektorem, sadou divergenčních clon, grafitovým monochromátorem 

difraktovaného rentgenového záření a kolimátorem difraktovaného záření pro metodu 

difrakce pod malým úhlem. Po softwarové stránce byl přístroj vybaven softwarem 

X’Pert Data Collector pro řízení difraktometru a sběr dat, softwarem X’Pert HighScore 

Plus pro analýzu difrakčních záznamů a vyhodnocení struktury analyzovaných vzorků 

a databází difrakčních standardů PDF˗4+. 
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2. Cíle dizertační práce 

Předkládaná dizertační práce je zaměřena na analýzu prvkového složení (pomocí metody 

rentgenové fluorescence) a struktury (pomocí metody rentgenové difrakce) čtyř typů nových 

tenkovrstvých materiálů vytvářených různými metodami magnetronové depozice. 

Jde o následující materiály: 

A. Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-O, Si-B-C-N a Al2O3 s dostatečnou tvrdostí 

a vysokou teplotní stabilitou ve vzduchu za velmi vysokých teplot. 

B. Otěruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostatečnou tvrdostí a nízkým 

koeficientem tření. 

C. Multifunkční vrstvy Al-Cu-O, Zr-Al-O, Al-O-N se zvýšenou odolností proti vzniku 

trhlin při namáhání. 

D. Fotokatalytické vrstvy TiO2. 

Cílem dizertační práce je přispět k objasnění složitých vzájemných vztahů mezi parametry 

depozičních procesů, prvkovým složením a strukturou vytvořených tenkovrstvých materiálů a 

jejich vlastnostmi.  
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3. Výsledky 

Z hlediska výsledků je dizertační práce rozdělena do 4 částí (A – D), které obsahují 

nejdůležitější výsledky získané během mého řádného doktorského studia na katedře fyziky 

Západočeské univerzity v Plzni v letech 2008 až 2012, a to ve formě 12 vědeckých článků 

v impaktovaných mezinárodních časopisech. 

Část A – Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-O, Si-B-C-N a Al2O3 s dostatečnou 

tvrdostí a vysokou teplotní stabilitou ve vzduchu za velmi vysokých teplot – obsahuje 

práce: 

A-I: J. Musil, M. Šašek, P. Zeman, R. Čerstvý, D. Heřman, J. Han, V. Šatava: Properties of 

magnetron sputtered Al-Si-N thin films with a low and high Si content. 

Surface and Coatings Technology, 2008, roč. 202, č. 15, s. 3485-3493 

ISSN: 0257-8972 

A-II: J. Musil, V. Šatava, R. Čerstvý, P. Zeman, T. Tölg: Formation of crystalline Al-Ti-O 

thin films and their properties. 

Surface and Coatings Technology, 2008, roč. 202, č. 24, s. 6064-6069 

ISSN: 0257-8972 

A-III: J. Musil, V. Šatava, P. Zeman, R. Čerstvý: Protective Zr-containing SiO2 coatings 

resistant to thermal cycling in air up to 1400 °C. 

Surface and Coatings Technology, 2009, roč. 203, č. 10-11, s. 1502-1507 

ISSN: 0257-8972 

A-IV: P. Zeman, J. Čapek, R. Čerstvý, J. Vlček: Thermal stability of magnetron sputtered Si-

B-C-N materials at temperatures up to 1700 °C. 

Thin Solid Films, 2010, roč. 519, č. 1, s. 306-311 

ISSN: 0040-6090 

A-V: J. Musil, J. Blažek, P. Zeman, Š. Prokšová, M. Šašek, R. Čerstvý: Thermal stability of 

alumina thin films containing γ-Al2O3 phase prepared by reactive magnetron sputtering. 

Applied Surface Science, 2010, roč. 257, č. 5, s. 1058-1062 

ISSN: 0169-4332 

Část B – Otěruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostatečnou tvrdostí a 

nízkým koeficientem tření – obsahuje práce: 

B-I: J. Musil, P. Novák, R. Čerstvý, Z. Soukup: Tribological and mechanical properties of 

nanocrystalline-TiC/a-C nanocomposite thin films. 

Journal of Vacuum Science and Technology A, 2010, roč. 28, č. 2, s. 244-249 

ISSN: 0734-2101 

B-II: P. Novák, J. Musil, R. Čerstvý, A. Jäger: Coefficient of friction and wear of sputtered 

a-C thin coatings containing Mo. 

Surface and Coatings Technology, 2010, roč. 205, č. 5, s. 1486-1490 

ISSN: 0257-8972 

Část C – Multifunkční vrstvy Al-Cu-O, Zr-Al-O, Al-O-N se zvýšenou odolností proti 

vzniku trhlin při namáhání – obsahuje práce: 

C-I: J. Blažek, J. Musil, P. Stupka, R. Čerstvý, J. Houška: Properties of nanocrystalline Al–

Cu–O films reactively sputtered by DC pulse dual magnetron. 

APPLIED SURFACE SCIENCE, 2011, roč. 2011, č. 258, s. 1762-1767 
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ISSN: 0169-4332 

C-II: J. Musil, J. Sklenka, R. Čerstvý: Transparent Zr-Al-O oxide coatings with enhanced 

resistance to cracking. 

Surface and Coatings Technology, 2012, roč. 206, č. 8-9, s. 2105-2109 

ISSN: 0257-8972 

C-III: J. Musil, R. Jílek, M. Meissner, T. Tölg, R. Čerstvý: Two-phase single layer Al-O-N 

nanocomposite films with enhanced resistance to cracking. 

Surface and Coatings Technology, 2012, roč. 206, č. 19-20, s. 4230-4234 

ISSN: 0257-8972 

C-IV: J. Musil, J. Sklenka, R. Čerstvý, T. Suzuki, T. Mori, M. Takahashi: The effect of 

addition of Al in ZrO2 thin film on its resistance to cracking. 

Surface and Coatings Technology, 2012, roč. 2012, č. 207, s. 355-360 

ISSN: 0257-8972 

Část D – Fotokatalytické vrstvy TiO2 – obsahuje práci: 

D-I: J. Šícha, J. Musil, M. Meissner, R. Čerstvý: Nanostructure of photocatalytic TiO2 films 

sputtered at temperatures below 200 °C. 

Applied Surface Science, 2008, roč. 254, č. 13, s. 3793-3800 

ISSN: 0169-4332 

 

Provedl jsem všechna měření prvkového složení vytvořených tenkovrstvých materiálů, kterými 

se zabývají práce A-I, A-II, A-III, A-V, B-I, B-II, C-I, C-II a C-IV. Použil jsem metodu 

rentgenové fluorescence na vlnově disperzním rentgenovém spektrometru MagiX PRO, a to 

včetně navržení vhodných kalibračních standardů a stanovení příslušných kalibračních 

závislostí intenzity fluorescenčního rentgenového záření na množství analyzovaného prvku. 

Provedl jsem také všechna měření struktury vytvořených tenkovrstvých materiálů, kterými se 

zabývají práce A-I, A-II, A-III, A-IV, A-V, B-I, B-II, C-I, C-II, C-III, C-IV a D-I. Použil jsem 

metodu rentgenové difrakce na rentgenovém difraktometru X’Pert PRO MPD včetně stanovení 

strukturních parametrů analyzovaných tenkovrstvých materiálů. Podílel jsem se na objasnění 

složitých vzájemných vztahů mezi parametry depozičních procesů, prvkovým složením a 

strukturou vytvořených tenkovrstvých materiálů a jejich vlastnostmi. Podílel jsem se také na 

přípravě všech uvedených vědeckých publikací.  
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3.1 Část A 

 

Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-

O, Si-B-C-N a Al2O3 s dostatečnou tvrdostí 

a vysokou teplotní stabilitou ve vzduchu za 

velmi vysokých teplot  
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3.1.1 A-I: Properties of magnetron sputtered Al-Si-N thin films with a low and high Si 

content  
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Abstract

The article reports on properties of Al–Si–N films with a low (≤10 at.%) and high (≥25 at.%) Si content reactively sputtered using a closed
magnetic field dual magnetron system operated in ac pulse mode. The films were sputtered from a composed target (a Si plate fixed by an Al ring
with inner diameter Øi =15 or 26 mm). Main attention was devoted to the investigation of a relationship between the structure of the films and
their mechanical properties, thermal stability of hardness, and oxidation resistance. It was found that (1) while the films with a low (≤10 at.%) Si
content are crystalline (c-(Al–Si–N)), those with a high (≥25 at.%) Si content are amorphous (a-(Al–Si–N)) when sputtered at the substrate
temperature Ts=500 °C, (2) both groups of the films exhibit (i) a high hardness H=21 and 25 GPa, respectively, and high values of the oxidation
resistance exceeding 1000 °C; 1100 °C (Δm=0 mg/cm2) and 1300 °C (Δm≈0.003 mg/cm2), respectively, (3) the hardness of a-(Al–Si–N) does
not vary with increasing annealing temperature Ta up to 1100 °C even after 4 h, and (4) a high oxidation resistance of c-(Al–Si–N) film with a low
(b10 at.%) Si content is due to the formation of a dense, nearly amorphous Al2O3 surface layer which is formed in reaction of free Al atoms with
ambient oxygen and prevents the fast penetration of oxygen into bulk of the film. Obtained results contribute to understand the effect of Al and Si
in the Al–Si–N thin film on its mechanical properties, thermal stability and oxidation resistance.
© 2008 Published by Elsevier B.V.

Keywords: Al–Si–N films; Structure; Mechanical properties; Thermal annealing; Oxidation resistance; Reactive magnetron sputtering

1. Introduction

Recently, it has been recognized and experimentally demon-
strated that properties of nanocomposite coatings are determined
not only by their structure, elemental and phase composition but
also by their nano-morphology, i.e. by the size of grains and the
shape of crystallites and volume fraction of the matrix [1–7].
Besides, it has been found that the nano-morphology of a film can
affect not only its enhanced properties but also can result in new
unique properties. These facts have stimulated a very intensive
investigation of hard nc-TMeN/a-Si3N4 nanocomposite coatings
in the last decade; here TMe=Ti, V, Cr, Zr, Nb, Mo, Hf, Ta, W,
TMeN is the transition metal nitride, nc- and a- denotes the
nanocrystalline and amorphous phase, respectively. Main atten-

tion in the field of hard nanocomposite coatings has been
concentrated on three problems: (1) the finding of the relationship
between the mechanical properties (hardness H, Young's
modulus E and elastic recovery We), the structure, the phase
composition and the nano-morphology, (2) the explanation of
the origin of enhanced hardness and (3) the preparation of
nanocomposites with maximum hardness Hmax approaching or
even exceeding that of the diamond. The development in this
field has been established mainly by the investigation of the
third problem. It has been found that the maximum hardness
Hmax is achieved in films with a low (≤10 at.%) Si content
when TMeN grains are surrounded by a-Si3N4 tissue phase with
thickness of approximately of ~1 to 2 monolayers [8]. The
nitride-based nanocomposites of the type nc-TMeN/a-Si3N4

with a low (≤10 at.%) Si content are, however, a specific group
of nanocomposites exhibiting only some enhanced properties,
for instance, the enhanced hardness.
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However, not only high hardness but also the thermal
stability and oxidation resistance of nanocomposites at
temperatures above 1000 °C is very important for new advanced
applications. The nc-TMeN/a-Si3N4 nanocomposites do not
meet this requirement due to a low content of the amorphous a-
Si3N4 phase. Therefore, the nanocomposites have been started
to be doped with selected elements such as Al, Y, etc with aim to
increase their thermal stability. It has been found that, for
instance, the doping of TiN with Al significantly improves its
oxidation resistance from ~600 to 850 °C [9]. The thermal
stability and oxidation resistance of nc-TMeN/a-Si3N4 nano-
composites with a low (≤10 at.%) Si content is limited by a low
(b1000 °C) crystallization temperature of the dominating TMeN
phase. Recently, it has been found that the thermal stability and
oxidation resistance of the nc-TMeN/a-Si3N4 nanocomposites
can be easily increased above 1000 °C if these nanocomposites
contain a high (≥25 at.%) amount of Si [10–19]. This
improvement in thermal stability and oxidation resistance of
nc-TMeN/a-Si3N4 nanocomposites with a high (N20 at.%) Si
content is due to their X-ray amorphous structure which remains
stable during thermal annealing up to ~1400 to 1500 °C.

It is expected that similar properties should be achieved also
for Al–Si–N thin films. No detailed investigation of the Al–Si–
N system has been carried out so far. To our knowledge, only
Ti–Si–Al–N [20–22], Ti–Al–V–Si–N [21], Ti–Cr–Al–Si–N

[23] nitride thin films with a low (≤10 at.%) Si content have
been investigated so far. These systems, however, also do not
exhibit the thermal stability and oxidation resistance above
1000 °C because a low amount of Si prevents the formation of
amorphous Al–Si based materials [24]. This fact clearly
indicates that to understand the role of Al in the film, a simple
Al–Si–N system with a high (≥25 at.%) Si content should be
investigated at first. Recently, Patscheider et al. [25] has also
reported on the investigation of the microstructure and
mechanical properties of Al–Si–N coatings with Si ranging in
a wide interval from 0 to 23 at.%. The aim of their study was to
prepare hard, optically transparent coatings with a hardness
exceeding that of Al2O3. No thermal stability of mechanical
properties and oxidation resistance has been reported.

This article reports on a systematic investigation of the
structure, mechanical properties, thermal stability and oxidation
resistance of Al–Si–N films with a low (~5 at.%) and high
(~40 at.%) Si content with aim to develop new hard coatings
with a hardness above 20 GPa and oxidation resistance above
1000 °C.

2. Experimental

Al–Si–N films were reactively sputtered in an Ar+N2

mixture using a closed magnetic field dual magnetron system
operated in ac pulse mode generated by a pulse power supply
DORA MSS-10 with output power 10 kW (produced in
Poland). The repetition frequency fr of pulses was 2 kHz and the
ac frequency inside pulses was 56 kHz. The constant magnetron
discharge current Id was controlled by the duty cycle of 2 kHz
pulses which ranged between 15–25% depending on the plasma
impedance. Both magnetrons were equipped with the same
targets (Ø 50 mm) composed of a Si plate (Ø 28 mm) fixed by
an Al ring with inner diameter Øi =15 or 26 mm. The inner
diameter Øi controlled the amount of Si in the film: ~5 at.% Si
at Øi =15 mm and ~40 at.% Si at Øi =26 mm. The Al–Si–N
films were prepared under the following conditions: discharge
current Id=1 A, substrate bias Us=Ufl, substrate temperature
Ts=500 °C, substrate-to-target distance ds-t =100 mm, partial
pressure of nitrogen pN2 ranging from 0 to 0.5 Pa and total
pressure pT=pAr+pN2=0.7 Pa; here Ufl is the floating potential.

Fig. 1. Schematic diagram of three-step thermal treatment cycle. The cycle
without annealing at Ta is called two-step thermal treatment cycle.

Fig. 2. Elemental composition of the Al–Si–N film with (a) a low (b10 at.%) and (b) high (~40 at.%) Si content as a function of pN2
.
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The Al–Si–N films were deposited onto CSN 15330 steel discs
(Ø 25 mm, 5 mm thick), Si(111) wafers (30×5×0.4 mm3) and
sintered polycrystalline Al2O3 (corundum, 10×10×0.5 mm3).
The thickness h of the sputtered films ranged from ~2000 to
~5000 nm.

The film thickness and the macrostress σ were measured on
films deposited on Si(111) substrates using a stylus profilometer
DEKTAK 8. The macrostress σ was determined from the
difference in the Si plate curvature before and after the film
deposition using a Stoney's formula [26]. The film structure
was characterized using an XRD spectrometer PANalytical
X'Pert PRO in Bragg–Brentano configuration with CuKα
radiation. The elemental composition was determined by X-Ray
Fluorescence (XRF) spectroscopy with a PANalytical XRF

Spectrometer MagiX PRO with the accuracy of 10% and by
Rutherford back-scattering spectrometry (RBS) with the
accuracy of 5%. The microstructure was characterized by a
high-resolution transmission electron microscope (HRTEM)
JEOL JEM-3010. Mechanical properties were determined from
load vs. displacement curves measured by a microhardness
tester Fischerscope H100 with a Vicker's diamond indenter at
load L=50 mN. The oxidation resistance was measured in
flowing air (1 l/h) using a symmetrical high-resolution Setaram
thermogravimetric system TAG 2400. An annealing cycle
consists generally of three steps: (1) heating from RT to a
predetermined annealing temperature Ta, sometimes called the
heating ramp, (2) annealing at a selected value of Ta and (3)
cooling from Ta down to RT, sometimes called the cooling

Fig. 3. Evolution of the structure of the Al–Si–N films with (a) a low (b10 at.%) and (b) high (~40 at.%) Si content sputtered on the 15330 steel with increasing pN2
at

Ts=500 °C, Us=Ufl and pT=0.7 Pa.

Fig. 4. Cross-section bright-field TEM images of (a) Al–Si and (b) Al–Si–N film sputtered at Id=1 A, Ts=500 °C, pN2
=0 and 0.1 Pa, respectively, on the Si(111)

substrate. The electron diffraction patterns are inserted.
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ramp, see Fig. 1. In some experiments, annealing at Ta is
omitted, i.e. the temperature is increased to Ta and immediately
decreased down to RT. Such thermal annealing is called two-
step thermal treatment cycle. Thermal annealing experiments
were carried out at 10 °C/min heating and 30 °C/min cooling
rate, respectively, on substrates coated only on one side.
Thermogravimetric curves corresponding to oxidation of the
bare substrates were subsequently subtracted and the resulting
curves then characterized the oxidation resistance of pure films
only, without any substrate effects. The measurements of all the
parameters of sputtered Al–Si–N films were performed with an
accuracy better than 10%.

3. Results and discussion

3.1. Elemental composition

The elemental composition of the Al–Si–N films is strongly
influenced by the partial pressure of nitrogen pN2 and the inner
diameter Øi of the Al fixing ring, see Fig. 2. The amount of Si in
the film is low (~5 at.%) when Al ring with Øi =15 mm is used
(Fig. 2a). From this figure it is clearly seen that (i) in the Al–Si–
N films with a low Si content Al dominates over Si for all pN2
used and (ii) the Al–Si–N films sputtered at pN2

≥0.1 Pa exhibit
almost the same elemental composition. Based on known values
of the formation enthalpies, ΔHSi3N4=−745.1 kJ/mol and
ΔHAlN=−318.6 kJ/mol [27], we assume that N has a higher
affinity to Si than to Al and thus the Si3N4 phase is formed at
first. Because the amount of N is lower than that necessary for
the formation of stoichiometric Si3N4 and AlN the films should
be composed of a mixture of Si3N4+AlN+Al. It means that all
the sputtered Al–Si–N films with a low Si content contain free
Al atoms. Free Al atoms can be easily oxidized resulting in an
enhancement of the oxidation resistance; details are given in
Section 3.6.2. The amount of Si in the film is high (~40 at.%)
when the Al ring with Øi =26 mm is used (Fig. 2b). In this case
the amount of N is higher than that of Si and Al at pN2

N0.1 Pa
and no free Al is expected to be in Al–Si–N films produced at
pN2

N0.1 Pa.

3.2. Structure

The developments of the structure of the Al–Si–N films with
a low (b10 at.%) and high (~40 at.%) Si content with increasing
pN2 are shown in Fig. 3.

3.2.1. Al–Si–N films with a low (b10 at.%) Si content
All the films are crystalline. The Al–Si film sputtered at

pN2
=0 Pa is polycrystalline with strong Al(111) and weak Al

(311), Si(111) and Si(220) X-ray reflections. The low-intensity
Si reflections correspond to a low amount of Si in the film.
Already a small addition of N2 to Ar gas leads to a considerable
increase (~30 at.%) of N in the film resulting in a strong
suppression of Si and Al reflections and in the formation of
hexagonal AlN grains, which change the preferred crystal-
lographic orientation from (101) to (002) with increasing pN2

.
The Al–Si–N films with no Al(111) reflection produced at
pN2

≥0.3 Pa exhibit the highest hardness H≈21 GPa.

3.2.2. Al–Si–N films with a high (~40 at.%) Si content
The films are characterized with a polycrystalline Al–Si

structure for pN2
=0 Pa and an X-ray amorphous Al–Si–N

structure for pN2
N0 Pa on polycrystalline 15330 steel. From

Fig. 3 it is clearly seen that already a very small addition of

Fig. 5. Bright-field image of the interface region in the cross-section of a Al–Si–N film sputtered at Id=1 A, Ts=500 °C, pN2
=0.1 Pa and pT=0.7 Pa (Fig. 4b).

Fig. 6. Macrostress σ in the Al–Si–N films and their thickness h as a function of
pN2

.
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nitrogen (pN2
=0.05 Pa) is sufficient to create the X-ray

amorphous Al–Si–N film in spite of the fact that the substrate
temperature Ts=500 °C, used in sputtering, is relatively high.

3.3. Microstructure

The microstructure of Al–Si and Al–Si–N films with a high
(~40 at.%) Si content was characterized using bright-field TEM
images. The images of cross-section of the Al–Si and Al–Si–N
films are displayed in Fig. 4. From these images it is clearly seen
that while the Al–Si film exhibits a polycrystalline structure, the
Al–Si–N film is completely amorphous. This fact is confirmed
by the electron diffraction patterns which are inserted in Figs. 4a
and b and also by XRD patterns displayed in Fig. 3b.

In spite of the amorphous structure of the Al–Si–N film
sputtered at pN2

=0.1 Pa, the film is nanocrystalline near the
interface, see Fig. 5. The nanocrystalline region is very thin
~12 nm. The origin of nanocrystallization at the interface is
probably due to the substrate; this phenomenon is a subject of
experiments being now carried out in our labs.

3.4. Macrostress

The macrostress σ generated in the Al–Si–N films during
sputtering strongly depends on both (i) the Si content in the film
and (ii) the partial pressure of nitrogen pN2

. This fact is shown in
Fig. 6 where the dependence σ= f(pN2

) in thick (~2500 nm to
~5000 nm) Al–Si–N films with a low (b10 at.%) and high
(~40 at.%) Si content is displayed.

The Al–Si–N films with a low (b10 at.%) Si content exhibit
a tensile stress σN0. On the contrary, the Al–Si–N films with a
high (~40 at.%) Si content is in compression stress (σb0). The
measurement of the elemental composition of the Al–Si–N
films produced at different values of pN2

indicates that the
increase in compressive stress σ correlates well with the
increase of the amount N in the films. Because the formation
enthalpy ΔHf of Si3N4 (−745.1 kJ/mol [27]) is higher than that
of AlN (−318.6 kJ/mol [27]), the Si3N4 phase, which is
amorphous (a-Si3N4) due to a low deposition temperature
(Ts=500 °C), is formed at first. The aluminum nitride AlN starts
to form at pN2

when all Si is converted into a-Si3N4. We believe

Fig. 7. Developments of (a) hardness H and (b) effective Young's modulus E⁎ of the Al–Si–N films with a high (~40 at.%) Si content, sputtered on Si(111), steel and
sintered Al2O3 substrates, with increasing partial pressure of nitrogen pN2

. The ratio d/h in Fig. 7a shows a correctness of the Hmeasurement; d is the indentation depth
of diamond indenter and h is the film thickness.

Fig. 8. H= f(E⁎) and H3/E*2= f(H) for the Al–Si–N films with a high (~40 at.%) Si content sputtered on Si(111), steel and sintered Al2O3 substrates.
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that the increase in compressive stress σ is connected with the
formation of nitride phases in the Al–Si–N composite films,
particularly with an incorporation of AlN grains into an
amorphous a-Si3N4 matrix. In spite of the increase of the
compressive stress σ with increasing pN2

, its saturation value is
relatively low, of about −1.8 GPa in the ~3000 nm thick Al–Si–
N film. A similar value σmax≈−1.5 GPa has been recently
measured also for Ti–Si–N films with a high Si content [17].

3.5. Mechanical properties

Basic mechanical properties of materials are (i) hardness H,
(ii) effective Young's modulus E⁎=E / (1−ν2), and (iii) resis-
tance to plastic deformation directly proportional to the ratio
H3/E*2 [28]; here E is the Young's modulus and ν is the
Poisson's ratio.

In this paper, the mechanical properties of the Al–Si–N films
with a high (~40 at.%) Si content are discussed only; for the
mechanical properties of the films with a low Si content see, for
instance, Ref. [25]. The films were sputtered on Si (111), 15330
steel and sintered Al2O3 substrates. The hardness H and
effective Young's modulus E⁎ as a function of pN2

are displayed

in Fig. 7. Both H and E⁎ strongly increase with increasing pN2

up to ~0.1 Pa. The Al–Si–N films sputtered at pN2
N0.1 Pa

exhibit almost the same value of H≈25 GPa. This is a
maximum value of Hmax of the Al–Si–N films sputtered under
conditions given in Section 2. It is also necessary to note that the
maximum value of Hmax practically does not depend on the
substrate. On the contrary, maximum values of the Young's
modulus E⁎f of the Al–Si–N films strongly depend on the
substrate. The higher the effective Young's modulus Es⁎ of the
substrate is, the higher the maximum value of E⁎f max of the Al–
Si–N film is.

The mechanical behavior of materials is determined by a
combined action of hardness H and Young's modulus E⁎ [29–
31]. Therefore, it is important to know the interrelationship
between H and E⁎ and the relation between the ratio H3/E*2

and H, see Fig. 8. Three issues can be drawn from Fig. 8a: (1) H
approximately increases with increasing E⁎, (2) the polycrystal-
line c-(Al–Si–N) films exhibit a lower hardness (H≤15 GPa)
and (3) the amorphous a-(Al–Si–N) films with almost the same
hardness exhibit the lower value of Young's modulus E⁎f in the
case when the Young's modulus of the substrate E⁎s is lower;
the last fact is also seen in Fig. 7b. Fig. 8b clearly shows that a-

Fig. 9. Hardness H of as-deposited Zr–Si–N films with a high (N20 at.%) Si content sputtered at Id=1 A, pN2
=0.4 Pa and different values of Ts on the Si(100)

substrate and the Al–Si–N film with a high (~40 at.%) Si content sputtered at pN2
=0.4 Pa and Ts=500 °C after its thermal annealing in two-step cycle in flowing air.

Fig. 10. Variation of hardness H of a 2500 nm thick Si33Al7N60 film sputtered on the Si (111) and sintered Al2O3 substrates with increasing annealing time ta in three-
step thermal treatment process at two values of Ta=1100 °C and 1200 °C.
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(Al–Si–N) films exhibit a higher resistance to plastic deforma-
tion (a higher ratio H3/E*2).

3.6. Thermal stability

The thermal stability of mechanical and physical properties
is of a key importance for every thin film and coating. The
thermal stability is defined as a temperature Tstab at which the
mechanical properties of the coating start to change. The
temperature Tox at which the coating starts to oxidize is called
the oxidation resistance of the coating. Experiments performed
so far indicate that Tox≈Tstab.

3.6.1. Thermal stability of hardness
The measurement of the thermal stability of hardness H of

sputtered films can be realized by twomethods: (1) by increasing
of the substrate temperature Ts, and (2) by thermal annealing of
as-deposited films in air. As an example of the first method, the
hardness H of amorphous Zr–Si–N films with a high (≥50 vol.
%) content of the Si3N4 phase deposited at different values of Ts
is displayed in Fig. 9; for more details see Refs. [13,16]. From
this figure it is seen that H almost does not depend on Ts. It
indicates that H is determined by the amorphous structure of the
film and not by the macrostress σ generated in the film during its
growth. Namely, if H is determined by σ, its value should
decrease with increasing value of Ts because the ratio Ts/TmN0.2
increases with increasing Ts and already the ratio Ts/Tm≈0.25
should be sufficient to relax the macrostress σ in nitride films

[32]. The amorphous a-(Al–Si–N) films with a high (~40 at.%)
Si content sputtered at Ts=500 °C also exhibit a high (N0.3) ratio
Ts/Tm; Tm Si3N4=2173 K, Tm AlN=2523 K [33] and Ts/TmN0.3
for both the Si3N4 and AlN phases under the assumption that
exist separately in the Al–Si–N thin film. Therefore, no
dependence H= f(Ts) was investigated for the amorphous a-
(Al–Si–N) films with a high Si content.

The effect of the post-deposition annealing on the film
hardness H was tested on the a-(Al–Si–N) film with a high
(~40 at.%) Si content. The post-deposition annealing of the Al–
Si–N film sputtered at Ts=500 °C in two-step thermal treatment
cycle with a maximum annealing temperature 1200 °C (the
temperature in this process was above 1000 °C for 27 min) does
not influence its hardness H because of a perfect thermal
stability of the amorphous structure of the film at Ta≤1200 °C.
Practically no decrease in H was measured after the thermal
treatment process, see Fig. 9. Also, no change in the X-ray
amorphous structure was found. It means that the thermal
stability of the amorphous structure also results in the thermal
stability of the mechanical properties.

3.6.1.1. Effect of annealing time. The film properties can be
influenced not only by the value of Ta but also by the annealing
time ta at a given temperature Ta. The dependence of H of the
Al–Si–N film, sputtered on Si(111) and Al2O3 substrate, as a
function ta at two values of Ta=1100 °C and 1200 °C (three-
step thermal treatment cycle) is displayed in Fig. 10. The
hardness H of the Al–Si–N film on both Si(111) and Al2O3

Fig. 11. Mass increase Δm of ~2500 nm thick (a) polycrystalline Al54Si5N41 and (b) amorphous Si33Al7N60 films, sputtered on the Si(111) and Al2O3 substrates, as a
function of annealing temperature Ta in two-step thermal treatment process with 10 °C/min heating and 30 °C/min cooling rate, respectively.

Table 1
Mechanical properties of the Al–Si–N films with a low and high Si content used in the oxidation experiments

Film h Al Si N H E⁎ H3/E*2 σ aD Structure

[nm] [at. %] [GPa] [GPa] [GPa] [GPa] [nm/min]

Al54Si5N41 2600 54 5 41 21.3 230 0.18 −0.04 6.2 Crystalline
Si33Al7N60 2500 7 33 60 25.6 240 0.29 −1.8 10.6 Amorphous
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substrates remains almost constant during annealing at
Ta=1100 °C for ta=4 h. When Ta is increased to 1200 °C, the
hardness H of the film deposited on the Si(111) substrate
continuously decreases with increasing annealing time from
~27 GPa to ~17 GPa. That is probably caused by a slight
oxidation of the film which results in the formation of a surface
oxide layer growing in the thickness with the annealing time ta
and having a lower hardness than the Al–Si–N film bulk; for
more details see Ref. [14] where a similar phenomenon has been
investigated. The dependence H=f(ta) of Al–Si–N films
sputtered on the Al2O3 substrate has not been investigated so far.

3.6.2. Oxidation resistance
Generally, the oxidation resistance of a film strongly depends

on its structure. Recently, it has been found that hard amorphous
TMe–Si–N films with a high (N20 at.%) Si content exhibit
better oxidation resistance compared to polycrystalline ones
[6,7,18,19]. Experiments described in this paper, however,
show that the Al–Si–N films, in which TMe was replaced with
Al, also exhibit a high oxidation resistance, see Fig. 11. In this
figure the oxidation resistance of the Al–Si–N films with a low
(5 at.%) and high (33 at.%) Si content, i.e. Al54Si5N41 and

Si33Al7N60 films, is compared. The mechanical properties of the
as-deposited Al–Si–N films used in the oxidation experiment
are summarized in Table 1. The crystalline c-(Al–Si–N) film
exhibits a high oxidation resistance up to ~1000 °C (an increase
in mass Δmb0.005 mg/cm2 in two-step thermal treatment
process when the film is deposited on the Si(111) substrate) and
the amorphous a-(Al–Si–N) film exhibits even higher oxidation
resistance, up to ~1150 °C (Δm=0 in two-step thermal
treatment process when the film is deposited on the Al2O3

substrate).
This experiment clearly shows that the crystalline Al–Si–N

films containing a large amount of Al also exhibit a good
oxidation resistance. That is due to the existence of free Al
atoms in the film, their easy oxidation and the formation of a
dense Al2O3 surface layer preventing the fast penetration of
oxygen into the bulk of the film.

3.6.2.1. Structure of thermally annealed Al–Si–N films. The
structure of the Al–Si–N films with both a low (5 at.%) and
high (33 at.%) Si content practically does not change during
thermal annealing in two-step treatment process up to 1300 °C.
The amorphous structure of the as-deposited Si33Al7N60 film
remains amorphous and the as-deposited Al54Si5N41 film with
hexagonal AlN(002) preferred crystallographic orientation
remains crystalline with the same preferred orientation, see
Fig. 12. After the annealing the Al54Si5N41 film also exhibits
low-intensity Al2O3(012), (104), (110) and (116) reflections.

3.6.2.2. Comparison of oxidation resistance of Al–Si–N film
with TMe–Si–N films. Recently, an excellent oxidation
resistance of amorphous TMe–Si–N films considerably exceed-
ing 1000 °C has been reported [5–7,10–19]. Experiments
described in this paper show that the replacement of TMewith Al
in TMe–Si–N films with a high (N20 at.%) Si content also
results in an excellent oxidation resistance of Al–Si–N films, see
Fig. 13. A low (~800 °C) oxidation of the Si24W17N59 film is due
to the formation of volatile oxides [13]. In Fig. 13 the oxidation
resistance of a polycrystalline TiAlN film [9] is also given for a
comparison.

Fig. 12. XRD patterns from c-Al54Si5N41/Si(111) in the as-deposited state and
after thermal annealing in two-step cycle up to 1300 °C in flowing air at a 10 °C/
min heating and 30 °C/min cooling rate, respectively.

Fig. 13. Comparison of the oxidation resistance of a ~2600 nm thick amorphous Si33Al7N60 film with selected (i) TMe–Si–N films with a high (N20 at.%) Si content
and (ii) TiAlN film [9], represented by an increase in the film mass Δm as a function of Ta.
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4. Conclusions

Main results of the investigation of the sputtered Al–Si–N
films are the following:

1. The Al–Si–N films with a low (b10 at.%) Si content are
polycrystalline. On the contrary, the Al–Si–N films with a
high (≥20 at.%) Si content are amorphous in spite of the fact
that they are sputtered at relatively high values of the
substrate temperature Ts=500 °C.

2. The amorphous a-(Al–Si–N) films are (i) harder and (ii) more
resistant to plastic deformation compared to the polycrystal-
line c-(Al–Si–N) films.

3. The thermal stability of hardness H of the a-(Al–Si–N) film
is high and does not vary with increasing annealing
temperature Ta up to 1100 °C even after 4 h.

4. The oxidation resistance of both the crystalline c-(Al–Si–N)
film with a low (b10 at.%) Si content and the amorphous a-
(Al–Si–N) film with a high (≥20 at.%) Si content is also
high. The c-(Al–Si–N) film exhibits a high oxidation
resistance up to ~1000 °C and the a-(Al–Si–N) film up to
~1150 °C.

5. A high oxidation resistance of the c-(Al–Si–N) film with a
low (b10 at.%) Si content is due to the existence of free Al
atoms in the film, their easy oxidation and the formation of a
dense Al2O3 surface layer which prevents a fast penetration
of the oxygen into bulk of the film.

Obtained results indicate that the substitution of TMe with Al
in TMe–Si–N films results in the formation of hard Al–Si–N
films with good and thermally stable mechanical properties and
excellent oxidation resistance exceeding 1000 °C.
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The article reports on the effect of addition of Ti into Al2O3 films with Ti on their structure, mechanical
properties and oxidation resistance. Themain aim of the investigationwas to prepare crystalline Al–Ti–O films
at substrate temperatures Ts≤500 °C. The films with three different compositions (41, 43 and 67 mol% Al2O3)
were reactively sputtered from a composed Al/Ti target and their properties were characterized using X-ray
diffraction (XRD), X-ray fluorescent spectroscopy (XRF), microhardness testing, and thermogravimetric
analysis (TGA). It was found that (1) the addition of Ti stimulates crystallization of Al–Ti–O films at lower
substrate temperatures, (2) Al–Ti–O films with a nanocrystalline cubic γ-Al2O3 structure, hardness of 25 GPa
and zero oxidation in a flowing air up to ∼1050 °C can be prepared already at low substrate temperature of
200 °C, and (3) the crystallinity of Al–Ti–O films produced at a given temperature improveswith the increasing
amount of Ti. The last finding is in a good agreement with the binary phase diagram of the TiO2–Al2O3 system.

© 2008 Elsevier B.V. All rights reserved.

1. Introduction

At present, there is an urgent need to prepare crystalline α-Al2O3

thin films at substrate temperatures Ts of about 500 °C or less for high-
speed cutting tools. That is a very difficult task because α-Al2O3 is a
high-temperature phase creating at Ts≈1000 °C. The alumina is a
polymorphous material with γ-, κ-, δ-, χ-, θ-metastable phases and
only one thermodynamically stable rhombohedral α-Al2O3 phase. For
the creation ofα-Al2O3 thin films the highest substrate temperature Ts
of about 1000 °C is necessary to be used. This fact strongly limits the
deposition of α-Al2O3 thin films only onto substrates with a high
thermal stability, e.g. cemented carbides. Therefore, a great effort has
been devoted to the search of a process or method which allows the
crystallization temperature Tcr of the α-Al2O3 phase to be decreased
[1–12].

An usual method used to form crystalline alumina thin films at
Ts≤500 °C is the ion plating process used in magnetron sputtering. It
has been found that Tcr of the film decreases and its crystallinity
increases when high fluxes of ions νi are incident at the surface of the
growing film. Therefore, reactive ionizedmagnetron sputtering [13] or
reactive high-power pulsed magnetron sputtering [1–3,5,9–12] has
been used in many experiments. Also, a low-temperature formation of
α-Al2O3 thin films on a crystalline Cr2O3 template has been reported
[4–6]. This method requires, however, a low-temperature formation of
a crystalline Cr2O3 based layer to bemastered. However, in many cases
a low-temperature metastable γ-Al2O3 phase is formed only [14–20].

Besides these methods, the addition of selected elements into
Al2O3 film with selected elements seems to be also beneficial for the
decrease of Tcr of the α-Al2O3 phase. For instance, it has been already
found that the addition of Zr into HfO2 oxide with Zr decreases Tcr of
HfO2 due to strong crystallization tendency of ZrO2 [21]. The decrease
in Tcr can be expected also when Ti is added into Al2O3 oxide, see a
phase diagram of the TiO2–Al2O3 system displayed in Fig. 1. From this
figure it is clearly seen that the temperature separating amorphous
and crystalline materials, which is denoted as Tcr, decreases with the
increasing amount of the TiO2 phase in the mixture Al2O3+TiO2.

The main aim of our study was to stimulate crystallization of
Al2O3-based thin films by the addition of Ti as predicted by the phase
diagram for the bulk TiO2–Al2O3 system. To fulfil this goal a detailed
investigation of the structure, mechanical properties, and oxidation
resistance of reactively sputtered Al–Ti–O thin filmswith low and high
content of Ti was carried out.

2. Experimental

Al–Ti–O thin films were sputtered in an Ar+O2 mixture using an
unbalanced magnetron equipped with a composed target of 116 mm
in diameter and consisting of an Al (99.5%) plate of 100 mm in
diameter fixed with a Ti (99.99%) ring of inner diameter Øin Ti, see
Fig. 2.

The amount of Ti incorporated into the sputtered film was controlled
by the diameter Øin Ti of the hole in the Ti target. The magnetron was
supplied by a dc pulse asymmetric bipolar IAP 1010 power supply
operated at the repetition frequency fr=50 kHz, The average magnetron
current Ida was controlled by the pulse length τ. The following para-
meters – τ=7.5 μs, τ/T=0.375, t2=2.5 μs with Ud=+100 V, t1=t3=5 μs –

were used in our experiments, see Fig. 3a; T is the period of pulses. Real
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shapes of the discharge voltage Ud and current Id in the pulsed operation
as functions of time t are displayed in Fig. 3b and c. The difference in Ud

adjusted on the pulsed power supply (Fig. 3a) and the real time
development of Ud(t) in presence of discharge is due to a change of the
plasma impedance with time t.

Thefilmswere sputteredunder the following conditions: Ida=1–1.5A,
substrate-to-target distance ds–t=60mm, substrate biasUs=Ufl, substrate
temperature Ts ranging from 200 °C to 800 °C and the total pressure
pT=pAr+pO2=1 Pa; here Ufl is the floating potential. The films were
deposited onto polished and ultrasonically precleaned Si(100)
(35×5×0.4 mm3 and 15×15×0.4 mm3) and sintered polycrystalline
corundum Al2O3 substrates (10×10×0.5 mm3). Long stripes
(35×5×0.4 mm3) of Si(100) were used to measure the macrostress σ
generated in thefilmduring its growth frombendingof the Si(100) stripe
using the Stoney's formula [23].

The film thickness h and the substrate bending due to macrostress
were measured by a stylus profilometer Dektak 8 with a resolution
of 1 nm. The structure was determined by X-ray diffraction
(XRD) analysis using a PANalytical X'Pert PRO diffractometer work-
ing in the Bragg–Brentano configuration using Cu Kα radiation
(λ=0.1540562 nm). Some XRD measurements were performed also
in the glancing angle configuration at an incidence angle of 1°. The
elemental composition was determined by X-ray fluorescent spectro-
scopy (XRF) using a PANalytical XRF spectrometer MagiX PRO. The
mechanical properties, i.e. the microhardness H, effective Young's
modulus E⁎=E/(1−ν2), and elastic recovery We=Ae/At, were evaluated
from load vs. displacement curvesmeasured by a computer controlled
microhardness tester Fischerscope H 100 with a Vicker's diamond
indenter at load L=10 mN; here E and ν are the Young's modulus and
the Poisson's ratio, respectively, Ae is thework necessary for the elastic
deformation of the film and At is the total work done by the load

applied to the film. The oxidation resistance was measured in a
synthetic air with a flow rate of 1 l/h using a symmetrical high-
resolution Setaram thermogravimetric system TAG 2400. The oxida-
tion tests were carried out at 10 °C/min heating and 30 °C/min cooling
rate, respectively, on substrates coated only on one side. Thermo-
gravimetric curves corresponding to oxidation of the bare substrates
were subsequently subtracted and the resulting curves then

Fig. 1. Binary phase diagram of the TiO2–Al2O3 system [22].

Fig. 2. Schema of the composed target used in sputtering of thin Al–Ti–O films.

Fig. 3. Time evolution of voltage Ud without (a) and with (b) magnetron discharge and
current Id with magnetron discharge (c).

Fig. 4. Dependence of the oxygen partial pressure pO2 on the oxygen flow rate ϕO2

showing operation point A used in sputtering of the Al–Ti–O films and the hysteresis
effect in the reactive sputtering process. Sputtering conditions: Ida=1.5 A, Pda=600 W,
Us=Ufl, pO2=0.1 Pa, pT=1 Pa and ds−t=60 mm.
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characterized the oxidation resistance of pure films only, without any
substrate effects.

3. Results and discussion

Al–Ti–O films were reactively sputtered on the Si(100) substrates
held on floating potential in the oxide mode of sputtering, see Fig. 4.
The deposition rate aD of the Al–Ti–O films sputtered in the oxide
mode was quite low; aD≈4 nm/min.

3.1. Elemental composition

The elemental composition of Al–Ti–O films depends on four basic
parameters: (i) the geometry of a composed target and sputtering
yields of individual elements (γAl=1, γTi=0.57 [24]), (ii) the ion
bombardment of the growing film, (iii) the total pressure pT of the
sputtering gas, and (iv) the substrate temperature Ts. In our case,
when no substrate bias is applied, i.e. Us=Ufl, and a relatively high
total pressure pT=1 Pa is used, the elemental composition of a film is
not influenced by the ion and neutral particle bombardment. There-
fore, it should be influenced by the substrate temperature Ts only.
However, Fig. 5 shows that also Ts has a small effect on the elemental
composition. Consequently, the ratio Al/(Al+Ti), which is important for
the characterization of properties of the Al–Ti–O films, is controlled
only by the inner diameter Øin Ti of the Ti ring, see Table 1. A strong
decrease in the Ti content occurs when Øin Ti≥50 mm.

The results displayed in Fig. 5 show that the Al–Ti–Ofilms sputtered
at Øin Ti=35mm have an average elemental composition: 20 at.% Al, 12
at.% Ti and 68 at.% O. This elemental composition corresponds
to ∼41 mol% Al2O3. Due to problems with an exact determination of
oxygen the mol% of Al2O3 in the TiO2–Al2O3 system was determined
based on the measured ratio Al/(Al+Ti) only. According to the phase
diagram of the TiO2–Al2O3 system (Fig. 6), we can expect that an
Al2TiO5 intermetallic oxide should be formed, preferentially at high
temperatures T≥1200 °C.

3.2. Structure

The evolution of the structure of Al–Ti–O films, characterized with
XRD patterns, as a function of the substrate temperature Ts and the

amount of Ti in the films is displayed in Fig. 7. As can be seen, both of
these parameters strongly influence the film structure. The crystal-
linity of the Al–Ti–O film improves with the increasing amount of Ti
incorporated in the film. The Al–Ti–O films produced at lower values of
Ts are X-ray amorphous/nanocrystalline having a structure corre-
sponding tometastable cubic γ-Al2O3 (PDF-2, 4–880). The existence of
this structure was confirmed by glancing angle XRD measurements at
an incidence angle of 1°, see Fig. 8. Also, it is worthwhile to note that a
strong discontinuity at the vicinity of the Si reflection (around 68°)
seen in XRD patterns displayed in Fig. 7 is a general feature for single
crystals depending on the equipment settings.

On the contrary, the well-crystalline Al–Ti–O films with an
orthorhombic Al2TiO5 structure are deposited at higher values of Ts.
The Al2TiO5 aluminum titanate is formed, however, at temperatures Ts
considerably lower than 1200 °C as predicted by the phase diagram.
The temperature corresponding to the structural transformation
increases with the decreasing amount of Ti in the film. The Al–Ti–O
films with the amorphous/nanocrystalline γ-Al2O3 structure exhibit
almost two times higher microhardness, H=25–27 GPa, compared to
those with the Al2TiO5 one, see Fig. 7.

The crystalline structure of theAl–Ti–Ofilmswith the ratioAl/(Al+Ti)=
0.80 is demonstrated by XRD patterns measured from the films on the
substrate tilted at angle 2° compared to standard X-ray methodology,
see Fig. 9. The substrate tilting resulted in an elimination of a strong
reflection from the single-crystalline Si(100) substrate. However, this
experiment clearly shows that only the films sputtered at Ts≥600 °C are
crystalline with a γ-Al2O3(441) orientation. The films sputtered at
Tsb600 °C are X-ray amorphous. The temperature Ts necessary to form
the amorphous Al–Ti–O films decreases from 400 °C to 200 °C with the
increasing Ti content, see Fig. 7. This decrease in Ts is in a good qualitative
agreementwith thephasediagramof the TiO2–Al2O3 systemgiven in Fig.1.
However, it is worthwhile to note that values of Ts corresponding to the
transition from amorphous to crystalline Al–Ti–O films found in our
experiment are lower than those predicted by the phase diagram. We
believe that is due to a non-equilibrium film growth in reactivemagnetron
sputtering.

3.3. Mechanical properties

The microhardness H of Al–Ti–O films strongly depends on their
structure. Therefore, H strongly varies with increasing Ts and content
of Ti in the films. The hardness of the films with the Al2TiO5 structure

Fig. 5. Elemental composition of the thin Al–Ti–O films, sputtered at Ida=1.5 A, Us=Ufl,,
pO2=0.1 Pa, pT=1 Pa from the composed target with Øin Ti=35 mm, as a function of the
substrate temperature Ts.

Table 1
The ratio Al/(Al+Ti) and content of Al2O3 in the Al–Ti–O films sputtered from the
composed Al/Ti target with a different diameter Øin Ti

Øin Ti [mm] 35 50 60
Al/(Al+Ti) 0.58 0.61 0.80
Al2O3 [wt.%] 47 49 71
Al2O3 [mol%] 41 43 67

Fig. 6. Phase diagram of the TiO2–Al2O3 system showing a variation of the phase
composition with the increasing amount of Al2O3 and increasing temperature T [25].
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is considerably lower than those with the amorphous/nanocrystalline
γ-Al2O3 structure and achieves of about 10 GPa only, see Fig. 7. In some
cases the hardness of sputtered films can be affected by the
macrostress σ generated in the film during its growth. Therefore, a
correlation between H and σ was also investigated, see Fig. 10. The
interrelationship between H and σ shows that H is not determined
by σ; H does not vary with increasing Ts up to ∼700 °C while σ
continuously decreases in the same interval. The decrease in σ
with increasing Ts is due to the thermal relaxation of σ which
dominates with the increasing ratio Ts/Tm (0.41 and 0.46 for Al2O3 and
TiO2, respectively, at Ts=973 K; Tm Al2O3=2323 K, Tm TiO2=2113 K).
From Fig. 10 it is seen that a ∼1000 nm thick nanocrystalline Al–Ti–O
thin film with the γ-Al2O3 structure produced at Ts=700 °C exhibits a
high hardness H≈25 GPa and a quite low macrostress σ≈−2 GPa.

The decrease in σ correlates well with the increase in aD
with the increasing Ts, see Fig. 10b. Because the energy delivered
to a growing film by bombarding ions decreases with increasing aD
(E=(Up−Us)is/aD) [26] a reduced ion bombardment also contributes to
decrease of σ.

3.4. Oxidation resistance

A745 nm thick Al31Ti7O62 film sputtered atØin Ti=60mm, Ida=1.5 A,
Ud=400 V, Pda=600 W, Us=Ufl, Ts=700 °C, ds–t=60 mm, pO2=0.15 Pa,
pT=1 Pa and aD=3.5 nm/min was selected for the investigation of the
oxidation resistance. According to X-ray diffraction measurements the
as-deposited Al–Ti–O film is nanocrystalline with the γ-Al2O3

Fig. 7. Evolution of the structure and microhardness H of the Al–Ti–O thin films with the increasing substrate temperature Ts and Al2O3 content. Deposition conditions: Ida=1.5 A,
Us=Ufl, pO2=0.1–0.15 Pa and pT=1 Pa.

Fig. 8. GA-XRD pattern of an Al–Ti–O film with the ratio Al/(Al+Ti)=0.80 sputtered at
Øin Ti =60 mm and at Ts =400 °C.

Fig. 9. XRD patterns from the Al–Ti–O thin films with the ratio Al/(Al+Ti)=0.80
measured on the Si(100) substrate tilted at 2° as a function of the substrate temperature
Ts. Compare with the XRD patterns in Fig. 6c measured on the same films by the
standard X-ray methodology.
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structure. The structure of the film changes during thermal annealing
in a flowing air and consists of a mixture of rutile TiO2 and α-Al2O3

grains after increasing of the annealing temperature Ta up to 1300 °C,
see Fig. 11. The thermal annealing of the film results in almost
no change of the elemental composition but in a strong drop of
microhardness H, see Table 2.

The Al31Ti7O62 film sputtered on the Si(100) substrate exhibits
almost no increase in the mass Δm=0 mg/cm2 up to Ta≈1050 °C,
see Fig. 12. A negligible mass gain Δm≈0.002 mg/cm2 observed at
Ta=1100 °C rises with the increasing temperature up to Ta=1300 °C,
which is the temperature limit of the Si substrate. In order to in-
vestigate the oxidation resistance above 1300 °C, the film was
deposited onto a more heat-resistant substrate, the sintered corun-
dum Al2O3 substrate. As can be seen from Fig. 12, in this case no mass
change is observed up to Ta=1700 °C, which is the temperature limit of
our TG system operating in a flowing air. This result indicates that
the Al–Ti–O film was already fully saturated with oxygen after the
deposition.

It is important to emphasize that the oxidation of the backside of
substrates was always subtracted. Therefore, the increase of Δm of the
Al31Ti7O62 film deposited on the Si(100) substrate at TaN1050 °C, which
is similar to that of an uncoated Si(100) substrate (compare in Fig. 13),
indicates that the external atmosphere freely penetrates through the
film to the Si(100) surface and oxidizes it. This fact is also supported by
the zero mass gain of the Al31Ti7O62 film deposited on the corundum
substrate with a high oxidation resistance up to Ta=1700 °C. The
penetration of oxygen through the Al–Ti–O film can be connected with
the structural transformation from the cubic γ-Al2O3 phase to amixture
of rutile TiO2+α-Al2O3 phases. We believe that this phase transforma-
tion contributes to a formation of voids along grain boundaries allowing
theexternal atmosphere (oxygen) topenetrate along themto the surface
of a substrate. The same oxidation behavior was also found for an
Al19Ti14O67 film deposited at Ts=200 °C and Øin Ti=35 mm, see Fig. 13.

This experiment indicates that the protection ability of the
nanocrystalline Al–Ti–O film with the γ-Al2O3 structure is limited
by the transformation of the γ-Al2O3 phase into a mixture of rutile
TiO2+α-Al2O3 phases. Further study is, however, necessary to fully
understand the effect of the structure of the as-deposited Al–Ti–O
film on its protection ability.

4. Conclusions

Main results of the study can be summarized as follows.

1. Alloying of an Al2O3 film with Ti strongly influences its crystal-
lization temperature Tcr which decreases with increasing Ti content
in the Al–Ti–O film. This decrease in Tcr is in a good qualitative
agreement with the phase diagram of the TiO2–Al2O3 system.

2. The Al–Ti–O films have either an amorphous/nanocrystalline cubic
γ-Al2O3 structure when produced at lower values of Ts or a
crystalline Al2TiO5 structure when produced at higher values of Ts.
The amorphous/nanocrystalline Al–Ti–O films exhibit more than

Fig. 10. Evolution of (a) microhardness H vs. compressive macrostress σ (≤0), and (b) deposition rate aD vs. σ in the Al–Ti–O films with the increasing substrate temperature Ts.
Deposition conditions are the same as those given in the caption to Fig. 5.

Fig. 11. XRD pattern of an as-deposited 745 nm thick Al31Ti7O62 film on the Si(100)
substrate and that of the same film after thermal annealing in a flowing air to Ta=1300 °C.

Table 2
Elemental composition and microhardness of as-deposited (Ts=700 °C) and thermally
annealed (Ta=1300 °C) 745 nm thick Al–Ti–O films in a flowing air

Film Ti [at.%] Al [at.%] O [at.%] H [GPa]

As-deposited 7 31 62 25.5
Annealed 7 30 63 11.5

6068 J. Musil et al. / Surface & Coatings Technology 202 (2008) 6064–6069

39



two times higher microhardness (H=25–27 GPa) compared to
those with the Al2TiO5 structure (H≈10–14 GPa).

3. The nanocrystalline Al–Ti–O film with the γ-Al2O3 structure and
high hardness H≈25 GPa can be sputtered already at Ts≈200 °C if
Al / (Al+Ti)≥0.58. The temperature Ts is necessary for the produc-
tion of the Al–Ti–O film with H≈25 GPa, however, increases when
the amount of Ti in the film decreases.

4. The cubic γ-Al2O3 phase transforms into a mixture of rutile TiO2

+α-Al2O3 phases during thermal annealing above 1000 °C. This
transformation determines the thermal stability of as-deposited
crystalline Al–Ti–O films with the γ-Al2O3 structure and results in a
formation of voids along grain boundaries and a connection
between the substrate surface and external atmosphere.

5. The oxidation resistance of the as-deposited crystalline Al–Ti–O
film with a cubic γ-Al2O3 phase investigated on corrundum
(sintered Al2O3) substrate in flowing air is considerably higher
than 1700 °C.

In summary, we can conclude that the alloying of Al2O3 films with
Ti is a simple way to produce the crystalline-Al2O3 based coatings
thermally stable above 1000 °C. The excellent oxidation resistance of
hard Al–Ti–O films opens new application areas.
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The article reports on the evolution of the structure, mechanical properties and protection ability of 7 μm
thick Zr-containing SiO2 coatings during thermal cycling in air. The films were reactively sputtered from a
composed target (a Si plate fixed by a Zr ring with inner diameter ØinZr=20 mm) using a closed magnetic field
dual magnetron system operated in AC pulse mode. Main attention is devoted to the investigation of the
effect of the film structure on the thermal stability of the mechanical properties and the protection of
the substrate. Only the SiO2 film with a low content of Zr was investigated in detail. It was found that (1) the
Si31Zr5O64 film sputtered at the substrate temperature Ts=500 °C is amorphous, (2) the structure of
the Si31Zr5O64 film gradually changes during thermal annealing in air from the amorphous to that containing
a crystalline t-ZrO2 phase, (3) the t-ZrO2 phase is stable in wide range of Ta up to 1500 °C and no conversion
of the t-ZrO2 phase into the m-ZrO2 phase is observed during subsequent cooling to room temperature (RT),
(4) the hardness H and effective Young's modulus E⁎ of the Si31Zr5O64 film are thermally stable during
heating at temperatures ranging from the RT up to 1400 °C and (5) the Si31Zr5O64 film interacts with the
Al2O3 substrate forming a mixture of t-ZrO2+m-ZrO2+SiO2+Al6Si2O13 on the substrate surface at annealing
temperatures Ta≥1500 °C. Main issue of this investigation is the finding that the properties of a protective
coating do not change during thermal cycling as far the structure of a coating is unchanged during the
increase and decrease of the annealing temperature Ta.

© 2008 Elsevier B.V. All rights reserved.

1. Introduction

In recent years a great attention has been devoted to the
investigation of thermal stability of hard protective and functional
nanocomposite coatings with the aim to develop new advanced
coatings thermally stable at temperatures above 1000 °C [1–12]. Three
fundamental issues can be drawn from these investigations:

1. Properties of the coating vary in concert with the variation of its
elemental and phase composition. For instance, in the TM-Si–N
coating the amount of N strongly influences not only its phase
composition but also the stoichiometry x of TMNx transition metal
nitride; here x=N/TM. The amorphous TM-Si–N nanocomposite
coating with overstoichiometric TMNxN1 phase is thermally stable
to higher temperatures compared to that with substoichiometric
TMNxb1 phase. More details are given in references [9,12].

2. High-temperature protection function (HTPF) of best polycrystal-
line coatings does not exceed 1000 °C due to accelerated diffusion
of oxygen along grain boundaries. A small improvement in HTPF
can be achieved if grains are separated by a thin amorphous tissue
phase which prevents a penetration of external atmosphere along
grains.

3. Two new groups of amorphous coatings–(i) a-Si3N4/MeN silicon
nitride-based composites and (ii) Si–B–C–N composites–thermally
stable up to ~1500 and ~1700 °C, respectively, have been developed.
These amorphous coatings due to absence of grains (no diffusion of
oxygen fromanexternal atmosphere toa substrate) ensure anexcellent
protection of a substrate against oxidation up to a temperature of
~1500 °C, at which the coating material starts to crystallize. The
hardness H of these amorphous coatings exceeds 20 GPa, which is
sufficiently high for many applications being realized.

However, every amorphous structure converts first to the
nanocrystalline and later to crystalline when the operation tempera-
ture T achieves or exceeds the crystallization temperature Tcr of the
coatingmaterial. The crystallization process results in the formation of
coatings with new properties. Very important is also the fact that the
structure of a coating changes at temperatures T≥Tcr. The conversion
of one type of structure to another one is most dangerous for the
thermal stability of a coating because the change in the structure is
accompanied with the change of the volume of grains resulting in
cracking of a coating. That is a reasonwhy it is of a vital importance to
develop new material systems which ensure no transformation of the
coating structure in a wide temperature range, especially at
TN1000 °C.

Recent trends in the development of coatings which protect
substrates against oxidation at temperatures above 1000 °C are
summarized in Fig. 1. Crystalline coatings (Fig. 1a) enable the
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connection of an external atmosphere with a substrate along grain
boundaries and thus their protection ability is low. On the contrary,
amorphous coatings (Fig. 1b) exhibit the best protection of a substrate
against oxidation. The protection ability of an amorphous coating is,
however, limited by its complete crystallization. Therefore, nanocom-
posite coatings composed of a small amount of nanograins embedded
in an amorphousmatrix offer still a great potential in the protection of
substrates against oxidation. The nanograins are not in a mutual
contact, there is no direct connection between an external atmo-
sphere and a substrate (Fig. 1c), and still a good protection of a
substrate against oxidation is ensured above the crystallization
temperature of amorphous coatings. Moreover, the hardness of
these nanocomposite coatings is expected to be increased due to an
incorporation of nanograins.

The aim of this article is to demonstrate that (1) a coating with
nanocrystalline structure can also protect a substrate against oxida-
tion if there is no contact of an external atmosphere with a substrate
as shown in Fig. 1c and (2) it is possible to create a protective coating
thermally stable at annealing temperatures Ta above 1000 °C (no
change in its properties) as far as the crystalline structure of a coating
will not be changed to another one. The Si–Zr–O system was selected
for this experiment due to (i) chemical stability of SiO2 at high
temperatures and low price of Si and (ii) easy crystallization of
amorphous ZrO2 at around 500 °C. There are several papers which
have dealt with on the Si–Zr–O films [14–21]. However, no paper has
reported on the thermal stability of mechanical properties of the Si–
Zr–O coatings and an efficient protection of a substrate against
oxidation using this coating so far.

2. Experimental

The Si–Zr–O thin films were reactively sputtered in an Ar+O2mixture
using a closed dual magnetron equipped with a composed Si–Zr target
(Ø=50mm) consistingof a Si plate (Ø=28mm,4mmthick)fixedwith a Zr
(99.9%) ringof innerdiameterØin Zr=20mm.Themagnetronwasoperated
in AC pulse mode generated by a pulse power supply DORAMSS-10 with
maximum output power 10 kW. The repetition frequency fr of the pulses
was 2 kHz and theAC frequency inside pulseswas 56 kHz. Themagnetron
discharge current Idwas controlled by the duty cycle of 2 kHzpulses.More
details are given in reference [22]. TheSi–Zr–Ofilmswere sputteredunder
the following conditions: averaged discharge current Ida=1 A, averaged
discharge power P=1 kW, substrate bias voltage Us=Ufl, substrate
temperature Ts=500 °C, substrate-to-target distance ds−t=80 mm, partial
pressure of oxygen pO2=0.1 Pa and total pressure pT=pAr+pO2=1 Pa; here
Ufl is the floating potential. The films sputtered under these deposition
conditions have the following elemental composition: 31 at.% Si, 5 at.% Zr

and 64 at.% O. The 7 μm thick Si31Zr5O64 films were deposited on Si(100)
(30×5×0.4 mm3 and 10×10×0.4 mm3) and sapphire (10×10×0.5 mm3)
substrates with the deposition rate aD=100 nm/min.

The film thickness h was measured using a stylus profilometer
DEKTAK 8. The film structure was characterized using an XRD
spectrometer PANalytical X Pert PRO in Bragg–Brentano configuration
with CuKα radiation. The elemental composition was determined by
X-ray Fluorescence (XRF) spectroscopy with a PANalytical XRF
Spectrometer MagiX PRO. Mechanical properties were determined
from load vs. displacement curves measured by a microhardness
tester Fischerscope H100 with a Vicker´s diamond indenter at a load
L=20mN. The oxidation resistance was measured in flowing air (1 l/h)
using a symmetrical high-resolution Setaram thermogravimetric
system TAG 2400. The thermal annealing cycle consisted of two or
three steps, i.e. the heating from RT to a predetermined annealing
temperature Ta max and immediate cooling down RT or the heating
from RT to a predetermined annealing temperature Ta max, annealing
at of Ta max for selected annealing time ta and cooling down from Ta
max down to RT. The thermal cycles used in the oxidation tests of the
Si–Zr–O coatings/sapphire substrate couples are defined in Fig. 2 and
are denoted as “heating I”, “heating II” and “heating III”. The heating
and cooling rates were 10 and 30 °C/min, respectively. The repetition
of thermal annealing is called the thermal cycling. The measurements
of all parameters of as-sputtered and annealed Si–Zr–O films were
performed with accuracy better than 10%.

3. Results and discussion

3.1. Crystallization induced by thermal annealing

The as-sputtered Si31Zr5O64 films were thermally annealed (with
the temperature cycle “heating I”) to annealing temperatures Ta max

Fig. 1. Improvement of the oxidation protection (OP) of a substrate by changing of nanostructure of coating [9–13]. To our knowledge, Si–B–C–N coatings exhibit an amorphous
structure up to 1700 °C [12].

Fig. 2. Evolution of annealing temperature Ta with annealing time ta used in thermal
cycling of Si31Zr5O64 film/substrate couples.
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ranging from 900 up to 1700 °C. The Si31Zr5O64 films sputtered on the
Si(100) substrate were annealed to Ta=1300 °C only to avoid melting
of silicon (Tm Si=1420 °C). The Si31Zr5O64 films sputtered on the
sapphire substrate were annealed with maximum temperatures
between 1300 °C and 1700 °C. Fig. 3 displays the evolution of the
film structure, characterized with X-ray diffraction patterns measured
at room temperature (RT) after thermal annealing to a given Ta max.
Note that a new as-deposited Si31Zr5O64 film of the same (i) elemental
composition and (ii) thickness h was used for each annealing
experiment. Main results of these experiments can be summarized
as follows.

1. Nanocrystallization from amorphous phase starts above 900 °C,
when the t-ZrO2 phase crystallizes.

2. Small t-ZrO2 grains are detected at Ta max≈1000 °C. Intensities of X-
ray reflections from these grains are superposed on an X-ray
amorphous background and increase with increasing annealing
temperature Ta max. Low roughness of thermally annealed
Si31Zr5O64 films may indicate that ZrO2 grains are embedded in
an a-SiO2−x matrix.

3. After crystallization the Si31Zr5O64 film with the t-ZrO2 structure is
thermally stable (no conversion to m-ZrO2) in a wide range of
temperatures Ta max from RT up to 1500 °C.

4. The increase of intensity and the decrease of width of X-ray
reflections from the t-ZrO2 grains with increasing annealing
temperature Ta max indicate their growth. Also, a formation of
new t-ZrO2 grains after the decomposition of ZrSi2 grains very
probably contributes to the increase of X-ray reflections from the t-
ZrO2 grains. However, a separation of both effects on the increase of

the intensities of X-ray reflections, i.e. the growth of the t-ZrO2

grains and the rise of new ones, requires a more detailed
investigation which is out of scope of this paper and which will
be carried out in the near future. The growth of the intensities of X-
ray reflections from t-ZrO2 stops at ~1500 °C due to an interaction
between SiO2 from the film and the Al2O3 substratewhich results in
(i) a formation of Al5Si2O13 (3Al2O3·2 SiO2) mullite phase and (ii) a
strong increase of the surface roughness Ra at Ta≈1500 °C.

5. A mixture of t-ZrO2+m-ZrO2+Al6Si2O13+SiO2 phases is created on
the substrate surface at TaN1500 °C.

Obtained results indicate that no dramatic changes in properties of
the Si31Zr5O64 film should take place up to ~1500 °C because the film
exhibits no change in the t-ZrO2 structure up to ~1500 °C. The
correctness of this hypothesis was confirmed by measurements of
mechanical properties of the Si31Zr5O64 film after its thermal cycling.

3.2. Effect of annealing time on film structure

The time of thermal annealing ta can also influence the film
structure. Therefore, the Si31Zr5O64 film was thermally annealed with
1 cycle (“heating I”), 2 cycles (“heating I”+“heating II”) and 3 cycles
(“heating I”+“heating II”+“heating III”) as a function of the annealing
time ta at (i) Ta max=1400 °C (isothermal annealing) and (ii)
TaN1000 °C (the increase of Ta from 1000 °C to 1400 °C+isothermal
annealing at 1400 °C+the decrease of Ta from 1400 °C to 1000 °C as
defined in Fig. 2). The same test piece was used for each annealing
experiment. XRD patterns from the thermally annealed Si31Zr5O64 film
measured at RT are displayed in Fig. 4.

Fig. 3. Evolution of structure and roughness Ra of Si31Zr5O64 film with increasing maximum annealing temperature Ta max.
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Experimental data displayed in Fig. 4 show that thermal annealing
during thermal cycling up to themaximum temperature Ta max=1400 °C
results in a fast crystallization of the as-deposited Si31Zr5O64 film,
when the t-ZrO2 phase crystallizes initially and just after longer
exposure of the film to temperatures Ta≥1000 °C, in our case at
ta≥133 min, crystalline SiO2(111) grains are formed and their amount
in the film increases with increasing ta as indicated by an increasing
intensity of the SiO2(111) reflection.

3.3. Mechanical properties of Si31Zr5O64 film

The hardness H and effective Young´s modulus E⁎=E/(1−ν2) of the
Si31Zr5O64film sputtered on the sapphire substrate after annealing up to
Ta max=1400 °C as a function of the annealing time ta at TaN1000 °C is
displayed in Fig. 5; here E is the Young´s modulus and ν is the Poisson´s
ratio. The annealing time ta was increased by using 1 cycle (“heating I”,
ta=53 min), 2 cycles (“heating I”+“heating II”, ta=136 min) and 3 cycles
(“heating I”+“heating II”+“heating III”, ta=249 min). The thermally
annealed Si31Zr5O64 film exhibits a higher hardness (H≈10–11 GPa)

compared to that of the as-deposited amorphous Si31Zr5O64 film
(H≈8 GPa). This is due to a thermally induced conversion of the
amorphous structure to the crystalline one.

A main result of this experiment is the fact that the values of H and
E⁎ of the film thermally annealed at Ta max=1400 °C do not change
significantly with increasing annealing time ta as soon as the
nanocrystallization has taken place during heating to temperatures
above 900 °C. This is possible because Ta max=1400 °C is sufficiently far
away from the temperature Tsc at which one structure of the film
changes to another one. In our case the temperature Tsc at which the
structure conversion takes place is ~1500 °C. The nearness of Ta to Tsc
is very important for the thermal stability of the film properties
because the thermal stability of film properties decreases with
approaching temperature Ta to Tsc. This behaviour of the thermal
stability has been already demonstrated for the Al–Si–N films [22] and
is of great practical importance.

The measured values of H, E⁎ and the resistance to plastic
deformation characterized by the ratio H3/E⁎2 are summarized in
Table 1. The values of the ratio H3/E⁎2 of thermally annealed (with the
temperature cycle “heating I”) crystalline Si31Zr5O64 films are more
than two times greater than those of the as-deposited amorphous

Fig. 4. Evolution of the structure of the Si31Zr5O64 film on the sapphire substrate with increasing annealing time ta at (i) maximum temperature Ta max=1400 °C (isothermal
annealing) and (ii) TaN1000 °C (the increase of Ta from 1000 °C to 1400 °C+ isothermal annealing at 1400 °C+the decrease of Ta from 1400 °C to 1000 °C.

Fig. 5. Hardness H and effective Young's modulus E⁎ of the Si31Zr5O64 film on the
sapphire substrate after thermal cycling from RT to Ta max=1400 °C and back to RT in
flowing air as a function of annealing time ta at TaN1000 °C.

Table 1
Comparison of mechanical properties of as-deposited (Ts=500 °C) and thermally
annealed (with the temperature cycle “heating I”) 7 μm thick Si31Zr5O64 films sputtered
on the Si(100) and sapphire substrates

Ta max Substrate H E⁎ We H3/E⁎2

[°C] [GPa] [GPa] [%] [GPa]

As-deposited Si(100) 7.8 80 57 0.075
900 Si(100) 8.7 78 62 0.109
1000 Si(100) 9.8 77 68 0.160
1150 Si(100) 10.2 79 70 0.172
1200 Si(100) 10.2 77 71 0.178
1300 Si(100) 10.1 78 70 0.172
As-deposited Sapphire 8.1 81 58 0.081
1400 Sapphire 11.0 77 77 0.227
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Si31Zr5O64 films. A higher value of the ratio H3/E⁎2 indicates that the
conversion of the amorphous structure to the nanocrystalline or
crystalline one during heating to temperatures above 900 °C improves
the toughness of the film [23]. Now, it remains to show if the oxidation
resistance of the Si31Zr5O64 film/substrate couple is also influenced by
the conversion of the t-ZrO2 phase of the Si31Zr5O64 film to a mixture
of t-ZrO2+m-ZrO2+Al6Si2O13+SiO2 phases created on the substrate
surface at TaN1500 °C.

3.4. Oxidation resistance of Si31Zr5O64 film/substrate couple

The oxidation resistance of the Si31Zr5O64 film/substrate couple
was tested for two systems: (1) the Si31Zr5O64 film/Si(100) substrate
and (2) the Si31Zr5O64 film/sapphire substrate. Both substrates were
coated only on one side and oxidation of the uncoated backside of the
substrate was subtracted. The oxidation resistance is represented by
the change of mass Δm of the Si31Zr5O64 film/substrate couple after
thermal annealing to a maximum annealing temperature Ta max. The
system (1) was annealed to Ta max=1300 °C (a thermal limit of the Si
substrate) and the system (2) to Ta max=1700 °C (a thermal limit of the
Setaram thermogravimeter operated in air). Results of the measure-
ments of the oxidation resistance of these two systems in flowing air
are displayed in Fig. 6.

FromFig. 6 it is seen that the Si31Zr5O64 film/Si(100) substrate couple
exhibits no increase inmass (Δm=0mg/cm2), i.e. neither thefilmnor the
Si(100) substrate side underneath the film are oxidized in flowing air up
to Ta≈1300 °C (a thermal limit of the Si substrate). The Si31Zr5O64 film
sufficiently protects the Si(100) substrate against oxidation. The
Si31Zr5O64 film/sapphire substrate couple also exhibits no increase in
mass (Δm=0 mg/cm2) up to Ta≈1250 °C. The oxidation of the film/
sapphire substrate couple starts at around 1250 °C. A slow increase in
Δmwith increasing Ta is observed in the range from ~1250 to ~1550 °C
and a more rapid increase in Δm is observed at TaN1550 °C.

The Si31Zr5O64 films were sputtered at a high deposition rate
(aD=100 nm/min) in the transition mode of sputtering, i.e. at relatively
low values of partial pressure of oxygen when there is a deficiency of
atomic oxygen to form stoichiometric SiO2 oxide. This iswell known fact
in reactive sputtering of oxides. This means that the as-deposited
Si31Zr5O64 films are composed of the stoichiometric ZrO2 and sub-
stoichiometric SiO2−x due to preferential bonding of oxygen to Zr.
The stoichiometric ZrO2 phase is formed because of a higher negative
value of the heat of formation compared to that of the SiO2 phase:
ΔHZrO2=−1101.3 kJ/mol and ΔHSiO2=−910.9 kJ/mol. Based on these facts
it canbe concluded that the increase inΔmof the Si31Zr5O64film/sapphire
substrate couple is due to oxidation of substoichiometric SiO2−x oxide.

Also, it is worthwhile to note that the increase inmass at Ta≈1550 °C
is very low (Δm≈0.02 mg/cm2) and decreases with decreasing Ta.

4. Conclusions

The thermal stability of the structure and mechanical properties
and oxidation resistance of a reactively sputtered Si31Zr5O64 coat-
ing was investigated in detail. The main attention was concentrated
on the effect of high-temperature annealing on the interrelation-
ship between the structure and phase composition of the coating
and its (i) mechanical properties and (ii) ability to protect the
substrate against oxidation. Obtained results can be summarized as
follows:

The 7 μmthick Si31Zr5O64 coating reactively sputtered at the substrate
temperature Ts=500 °C with a high deposition rate aD=100 nm/min at
the substrate-to-target distance ds−t=80 mm is amorphous. During
annealing in air, its amorphous structure starts to nanocrystallize at
approximately 900 °C and the t-ZrO2 phase forms. The t-ZrO2 phase is
stable in awide range ofTa up to 1500 °C. The Si31Zr5O64 coating/sapphire
substrate couple is resistant to the thermal cycling (“heating I”+“heating
II”+“heating III”) up to Ta max≈1400 °C. No significant change inmechan-
ical properties of this coating was observed during annealing at
TaN1000 °C for up to 4 h as soon as a nanocrystalline structure formed
during initial heating above 900 °C. The Si31Zr5O64 coating/sapphire
substrate couple exhibits (1) almost zero oxidation (Δm≤0.02 mg/cm2)
up to 1500 °C due to the stability of the t-ZrO2 phase in a wide range of
Ta from ~900 to ~1500 °C and a small amount of Zr in the coating, and
(2) hardness H=10.5 GPa, effective Young's modulus E⁎=80 GPa and the
ratio H3/E⁎2=0.18 GPa.

The protection of a substrate against oxidation with the Zr-
containing SiO2 coating is fully comparable with that of amorphous a-
Si3N4/MeN coatings with a high (N50 vol.%) content of the Si3N4 phase.
However, a higher crystallization temperature Tcr of some oxides
compared to that of the Si3N4 nitride indicates that new nanocompo-
site coatings based on oxides with an efficient protection of the
substrate against oxidation in flowing air at temperatures above
1500 °C could be developed in the near future.

Based on the obtained results it can be expected that (1) the
properties of the hard protective coating will not change during
thermal cycling in air as far its structure is unchanged during
increasing and decreasing the annealing temperature Ta and (2) new
material systems exhibiting no change in the phase composition will
be developed if their elemental composition is correctly selected.
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Thermal stability of deposited Si–B–C–N materials (film fragments or powders without a substrate) in inert
gases (He and Ar) up to 1700 °C was investigated using differential scanning calorimetry, high-resolution
thermogravimetry and X-ray diffraction measurements. Amorphous Si–B–C–N films were fabricated by dc
magnetron co-sputtering of a single B4C–Si target in two nitrogen–argon gas mixtures (50% N2+50% Ar or
25% N2+75% Ar). It was found that the deposited Si–B–C–N materials can be more stable at high
temperatures in the inert atmosphere than the usually used substrates (e.g. SiC or BN). The materials with
the compositions (in at.%) Si32–33B10C2N50–51, for which N/(Si+B+C)=1.1–1.2, retained their amorphous
structure up to 1600 °C without any structural transformations and detectable mass changes.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

A crucial factor of many industrial sectors is the ability to operate
at high temperatures. For that reason, advanced high-temperature
materials with heat-resistant capabilities are being extensively
developed. Recently, amorphous Si–B–C–N materials have been
found to accomplish such demands due to their extraordinary high-
temperature stability and oxidation resistance (see, for example, [1–
5]). So far, the amorphous Si–B–C–N ceramics have been prepared by
thermolysis of polymeric precursors as a powder material [1–5] or by
coating technologies, including plasma-assisted chemical vapor
deposition [6,7] and reactive magnetron sputtering [8–16], as a
thin-film material.

Reactive magnetron sputtering allows one to operate at much
lower substrate temperatures in the absence of hydrogen-containing
precursors. Its further advantages are compatibility with semicon-
ductor and other high technologies and ease of scaling up to larger
substrate sizes.

In our previous papers, high oxidation resistance of Si–B–C–N films
in flowing air up to 1300–1350 °C [8,16], and even at temperatures
exceeding 1500 °C [13,14] has been reported. The Si–B–C–N films
prepared using optimized process parameters (B4C–Si target with a
75% Si fraction in an erosion area, 50% N2+50% Ar gas mixture, rf
induced negative substrate bias voltage of −100 V and substrate

temperature of 350 °C) retained their amorphous structure during
heat treatment in air up to 1700 °C. A relatively low mass gain
(b0.05 mg/cm2) measured at 1700 °C was caused by the growth of an
oxide surface layer, being composed mainly of Si and O with a B
content. The elemental composition of the Si–B–C–N bulk underneath
the oxide layer remained, however, unchanged [13].

Based on these results, the present paper deals with thermal
stability of Si–B–C–N films in inert gases. Our aim was to investigate,
by means of differential scanning calorimetry, high-resolution
thermogravimetry and X-ray diffraction measurements, the processes
occurring in the Si–B–C–N materials during their controlled heating
up to 1700 °C.

2. Experimental details

The Si–B–C–N films, selected for thermal stability investigations,
were deposited using reactive dc magnetron co-sputtering of silicon,
boron and carbon from a single B4C–Si target in nitrogen–argon
mixtures. The target was formed by a B4C plate (thickness of 6 mm)
overlapped by p-type Si stripes with fixed 25% B4C+75% Si fractions
in the target erosion area. The total pressure of 0.5 Pa was kept
constant during the depositions of all the films. Two different Ar
fractions (50% and 75%) in the gas mixture were used at fixed values
of the negative substrate bias voltage Vb=−100 V induced by an rf
generator operating at a frequency of 13.56 MHz, and of the substrate
temperature Ts=350 °C adjusted by an Ohmic heater. Moreover, the
films were prepared in a 50% N2+50% Ar gas mixture with the
substrate on a floating potential Vf=−34 V and Ts in the range from
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190 to 250 °C (without the heater). The values of the process
parameters for all the films investigated are summarized in Table 1.
For more details concerning the deposition process, see our previous
papers [8,10,13].

The thermal analysis of the films was carried out independently
using two devices. A Setaram Labsys DSC 1600 system was used for
differential scanning calorimetry (DSC) in flowing argon up to 1600 °C
and a symmetrical high-resolution Setaram TAG 2400 system for
thermogravimetry (TG) in flowing helium up to 1700 °C. The flow of
both inert gases was set to approximately 1 l/h. Dynamic heating was
performed with a heating and cooling rate of 40 and 40 °C min−1,
respectively, for DSC and 10 and 30 °C min−1, respectively, for TG.

To obtain a sufficient DSC signal and to exclude an influence of a
substrate, approximately 4 μm thickfilmswere deposited onto polished
andultrasonically pre-cleanedCu substrates (25×40×0.5 mm3),which
were subsequently chemically removed using nitric acid with a
concentration of 25%. After filtering, washing in water and drying,
freestanding film fragments were mechanically ground in an agate
mortar to provide a fine powder. An approximately 8 mg mass of the
powder was charged into a 100 μl alumina crucible covered with a lid
and used for each DSC measurement. The identical uncharged crucible
wasused as a reference. Each runwas immediately followedbya second
run under the same conditions to serve as a baseline.

To investigate mass changes during controlled heating in helium,
the films were deposited onto polished and ultrasonically pre-cleaned
single-crystalline SiC substrates, similarly as in case of our recent
oxidation tests in air [13]. Unfortunately, the thermal stability of the
SiC substrate during heating to 1700 °C in heliumwas insufficient due
to a mass loss above 1400 °C. Similar behavior was revealed also for
other (commercially available) pure non-oxide substrates, such as
pyrolytic BN, graphite, CVD-diamond,WC, tungsten or Mo (see Fig. 1).
The only substrate, which was resistant to the apparent degradation,
was sapphire. However, a problem related to this substrate was
connected with a mutual reaction between sapphire (Al2O3) and the
Si–B–C–N film. It resulted in the formation of an Al2Si8O7N8 ceramic
product at the substrate–film interface causing the film spallation. As
a consequence of these findings, we decided to carry out TG
measurements with only the freestanding film fragments (without
their grinding) removed from the Cu substrates. This fact excluded to
measure mechanical properties of the films after their cooling down.
The total mass of the film fragments inside a 100 μl alumina crucible
covered with a lid was about 1.5 mg for each TG measurement. The
measured values of the mass changes were expressed per the total
film surface area using known values of the film thickness and density.
The TG values corresponding to the measurement with an empty
alumina crucible under the same conditions, serving as a baseline,
were subsequently subtracted from the TG values of each measured
sample. The resulting curve represents the actual mass changes
occurring in the film during its heating.

X-raydiffraction (XRD)measurements of as-deposited and annealed
samples after their cooling down to a room temperature were carried
out on a PANalytical X´Pert PRO diffractometer working in Bragg-
Brentano configuration using Cu Kα radiation (λ=0.154187 nm). Data
were collected using an ultrafast detector X'Celerator with a scanning
step size of 0.02° and a counting time of 50 s per step.

The elemental composition of the films was determined by
Rutherford backscattering spectrometry (RBS) and elastic recoil
detection (ERD) methods. The Si, B, C, N, O and Ar contents were
measured by RBS, and the H content was assessed by ERD. The
accuracy of RBS is 1–2 at.% while that of ERD is approximately 0.1–
0.2 at.% [13].

Film hardness, reduced Young's modulus, and elastic recovery
were determined using an ultramicroindenter (Fischerscope H-100B)
according to the ISO 14577-1:2002 E standard. The measurements
were performed with a preset maximum load of 30 mN.

The film thickness and a bending of the silicon substrate after
deposition of the film, from which a residual macrostress was
determined using the modified Stoney's formula including the biaxial
modulus of the substrate, were measured by profilometry (Dektak
8 Stylus Profiler, Veeco).

3. Results and discussion

The elemental composition of the as-deposited Si–B–C–N films
investigated is presented in Table 2. As shown, the 50% Ar fraction in
the gas mixture results in the concentration ratio of N/(Si+B+C)=
1.1–1.2 in films I and II with a low (≤5 at.%) total content of hydrogen
and oxygen. The enlarged admixture (4 at.%) of hydrogen in the films
produced at Vs=Vf=−34 V and Ts=190–250 °C can be explained by
a reduced ion-induced and thermal desorption of hydrogen from the
surface of growing films. With the increased Ar fraction in the gas
mixture from 50 to 75%, the Si content in the films raised from 32 to
40 at.% due to an enhanced physical sputtering of silicon from the
composed B4C–Si target [8]. A high affinity of nitrogen for silicon in

Table 1
The Ar fraction in the gas mixture, the substrate voltage, Vs, and the substrate
temperature, Ts, used in depositions of the Si–B–C–N films investigated. Vb is the rf
induced negative substrate bias voltage and Vf is the floating potential.

Si–B–C–N film Ar fraction Vs (V) Ts (°C)

I 50% Vb=−100 V 350
II 50% Vf=−34 V 190–250
III 75% Vb=−100 V 350

Fig. 1. Thermogravimetric curves for various pure non-oxide substrates annealed in
helium up to 1700 °C at a heating rate of 10 °C min−1.

Table 2
The elemental composition (at.%) of the as-deposited Si–B–C–N films investigated.

Si–B–C–N film Si B C N H O Ar N
Si + B + C

I 32 10 2 51 2.4 2 0 1.16
II 33 10 2 50 4.0 1 0 1.11
III 40 11 2 43 1.4 2 1 0.81
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the deposited material led to a relatively weak decrease (from 51 to
43 at.%) in theN content in thefilms in spite of the substantial decrease
(2 times) in the N2 partial pressure in the discharge gas. Taking into
account practically constant contents of boron (10–11 at.%) and
carbon (2 at.%) in all the films, we obtain a significantly different
value of 0.8 for the N/(Si+B+C) concentration ratio in film III. The
different values of the N/(Si+B+C) concentration ratio in the films
produced under different experimental conditions (Table 1) do not
cause substantial changes in the values of film hardness (22–24 GPa),
reduced Young's modulus (164–191 GPa) and elastic recovery (72–
74%) at a low compressive stress (0.6–1.0 GPa) in the films.

DSC analysis of the Si–B–C–N films provides information about
changes occurring in the structure of the materials during their
heating. Such changes are detected as exothermic or endothermic
reaction peaks on the DSC curves due to crystallization, phase
transformation, melting or other processes in materials. The measure-
ments performed for three Si–B–C–N samples are displayed in Fig. 2 as
two successive runs for each sample. As can be seen, there is no peak
corresponding to any reactions occurring during the heating to
1600 °C for films I and II deposited in the 50% N2+50% Ar gasmixture.
The results indicate that the structure of these films retains its
amorphous state without any pronounced changes. Such expectation
was confirmed by the XRD measurements of the samples before and
after annealing. The XRD patterns of the samples are given in Fig. 3.
Both films I and II are characterized by very broad peaks with the
corresponding values of 2θ between 20° and 40°, which indicate the
amorphous state of the Si–B–C–N films before and after annealing.
Two practically negligible XRD peaks, which can be recognized in the
patterns at the positions of 26.65° and 28.41°, are assigned to silicon
dioxide (quartz) and silicon [17], respectively. The Si (111) peak
originates from a low-background substrate holder used in the X-ray
diffractometer for the fixation of the sample, and the SiO2 (101) peak
is present as a consequence of a very low contamination, being
introduced by grinding of the film fragments in an agate mortar.
Although agate is a highly abrasive resistant and inert material
minimizing the contamination during sample grinding in the mortar,
an absolute elimination of the SiO2 impurities is practically impossi-
ble. The presence of the SiO2 crystallites, however, does not influence
the behavior of the Si–B–C–N films during annealing at all.

The thermal stability of the Si–B–C–N film III deposited with the
75% Ar fraction in the gas mixture, Vb=−100 V and Ts=350 °C is
quite different from those of films I and II, as seen in Figs. 2 and 3.
During the annealing, several exothermic reaction processes take
place leading to a DSC signal with some overlapping peaks (run 1 in
Fig. 2). These reactions, which are detected just above 1250 °C, result
in crystallization of the amorphous structure of film III as evidenced
from the XRD after the annealing to 1600 °C (see Fig. 3). Dominant X-
ray diffraction peaks belong to the crystalline phases, identified as α-
Si3N4, Si and β-Si3N4 according to the JCPDS database [17].

To relate the individual reactions in the film during annealing to
evolution of its material structure, a more detailed investigation was
carried out. The film was heated up to various characteristic
temperatures in order to separate an effect of the individual reactions
detected on the DSC curve in Fig. 4. Each DSC measurement was done
with a new charge of the film material and after its cooling down the
XRD was used to analyze changes in the material structure. As seen

Fig. 2. DSC curves, including two successive runs, for the Si–B–C–N films in the form of
powders (~8 mg) annealed in argon up to 1600 °C at a heating rate of 40 °C min−1.

Fig. 3. XRD patterns taken from the Si–B–C–N film powders in as-deposited state and
after the DSC measurements in argon up to 1600 °C.

Fig. 4. A detail of the DSC curve for the Si–B–C–N film prepared at 75% Ar fraction in the
gas mixture, substrate bias voltage of −100 V and substrate temperature of 350 °C.
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from the XRD patterns in Fig. 5, amorphous state of film III (deposited
at the 75% Ar fraction in the gas mixture, Vb=−100 V and
Ts=350 °C) is retained up to 1230 °C when the heat flow signal
starts to grow up, resulting in appearance of the first exothermic peak.
This peak is assigned to crystallization of the α-Si3N4 phase, as
evidenced in the pattern acquired after cooling down from the
corresponding temperature of 1270 °C. The low reaction peak for
1300 °C in Fig. 4 is related to crystallization of pure Si (see Fig. 5). At
least up to 1365 °C there are no other reaction peaks on the DSC curve,
which would correspond to changes in the film structure. However,
further increase in the temperature leads to structural changes in the
Si–B–C–N material. The last exothermic peak in Fig. 4 corresponds to
the formation of new phases in the film material. The narrower
reflection lines in the pattern taken from the Si–B–C–N film powder
after its cooling down from 1430 °C (see Fig. 5) have been identified as
reflections of the β–Si3N4 phase, while the broader peak with the
value of 2θ ranging from 24° to 27° is usually ascribed in the literature
to semi-crystalline disordered turbostratic boron nitride (t-BN) [18–
20] or carbonitride (t-BCN) [21,22], or graphite [23,24]. Due to the low
content of carbon in our film, we believe that this peak is related to the
presence of the t-B(C)N phase. As shown in Figs. 4 and 5, no further
structural changes have been observed in this material during the
heating up to 1600 °C.

Besides the DSC analysis, all of the Si–B–C–N films were subjected
to TG measurement monitoring changes in their mass during
annealing up to 1700 °C (see Fig. 6). The TG tests were carried out
in helium having a lower atomic mass than argon and thus enabling
one to reduce a TG signal noise. This results in a higher instrument
accuracy. As shown in Fig. 6, no mass changes are observed up to
approximately 1400 °C for all the films. Films I and II, deposited with
the 50% Ar fraction in the gasmixture, exhibited a higher stability than
film III prepared with the 75% Ar fraction. The onset of the
corresponding mass losses, caused probably by a partial release of
nitrogen from the films, started just above 1580 °C and 1500 °C,
respectively. The mass changes in film III can be also related to

evaporation of pure silicon (Tmelt=1414 °C) from the film material.
The signal from Si was detected by the XRD (see Figs. 5 and 7) and also
by DSC in the run 2 as the endothermic peak corresponding to the
melting of silicon (see Fig. 2). Let us recall that the lower mass of
1.5 mg for each sample was used during the TG measurements to
suppress a possible intensive evaporation of Si at the highest
temperatures, leading to a reaction with the PtRh 6%–PtRh 30%
thermocouple used, causing its destruction.

Fig. 7 shows the XRD patterns taken from the samples after their
TG analyses to 1600 °C and 1700 °C. Comparing Figs. 3 and 7, we can

Fig. 5. XRD patterns taken from the Si–B–C–N films prepared at 75% Ar fraction in the
gas mixture, substrate bias voltage of−100 V and substrate temperature of 350 °C, and
annealed as powders in the DSC instrument to various temperatures being defined in
Fig. 4.

Fig. 6. Thermogravimetric curves for the Si–B–C–N films in the form of fragments
annealed in helium up to 1700 °C at a heating rate of 10 °C min−1.

Fig. 7. XRD patterns taken from the Si–B–C–N film fragments after the TG
measurements in helium to 1600 °C and 1700 °C.
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conclude that there are no differences in the structures of the
corresponding film materials after their annealing in argon and
helium, respectively, to 1600 °C. Films I and II, deposited with the 50%
Ar fraction in the gas mixture, remain amorphous without any XRD
peaks (the existence of the peaks at the positions of 26.65° and 28.41°
has been clarified earlier), whereas film III deposited with the 75% Ar
fraction is crystalline with the same phase composition in both cases.
The increase of the annealing temperature to 1700 °C (see Fig. 7)
leads, however, to a change in the structure of films I and II. Both the
films are characterized by crystallization of theα-Si3N4 phasewhich is
the only phase detected. The crystallization is, however, very poor and
most of the film volume remains still amorphous. This is clearly seen
from comparison of the XRD patterns of films I and II after the
annealing to 1700 °C with that of film III which unambiguously
contains well-crystallized Si and β-Si3N4 in addition to the α-Si3N4

phase. The phase composition of film III is maintained almost
unchanged with raising the annealing temperature from 1600 to
1700 °C, but the intensities of all XRD peaks coming from Si and α-
Si3N4 change. The intensities of the Si reflections increase, whereas
the intensities of the α-Si3N4 reflections drop. This fact indicates a
break up of Si–N bonds in the α-Si3N4 phase (not in β-Si3N4) and a
release of some nitrogen from the film. Another interesting fact is
disappearance of the broad peak, located around 25° after the
annealing to 1600 °C, with the increase in the temperature to
1700 °C. The peak is assigned to the disordered turbostratic t-B(C)N
phase discussed earlier. It is well known that the disordered semi-
crystalline structures are transformed to those of a higher order with
increasing the annealing temperature. Hence, the disappearance of
this broad peak is likely connected with an increase in the intensity of
a peak located at 26.71°, being close to the position of the reflection
(002) from the hexagonal boron nitride h-BN (26.76°) according to
the JCPDS database [17]. Some of the XRD peaks remain still
unidentified. We believe that they do not originate in the film but in
a reaction of the released nitrogen with the corundum crucible used.
Further investigations are being in progress.

Calculated bonding structures corresponding to the compositions of
the Si–B–C–N films deposited with the 50% and 75% Ar fractions in the
gasmixture are presented in Fig. 8 to understand significant differences
in high-temperature behavior of the materials. Fundamentals of the ab
initio molecular-dynamics simulations used are described in Ref. [25].
As shown in Fig. 8, a sufficiently high N/(Si+B+C) concentration ratio
in films I and II deposited with the 50% Ar fraction in the gas mixture
leads toapreferential bondingof Si, B andCatomswithNatomsandalso
to a substantial (more than 2.5 times) reduction in abundance of Si–Si

bonds. Taking into account the simulated bonding statistics, crystalli-
zation of film III preparedwith the 75% Ar fraction is probably caused by
a relatively high population of the Si–Si bonds within the Si–B–C–N
network. This is because the Si–Si bonds become unstable as
temperature approaches the melting point of Si (1414 °C), favoring
the diffusion of Si atoms in the volume which probably results in the
formation of new, more stable bonds and in crystallization of the
material. As a consequence, the stability of such material toward
thermal decomposition is lower.

In addition to higher Si/C concentration ratios and incorporation of
boron in the amorphous Si–B–C–N material [25], a sufficiently high
value of the concentration ratio N/(Si+B+C)≥1 in the material is
needed to achieve its high stability at elevated temperatures.

4. Conclusions

Thermal stability of deposited Si–B–C–Nmaterials (film fragments
or powders without a substrate) was investigated using differential
scanning calorimetry in argon up to 1600 °C, high-resolution
thermogravimetry in helium up to 1700 °C and X-ray diffraction
measurements. Amorphous Si–B–C–N films were fabricated by dc
magnetron co-sputtering of a composed B4C–Si target in two different
nitrogen–argon gas mixtures (50% N2+50% Ar or 25% N2+75% Ar). It
was shown that the deposited Si–B–C–Nmaterials can be more stable
at high temperatures in the inert atmosphere than the usually used
substrates (e.g. SiC or BN). The films with the compositions (in at.%)
Si32–33B10C2N50–51, for which N/(Si+B+C)=1.1–1.2, retained their
amorphous structure up to 1600 °C without any structural transfor-
mations and detectable mass changes. A slight crystallization started
to develop just above this temperature. The films with the
composition Si40B11C2N43, for which N/(Si+B+C)=0.8, started to
crystallize at about 1250 °C and the onset of its mass losses was
observed at 1400 °C. In addition to higher Si/C concentration ratios
and incorporation of boron in the amorphous Si–B–C–Nmaterial [25],
the N/(Si+B+C) concentration ratio seems to be a key parameter in
the preparation of Si–B–C–N films with an extraordinary thermal
stability.
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a b s t r a c t

The paper reports on thermal stability of alumina thin films containing �-Al2O3 phase and its conversion
to a thermodynamically stable �-Al2O3 phase during a post-deposition equilibrium thermal annealing.
The films were prepared by reactive magnetron sputtering and subsequently post-deposition annealing
was carried out in air at temperatures ranging from 700 ◦C to 1150 ◦C and annealing times up to 5 h
using a thermogravimetric system. The evolution of the structure was investigated by means of X-ray
diffraction after cooling down of the films. It was found that (1) the nanocrystalline �-Al2O3 phase in the
films is thermally stable up to 1000 ◦C even after 5 h of annealing, (2) the nanocrystalline �-Al2O3 phase
was observed in a narrow time and temperature region at ≥1050 ◦C, and (3) annealing at 1100 ◦C for 2 h
resulted in a dominance of the �-Al2O3 phase only in the films with a sufficient thickness.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

Alumina (Al2O3) is an electrically and thermally insulating
ceramic material which exhibits excellent chemical inertness, and
high optical transparency. It occurs in several transient metastable
(�, �, �, �, �, and �) phases and one thermodynamically stable
� phase with high melting point (2047 ◦C) [1] and relatively high
hardness (21 GPa) [2]. The number of metastable phases occurring
with increasing annealing temperature up to the formation of the
stable �-Al2O3 phase and the temperature range of their existence
depend on both the composition and the structure of the initial
material (diaspore, gibbsite, tohdit, boehmite, bayerite) [3]. The
lowest formation temperature of the �-Al2O3 phase (700–800 ◦C)
is achieved for the diaspore which possesses almost perfect hcp
structure as �-Al2O3.

In recent years, a great effort has been devoted to the depo-
sition of thin ceramic films with the thermodynamically stable
�-Al2O3 phase at low substrate temperatures Ts < 700 ◦C. The indus-
try demands to deposit wear-resistant �-Al2O3 coatings on cutting
tools made of high-speed steel which does not allow exceed 550 ◦C
due to its thermal degradation. The deposition of �-Al2O3 thin films

∗ Corresponding author at: Department of Physics, Faculty of Applied Sciences,
University of West Bohemia, Univerzitní 22, Plzeň 306 14, Czech Republic.
Tel.: +420 377632200; fax: +420 377632202.

E-mail address: musil@kfy.zcu.cz (J. Musil).

at low temperatures is also needed in other applications, e.g. in the
depositions of coatings on heat-sensitive substrates.

Based on the processing of the bulk �-Al2O3 material three
ways to produce thin ceramic films with the �-Al2O3 phase at
reduced temperatures have been proposed and tested: (1) the for-
mation of �-Al2O3 films at low substrate temperatures Ts ≤ 700 ◦C
under ion bombardment of the growing film [4], (2) the epitaxial
growth of �-Al2O3 thin films on a Cr2O3 template which crystal-
lizes isostructurally to the �-Al2O3 phase with less than 5% in the
lattice mismatch [5–8], and (3) the formation of Al–Me–O systems
in which selected metals Me are added, e.g. Cr forming (Cr,Al)2O3
solid solution [9–12].

For the fabrication of the �-Al2O3 thin ceramic films different
deposition methods are used: (1) chemical vapor deposition (CVD)
from gas phase [13–17], (2) evaporation from a melted Al mate-
rial [4,18–20], and (3) sputtering of a solid Al target [5,21–34]. It
was found that formation temperatures of individual Al2O3 phases
depend not only on the substrate temperature Ts used in the depo-
sition of the Al2O3 films but also on the energy delivered to the
growing film by bombarding ions and condensing atoms. This
energy is determined by many process parameters which decide
on the Al2O3 crystallization. Therefore it is difficult to compare
experimental data obtained in different experimental devices.

The �-Al2O3 phase can be synthesized at a relatively low sub-
strate temperature Ts ≤ 550 ◦C. However, the formation of �-Al2O3
requires deliver a sufficient amount of energy to the growing alu-
mina film or an additional energy during post-deposition thermal

0169-4332/$ – see front matter © 2010 Elsevier B.V. All rights reserved.
doi:10.1016/j.apsusc.2010.07.107
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Fig. 1. (a) Electrical connection of dual magnetron system to the floating power supply and (b) characteristic waveforms of discharge voltage Ud(t) and current Id(t) used in
the deposition of Al2O3 thin films.

annealing. The ion bombardment (non-equilibrium process) is usu-
ally used to deliver the energy during the growth of the film and
the heating (equilibrium process) is used to transform metastable
Al2O3 phases to �-Al2O3 during the post-deposition annealing.
To convert the �-Al2O3 to �-Al2O3 phase an activation energy of
546 kJ/mol has been reported [35].

Although the deposition of the �-Al2O3 films at low sub-
strate temperature has already been achieved there are still many
open questions as to the formation and thermal stability of the
metastable polymorphs of alumina. Thermal stability of metastable
Al2O3 phases such as �-Al2O3 [16,36], �-Al2O3 [36–38] and an
amorphous Al2O3 phase [37,38] has been investigated in detail.
It was found that (1) the metastable Al2O3 phases convert to the
stable �-Al2O3 phase during thermal annealing between 1000 ◦C
and 1100 ◦C [16,36–40], (2) different metastable phases are formed
during thermal annealing depending on the structure of the
as-deposited film [37,38], and (3) the �-Al2O3 phase nucleates pref-
erentially at film defects and crack network [16].

Despite a lot of information on the deposition process and prop-
erties of alumina films the isothermal aspect of thermal stability of
the metastable phases is often missing. The aim of this article is to
synthesize crystalline �-Al2O3 films using dual magnetron sput-
tering and to investigate thermal stability of these films during
post-deposition thermal annealing in air at various annealing tem-
peratures and, especially, at various annealing times. The influence
of the film thickness on the �- to �-Al2O3 transformation is also
discussed.

2. Experimental

The Al2O3 films were reactively sputtered in an Ar + O2 mixture
using a dual magnetron system (DMS) consisting of two mag-
netrons in the closed magnetic field configuration, each tilted to
the vertical at an angle of 20◦ and equipped with Al targets (99.5%
purity) of diameters of 50 mm. The dual magnetron system was
supplied by a DC pulse power supply RMP-10 (Hüttinger Electronic)
in the bipolar mode at a repetition frequency of 20 kHz. The power
supply was floating (not grounded). The electrical connection of the
DMS to the power supply and the characteristic voltage Ud = f(t) and
current Id = f(t) waveforms are given in Fig. 1.

The Al2O3 films were reactively deposited on Si(1 0 0) substrates
(20 mm × 20 mm × 0.38 mm and 20 mm × 5 mm × 0.38 mm) in the
oxide mode of sputtering. The following deposition conditions
were used: the discharge current Ida = 3 A, the target power den-
sity Wta = 42 W/cm2 averaged over the negative voltage pulse,
the substrate temperature Ts = 500 ◦C, substrate held at the float-
ing potential Ufl, the substrate-to-target distance ds–t = 110 mm,
the oxygen partial pressure pO2 = 0.2 Pa and the total pressure
pT = 1.5 Pa.

Measurements of thermal stability of the Al2O3 films during
the post-deposition thermal annealing in air were carried out at
temperatures ranging from 700 ◦C to 1150 ◦C and annealing times
up to 5 h using a Setaram thermogravimetric system TAG 2400
with a heating rate of 10 ◦C/min and a cooling rate of 30 ◦C/min.
The thickness of the films and the macrostress � generated in
them were measured by a stylus profilometer Dektak 8. The
macrostress � was evaluated from the bending of a thin Si plate
(20 mm × 5 mm × 0.38 mm) using the Stoney’s formula. The struc-
ture of the films was characterized by the glancing incidence X-ray
diffraction (GIXRD) at an incident angle of 0.75◦ using a PANalytical
X’Pert PRO diffractometer. The surface morphology of the films was
observed by an optical microscope. The elemental composition of
the films was measured by a PANalytical wavelength dispersive X-
ray fluorescence (WDXRF) spectrometer MagiX PRO equipped with
a 4 kW Rh-target X-ray tube, analytical software SuperQ v4.0 used
for data collection and FP-MULTI software used for calibration and
data analysis. A pure solid-state Al2O3 sample was used as a calibra-
tion standard. Analytical results for element concentrations were
obtained with a relative accuracy of 10% compared to RBS analysis
of selected samples. Mechanical properties of the Al2O3 films were
determined from the load vs. displacement curves measured by a
Fischerscope H100 microhardness tester with the Vicker’s diamond
indenter at a load of 10 mN.

3. Results and discussion

To investigate thermal stability of alumina films containing the
�-Al2O3 phase ∼300 nm and ∼1200 nm thick films were reactively
deposited in the oxide mode of sputtering on the Si(1 0 0) sub-
strates held at the floating potential and the substrate temperature
Ts = 500 ◦C with the deposition rate aD ≈ 5 nm/min. The elemen-
tal composition of the films, characterized by the atomic ratio
Al/O = 37.6/62.3 = 0.60, was found to be close to the stoichiometric
composition within the accuracy of the WDXRF method applied.
The GIXRD analysis revealed that the as-deposited films are char-
acterized by three broad peaks with maxima located at 2� ≈ 37.5◦,
46◦ and 67◦, see Figs. 2 and 3. These maxima indicate that the films
contain small �-Al2O3 nanograins with the (3 1 1), (4 0 0) and (4 4 0)
orientations. No other crystalline phases were detected in these
films. This finding, however, does not exclude that some amount of
an amorphous alumina phase can be present in the films besides
nanocrystalline �-Al2O3. Furthermore, both the ∼300 nm thick and
the ∼1200 nm thick films are characterized by a relatively low
compressive macrostress � ≈ −1.0 GPa and −0.5 GPa, respectively.
Hardness H = 13 GPa, effective Young‘s modulus E* = 140 GPa and
elastic recovery We = 65% are typical values of these as-deposited
alumina films with the thickness h ≈ 1200 nm. The measured value
of hardness is higher than that reported for completely amorphous
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Fig. 2. GIXRD patterns of ∼1200 nm thick Al2O3 films as a function of the annealing
temperature Ta at a constant annealing time ta = 5 h. Peaks denoted as ‘s’ and ‘h’ are
reflections from the substrate and substrate holder, respectively.

alumina films (7–9 GPa [41], 9–10 GPa [42], 10 GPa [37]) but is con-
currently lower than that reported for highly crystalline or textured
�-Al2O3 films (17–20 GPa [41], 20 GPa [42]). This indication points
out that our as-deposited films may contain amorphous alumina
as well. Unfortunately, transmission electron microscopy, being
able to identify an amorphous phase unambiguously, could not be
carried out in this study.

3.1. Effect of annealing temperature on the structure evolution

Thermal stability of the alumina films containing the nanocrys-
talline �-Al2O3 phase and the temperature, at which this
metastable phase converts to the thermally stable �-Al2O3 phase,
were studied in the ∼1200 nm thick films. The as-deposited films
were thermally annealed to different values of the annealing tem-
perature Ta ranging from 700 ◦C to 1150 ◦C for a duration of 5 h to
determine the evolution of the film structure with increasing Ta.
Results of this experiment are summarized in Fig. 2.

From Fig. 2 it is seen that (i) with increasing Ta the number
of nanograins with the (3 1 1), (4 0 0) and (4 4 0) crystallographic
orientations slightly increases and new nanograins of the �-Al2O3
phase with the (2 2 0) and (2 2 2) orientations appear, (ii) the first �-
Al2O3 nanograins crystallize during annealing at Ta ≈ 1050 ◦C and
simultaneously the reflections of the metastable �-Al2O3 phase are
detected, (iii) the films annealed at Ta ≈ 1100 ◦C are composed of
a mixture of large �-Al2O3 grains and small �-Al2O3 nanograins,
and (iv) alumina films with a well-crystallized �-Al2O3 phase are
formed at Ta = 1150 ◦C. The formation of alumina films with a pure
�-Al2O3 phase at Ta = 1150 ◦C agrees well with data reported by
other authors [35,38]. The formation of the �-Al2O3 phase during
thermal annealing has already been reported by Eklund et al. [38]
for films which besides the �-Al2O3 phase contained also an addi-

tional amorphous phase in the as-deposited state. Edlmayr et al.
[37] observed the formation of the �-Al2O3 phase during thermal
annealing of the films with the similar as-deposited structure but
they could not absolutely exclude also the formation of the �-Al2O3
phase due to the similar JCPDS standard peak positions.

The most important finding of our experiment is the fact that the
alumina films containing the nanocrystalline �-Al2O3 phase can be
reactively sputtered already at Ts = 500 ◦C and are thermally stable
up to ∼1000 ◦C for the 5 h annealing.

3.2. Effect of annealing time on the structure evolution

For the structure conversion not only the magnitude of Ta

but also the annealing time ta is of a key importance. There-
fore, the evolution of the structure of the sputtered alumina films
was investigated in detail as a function of the annealing time.
The thermal annealing of the thicker (∼1200 nm) and the thinner
(∼300 nm) alumina films with the �-Al2O3 phase was performed at
Ta = 1100 ◦C when a strong crystallization of the �-Al2O3 phase of
the thicker films occurs (see Fig. 2). Obtained results are displayed
in Fig. 3.

Fig. 3 clearly shows that the annealing time ta strongly influ-
ences the structure of the alumina films at the temperature
Ta = 1100 ◦C, which is close to that corresponding to the � → � tran-
sition. The heating to 1100 ◦C and immediate cooling down to room
temperature (ta = 0 h) does not significantly affect the structure of
both as-deposited films (Fig. 3a and b). On the other hand, the
annealing for ta ≥ 1 h leads to a formation of the thermally sta-
ble �-Al2O3 phase. These changes are more pronounced for the
thicker (∼1200 nm) films in which the structure is �-Al2O3 domi-
nant already after ta = 2 h. In case of the thinner films (∼300 nm) the
intensities of the reflections assigned to �-, �- and �-Al2O3 phases
are roughly comparable even after ta = 5 h, which indicates that the
crystallization rate of the thinner films is slower than that of the
thicker ones but the lower intensities of the reflections due to a
smaller irradiated film volume must also be taken into account.

Similar phenomenon has been observed in the investigation of
the crystallization of TiO2 films when the intensities of reflection
peaks increased considerably slower in thinner films compared to
thicker ones during thermal annealing [43]. Moreover, the evolu-
tion of the structure of the thicker alumina films with increasing
ta (Fig. 3a) shows that the nanocrystalline Al2O3 films can be com-
posed of a mixture �- and �-Al2O3 nanograins in a narrow interval
of ta at a given value of Ta. The narrow interval of the co-existence
of the nanocrystalline �- and �-Al2O3 phases in sputtered alumina
films can be probably a reason for a different phase composition of
Al2O3 films reported in literature.

3.3. Film cracking during thermal annealing

The surface morphology of the ∼1200 nm thick alumina films in
the as-deposited state and after the thermal annealing at Ta = 900 ◦C
and Ta = 1100 ◦C for ta = 5 h is shown in Fig. 4. As can be seen from
Fig. 4a the surface of the as-deposited films exhibits no visible
defects. The annealing at 900 ◦C (Fig. 4b) results, however, in the
occurrence of parallel cracks in the films. Since no phase transfor-
mations are observed at this value of the annealing temperature
(see Fig. 2) these cracks arise most likely as a consequence of
increasing thermal stresses due to different thermal expansion
coefficients of the film ˛f and the substrate ˛s. The annealing at
1100 ◦C leads to the formation of a denser crack network which
can be attributed to the conversion of the �-Al2O3 phase into
the �-Al2O3 phase having a different mass density (��-Al2O3

=
3.62 g/cm3 vs. ��-Al2O3

= 3.99 g/cm3) [44]. These cracks are of
random directions in contrast to those in Fig. 4b. The film
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Fig. 3. GIXRD patterns of (a) thicker (∼1200 nm) and (b) thinner (∼300 nm) Al2O3 films as a function of the annealing time ta at a constant annealing temperature Ta = 1100 ◦C
(ta = 0 h denotes the increase of the annealing temperature to 1100 ◦C and immediate cooling down to RT).

Fig. 4. Photographs of the surface morphology of ∼1200 nm thick Al2O3 films (a) in the as-deposited state and after thermal annealing at (b) 900 ◦C and (c) 1100 ◦C for 5 h.
Scales are given in 	m units.

cracking caused by the phase conversion occurs just at temper-
atures exceeding 1000 ◦C due to a high thermal stability of the
�-Al2O3 phase. These observations are consistent with the results
reported by other authors [36,37,39].

The film cracking during thermal annealing is a serious problem
for potential industrial applications. To avoid cracking it is neces-
sary to form nanocrystalline �-Al2O3 already during its growth. The
formation of the nanocrystalline film by a thermal annealing of the
amorphous as-deposited Al2O3 film is not a correct approach for
applications. No change of the film structure is necessary in whole
range of operating temperatures. Recently, it has been shown that
nanocrystalline films with the �-Al2O3 structure can be prepared
in Al–Ti–O system at substrate temperatures Ts < 500 ◦C [45]. In this
case no cracking should be expected due to a good thermal stability
of the nanocrystalline �-Al2O3 phase up to ∼1000 ◦C. Moreover, the
Al–Ti–O films with the �-Al2O3 structure exhibit a high hardness
H ≈ 25 GPa.

4. Conclusions

Thermal stability of magnetron sputtered alumina thin films
containing the �-Al2O3 phase during post-deposition thermal
annealing in air at various temperatures and annealing times was
systematically investigated. Main results of the structure evolution
of the Al2O3 films can be summarized as follows:

1. As-deposited films contain a nanocrystalline �-Al2O3 phase.
Even very thin films with a thickness of about 300 nm are of
the same structure. No thermodynamically stable �-Al2O3 phase
was found in these films.

2. The nanocrystalline �-Al2O3 phase is thermally stable up to
∼1000 ◦C even after 5 h of the annealing.

3. The �-Al2O3 phase starts to crystallize at Ta ≈ 1050 ◦C. The
crystallization of �-Al2O3 phase significantly improves with
increasing the annealing time ta.

4. A nanocrystalline �-Al2O3 phase forms at Ta ≥ 1050 ◦C but the
time and temperature region of its existence is very narrow.

5. The ∼1200 nm thick alumina films are dominantly composed
of the �-Al2O3 phase after annealing at Ta = 1100 ◦C for 2 h; the
thinner (∼300 nm) films contain �-, �- and �-Al2O3 phases of a
comparable amount even after 5 h of annealing.

6. The film annealing at Ta = 1100 ◦C, which is close to the � → �
phase transition, results in the film cracking due to a different
density of � and � phases.
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This article reports on interrelationships between x-ray structure, mechanical properties, coefficient
of friction �, and wear coefficient k of �3000 m thick nc-TiC /a-C nanocomposite films sputtered
using unbalanced magnetron from a composed C/Ti target ��=100 mm�; here nc and a denotes the
nanocrystalline and amorphous phase, respectively. It is shown that �1� � and k of the nc-TiC /a-C
nanocomposite film strongly depend not only on its hardness H but also on its effective Young’s
modulus E�=E / �1−�2�; here � is the Poisson s ratio, �2� the nc-TiC /a-C nanocomposite films with
C /Ti�1.5 and the ratio H3 /E�2 �characterizing the resistance of film to plastic deformation� ranging
from �0.2 to �0.3 exhibit the lowest values of � and k, and �3� � increases with increasing load
L of the testing ball. The main result of this investigation is the finding that the achievement of the
lowest value E� at a given value of H is of key importance in the formation of films with the lowest
values of coefficient of friction � and wear coefficient k. © 2010 American Vacuum Society.
�DOI: 10.1116/1.3294717�

I. INTRODUCTION

Recently, it was found that the addition of selected metal
�Me� atoms into amorphous carbon �a-C� and amorphous
carbon containing hydrogen �a-C:H� films not only reduces
the macrostress � generated in the Me /a-C and MeC /a-C
composite films during growth but also �i� results in an in-
crease in the film hardness H in the case if Me atoms form
hard MeC grains, �ii� improves the film toughness, and �iii�
enables to produce thicker films with thickness h greater than
1000 nm. These findings stimulated an intensive develop-
ment of new group of thick ��1000 nm� Me /a-C and
MeC /a-C composite coatings with �i� relatively high
��10 GPa� hardness H, �ii� low ��1 GPa� compressive
macrostress �, and �iii� low values of coefficient of friction
� ��0.1� and wear coefficient k ��1�10−7 mm3 /N m�.1–27

Different Me atoms were incorporated in the a-C film and
the following composite systems were investigated: �i�
nc-MeC /a-C composite films with
Me=Ti,1–4,6,8,10,11,16,18,19,21–23,25,28–44 W,5,6,8,12,14,19,20,26,28

Mo,18,19 and Nb;8,18,19 �ii� Me /a-C composite films with
Me=Cu,17,39 Si,9,13,27 and Al;45 �iii� MeC/Ag with Me=Ti,
W,12 �iv� nc-compound /a-C, e.g., WS2 /a-C and
MoS2 /a-C.20

As expected, it was found that low values of � ��0.1�
and k ��1�10−7 mm3 /N m� of the film depends not only
on the kind and the amount of metal Me atoms added to a-C
film but also on the process conditions used in its prepara-
tion. Therefore, the following correlations were investigated

in detail: �i� the mechanical properties versus the process
parameters;28 �ii� the coating microstructure, the mechanical
properties versus tribological properties;29,31–35,38,39,45–47 �iii�
the tribological properties versus the electrical properties;29

�iv� chemical bonding versus tribological properties;42,45 �v�
the mechanical properties versus the tribological
properties.48 The results of these investigations disclose
many interesting relationships between the physical proper-
ties of the film and its mechanical properties and tribological
behavior but are still insufficient to define the condition un-
der which the MeC /a-C film will exhibit the lowest values of
� and k.

Up until now, little attention was devoted to the effect of
plastic/elastic properties of the film on its tribological
properties.3,4 The plastic/elastic properties depend on both
the hardness H and the effective Young’s modulus E� and
can be easily determined using nanoindentation measure-
ments. Measured values of H and E� permit to calculate the
ratio H3 /E�2, which gives an information on the resistance of
the material to plastic deformation; for more details, see Ref.
49. The ratio H3 /E�2 is an important parameter in the inves-
tigation of correlations between the mechanical and tribo-
logical behaviors of coatings. The plastic deformation is re-
duced in materials with high hardness H and low modulus E�

because low modulus E� allows the given load to be distrib-
uted over a wider area. Therefore, it is reasonable to expect
that � and k of the coatings could be improved when its
effective Young’s modulus E� is reduced.

Correlations between mechanical and tribological proper-
ties of the film are very important for an assessment of its
quality. Recently, the relation between mechanical and tribo-a�Electronic mail: musil@kfy.zcu.cz
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logical properties was investigated for the Cu /a-C composite
film.48 It was found that �i� � of the Cu /a-C film decreases
with increasing ratio H3 /E�2, �ii� the Cu /a-C films with H
�10 GPa and H3 /E�2�0.2 GPa exhibit the lowest values
��0.1� of � and the lowest values ��2�10−7 mm3 /N m� of
k �measured using WC ball at the load L=2 N�, and �iii�
high values of H and H3 /E�2 do not ensure that the lowest
values of � and k can be achieved. The last finding indicates
that there is an optimum value of the ratio H3 /E�2 which
results in the lowest values of � and k of the film. Therefore,
in the formation of film with lowest values � and k, not only
the optimum value of the ratio H3 /E�2 is important but also
the film structure, elemental, and phase composition which
must result in such values of H and E�, which give the op-
timum ratio H3 /E�2. Besides, the high ratio H3 /E�2

�0.2 GPa, necessary to reach the lowest values of � and k,
indicates that the well lubricating and wear-resistant films
should exhibit the lowest value of E� at a given H. Such
films are well resilient because they exhibit the high resis-
tance to plastic deformation �H3 /E�2�0.2 GPa�. This con-
clusion is in full agreement with the prediction of �i� Mat-
thews and co-workers49–53 who claimed that the
nanocomposite coatings with a large H /E� ratio �the value of
this ratio is not defined�, i.e., the nanocomposites with a
sufficiently high hardness H �to resist to plastic deformation�,
but with a low elastic modulus E�, can exhibit improved
toughness and reduced wear and �ii� Lewin et al.42 who
claimed that the wear properties of coatings are optimized
when the H /E� ratio is highest �again, the value of this ratio
is not defined�. In summary, it can be concluded that the
tribological behavior of solid lubricant coatings is deter-
mined by a combined action of H and E�.

Up until now, values of � and k are correlated with con-
tents of individual phases in the nanocomposite coating, its
structure �amorphous, nanocrystalline�, carbon bond coordi-
nation �sp2 ,sp3�, and its hardness H. All papers published
until now, with exclusion of a few papers,41,45,47,48,50–55 de-
vote no attention to the role of the effective Young’s modulus
E�, and the ratios H /E� and H3 /E�2 on the tribological prop-
erties of wear-resistant and self-lubricating coatings. No
trends between � and k of the coating and its H, E�, and the
ratios H /E� and H3 /E�2 were reported so far. Martinez-
Martinez et al.47 even said that the wear resistance of the
nanocomposite TiC /a-C coatings is controlled by the friction
of the tribological system rather than mechanical properties
of the coating such as hardness, toughness, or resilience. On
the contrary, Leyland and Mathews50,51 reported on the sig-
nificance of H /E ratio and optimization of hardness H and
elastic modulus E� in wear control of hard carbon and related
coatings and claim that often wear properties are optimized
when the ratio H /E� is highest52,53 but gives no information
on the magnitude of E�. Lindquist et al.45 investigated tribo-
logical properties of TiC and TiAlC nanocomposite coatings
and found that a higher friction coefficient �0.22� of the TiC
coating is achieved at the higher ratio H3 /E�2=0.54 and a
lower �=0.1 of the TiAlC coating which contradicts with the
prediction of Mathews and co-workers.50–54

At present, no clear information on the effect of E�, and
ratios H /E� and H3 /E�2 on � and k of the TiC /a-C coating
is available. The paper in Ref. 48 clearly showed that � and
k of the a-C /Cu composite film decrease with increasing
ratio H3 /E�2. This result is in an excellent agreement with
the prediction of Matthews and co-workers.50–54 However,
the paper48 did not show what should be H and E� of the film
which results in an optimum ratio H3 /E�2 ensuring the low-
est values of � and k. This is an open problem which is the
subject of the investigation reported in this article.

This article is devoted to a detailed investigation of physi-
cal, mechanical, and tribological properties of the TiC /a-C
composite film. The attention is concentrated on the effect of
the effective Young’s modulus E� on the coefficient of fric-
tion � and wear coefficient k of the TiC /a-C composite film.
The main aim of this study is to demonstrate that �1� � and
k of the TiC /a-C self-lubricating film correlates well with its
mechanical properties, namely, with H and E�; �2� there is an
optimum H3 /E�2 ratio which ensures that the a-C /TiC nano-
composite film exhibits the lowest values of � and k; �3�
a-C /TiC nanocomposite film composed of nanograins em-
bedded in the a-C matrix can exhibit a low value of E�

ensuring high values of the ratio H /E��0.1.

II. EXPERIMENT

The TiC /a-C films were prepared by dc magnetron sput-
tering of C �99.99 at. %� target of 100 mm in diameter in Ar
using a round unbalanced planar magnetron. The target was
fixed to the magnetron by the titanium rings with seven inner
diameters �in=52, 57, 60, 63, 66, 72, and 80 mm. Different
diameters �in were used to control the amount of Ti in the
film. The films were sputtered onto unheated Si �100� plate
substrates �20�20�0.381 mm3 for H, E�, and � measure-
ments and 35�5�0.381 mm3 for the macrostress measure-
ments� under the following conditions: discharge current Id

ranging from 0.5 to 2.5 A, substrate-to-target distance ds-t

=60 mm, argon pressure p=1 Pa, and deposition rate aD

ranging from �17 to �150 nm /min. The thickness h of the
TiCx film was varied from 2700 to 3200 nm. More details on
the experimental device are given in Ref. 48.

The structure of films was determined by x-ray diffraction
using a Dron 4.07 diffractometer in the Bragg–Brentano con-
figuration with Cu K� �	=0.154 187 4 nm� radiation. To
avoid a strong reflection from Si substrate the slightly asym-
metrical diffraction geometry was used. The mechanical
properties of films, i.e., the microhardness H and the effec-
tive Young’s modulus E� were evaluated from the load ver-
sus displacement curves determined by a computer con-
trolled microhardness tester Fisherscope H 100 equipped
with the Vicker’s diamond indenter. The mechanical proper-
ties of films were measured at low values of the indenter load
L=30 mN to ensure that the ratio d /h�0.1 what is neces-
sary condition to eliminate the effect of the substrate in in-
dentation measurements; here d is the depth of diamond tip
impression and h is the thickness of film. The values of H
and E� of the film are measured with accuracy of 
10%. The
film thickness and macrostress � generated in the film during
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its growth were determined from the electromechanical De-
ktak 8 Profilometer analysis. The elemental composition of
films was determined by x-ray fluorescence �XRF� measure-
ments with accuracy of 
10%. The coefficient of friction �
of all TiC /a-C films was measured on a ball on disk tribom-
eter �CSM Instruments� in ambient air with a WC ball ��
=6 mm� under the load L=2 N load at velocity v
=0.05 m /s and sliding distance l=1000 m. The wear coef-
ficient k of TiC /a-C films was measured under the same
conditions as those used in the friction tests. The wear loss,
defined as volume loss per sliding distance, was measured
using the Dektak 8 Profilometer. To show the effect of L on
friction, � of a-C film containing 0.3 at. % Ti was measured
under different loads L ranging from 0.5 to 5 N.

III. RESULTS AND DISCUSSION

A. Structure of films

The structure of the TiC /a-C film strongly depends on
C/Ti ratio, see Fig. 1. The TiC /a-C films with C /Ti�1.54
are polycrystalline films characterized with �111�, �200� and
�220� x-ray reflections. The polycrystalline TiC /a-C films
gradually change with increasing C/Ti ratio, first to nano-
crystalline films and later at high C/Ti ratios to amorphous
films. The doted vertical lines in Fig. 1 show no change in
the angle 2 theta of x-ray reflection from TiC grains with
increasing C/Ti. It means that the sputtered films are not

single phase TiCx films but they are TiC /a-C composite
films. The nanocrystalline nc-TiC /a-C films are composed of
the TiC nanocrystals embedded in the a-C matrix. The inten-
sities of x-ray reflections from the nanocrystalline films de-
crease and broaden with increasing C/Ti ratio up to their full
disappearance in a broad x-ray amorphous peak of the a-C
phase. The broadening of x-ray TiC reflection lines is a result
of reducing the size d of TiC grains with increasing C/Ti
ratio, see Table I.

The size d of the TiC grains and the C/Ti ratio, i.e., the
amount of TiC phase and a-C phase in the film, determine its
microhardness H and effective Young’s modulus E�. There-
fore, H and E� can be easily controlled by x-ray structure of
film, see Fig. 1. Besides, it is well known that changes in the
x-ray structure of film results not only in changes in its
physical properties but also in changes in its functional prop-
erties. Therefore, it is reasonable to expect that also � and k
of the TiC /a-C film will strongly depend on its structure.

B. Friction and wear

Basic mechanical properties of thin films are the micro-
hardness, H, and the effective Young’s modulus, E�=E / �1
−�2�. The ratio H3 /E�2 characterizes the resistance of film to
plastic deformation. The resistance of the film to plastic de-
formation is higher, the higher is the H3 /E�2 ratio. It means
that the likelihood of plastic deformation is reduced in ma-
terials with high hardness H and low modulus E�. Usually, a
low E� becomes desirable as it allows the given load to be
distributed over a larger area.49,55,56

Recently, it was shown that well lubricating and wear-
resistant coatings, i.e., the coatings with low values of � and
k should be more resistant to plastic deformation. It was
found that � and k increase with increasing H3 /E�2 ratio.48

However, it is not clear whether the H3 /E�2 ratio can be
increased unlimited or if there is an optimum ratio H3 /E�2 at
which the lubricating and wear-resistant coatings exhibit
minimum values of � and k? The answer to this question is
a task of this investigation. The values H and E� of sputtered
films are controlled by the film structure as determined by x
rays, see Fig. 1 and Table I.

FIG. 1. Evolution of structure of TiC /a-C film with increasing C/Ti ratio.
The dotted lines show positions of x-ray reflections from a powder TiC
standard.

TABLE I. Thickness l, mechanical and tribological properties of TiC /a-C composite films with x-ray structure displayed in Fig. 1. �The asterisk denotes the
film relative to which the increase in H3 /E�2 and H /E� is calculated. These two films are compared in the text.�

C/Ti
h

�nm�
�

�GPa�
D

�nm� �
k

�10−7 mm3 /N m�
H

�GPa�
E�

�GPa�
We

�%�
H3 /E�2

�GPa� H /E

Increase in

H3 /E�2

�GPa� H /E

37.7 3100 �0.8 ¯ 0.12 0.9 15.4 124.1 69.8 0.24 0.124 2.9� 1.8�

9.1 3200 �1.2 ¯ 0.08 1.2 15.5 138.2 66.1 0.195 0.112 2.3� 1.6�

3.5 3000 �1.5 1 0.08 3.1 18.2 150.8 69.6 0.27 0.121
2.5 3100 �1.9 2 0.16 4.2 21.8 162.8 76.6 0.39 0.134
1.5 2700 �1.4 12 0.27 31.9 25.6 191.0 76.3 0.34 0.134
0.86 2700 �0.3 35 0.25 9 16.4 230.6 51.7 0.083 0.71 1� 1�
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1. Interrelationships between film structure,
mechanical properties, friction, and wear

The structure of film is well indicated by the C/Ti ratio, as
shown in Fig. 1. The TiC /a-C films with C /Ti�2 are poly-
crystalline composite films. On the contrary, the TiC /a-C
films with x�2 are nanocrystalline composite films, which
gradually transform to amorphous films at C /Ti�10. There-
fore, it is interesting to compare the values of � and k of
TiC /a-C films with C /Ti�2 and C /Ti�2.

Dependences of � and k as function of H and E� are
displayed in Figs. 2 and 3. These figures show that the value
of E� is of key importance because �1� � and k can exhibit
different values at the same value of H, �2� the lowest values
of � exhibit nc-TiC /a-C films with H ranging from �12 to
�19 GPa and E� ranging from �110 to �150 GPa, and �3�
the lowest values of k exhibit nc-TiC /a-C films with lowest
values of H and E�. The nc-TiC /a-C films with H ranging
from �12 to �19 GPa and E� ranging from �110 to
�150 GPa, exhibit low values of � ��0.07− �0.15� and
low values of k ���0.9– �3��10−7 mm3 /N m�. This range
of values of E� and H also shows that there is an optimum
range of the ratio H3 /E�2 ranging from �0.15 to �0.30 and
H /E� ranging from �0.11 to �0.13.

Very recently, Lindquist et al.45 showed that also the
TiAlC nanocomposite coatings with ��0.1 exhibit H3 /E�2

=0.23 �lying just in the range we found for the nc-TiC /a-C
film� while the TiC coating with higher � �0.22� exhibits a
higher ratio H3 /E�2=0.54. This result is in a good agreement
with our finding, i.e., with the fact that �i� there is an opti-
mum range of the H3 /E�2 ratio in which the lowest values of
� and k can be achieved and �ii� the ratio H3 /E�2 cannot be
increased unlimited. Also, it is worthwhile to note that the
wear-resistant coatings with values of the ratio H3 /E�2 lying
in the optimum interval exhibit also a minimum erosion re-
sistance. This fact is confirmed by experiments of Wei57 who
found that the erosion resistance of Ti–Si–C–N coatings de-
creases with increasing H3 /E�2 ratio and the lowest erosion
resistance was achieved when the ratio H3 /E�2=0.216.

Usually, the wear-resistant coatings reported in literature
are characterized by a low ratio H /E��0.1. It means that
these coatings can be optimized as to achievement of the
lowest values of � and k if the value of E� is reduced and the
ratio H3 /E�2 increased to a value of �0.1. The ratio H /E�

�0.1 seems to be a good indicator for the coatings with
lowest values of � and k. However, the ratio H3 /E�2 is a
more sensitive parameter controlling changes in � and k, see

FIG. 2. Coefficient of friction � of TiC /a-C film as a function of �a� H and �b� E�.

FIG. 3. Wear coefficient k of TiC /a-C film as a function of �a� H and �b� E�.
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Table I. The increase in the ratio H3 /E�2 above �0.3 already
results in no further decrease of � and k due to strong
changes in the film structure.

The effect of ratios H /E� and H3 /E�2 on � and k is illus-
trated in Table I. Two films with approximately the same
hardness H=15.4 GPa �x-ray amorphous with H /E��0.1�
and H=16.4 GPa �well crystalline with H /E��0.1� are
compared The nc-TiC /a-C film with H /E��0.1 exhibits
compared to the TiC /a-C film with H /E��0.1 �1� much
lower values of � and k, �2� considerably lower �0.54��
value of E�, and �3� strong increase �2.9�� in the resistance
of film to plastic deformation characterized by increase in �i�
the H3 /E�2 ratio and �ii� the elastic recovery We of film. The
low value E�=124 GPa of nc-TiC /a-C film with H /E�

�0.1 results in its improved resilient behavior which is char-
acterized by a relatively high value of the ratio H3 /E�2

=0.24. We believe that the improved resilient behavior of
film is the right way in the development of new advanced
well lubricating, wear-resistant, and erosion-resistant coat-
ings. Again, it is necessary to underline that so far the lowest
values of � and k exhibit nc-TiC /a-C films with hardness H
ranging from �12 to �20 GPa only.

Also, it is worthwhile to note that �3000 nm thick
nc-TiC /a-C films exhibit relatively low ��1.5 GPa� com-
pressive macostress �. It is favorable for the film adhesion
and is a good indicator that the measured hardness H of film
is �i� the inherent property of film material not influenced by
� and �ii� the values of H and E� measured by indentation
are correct values.

2. Effect of load of testing ball on measured value
of coefficient of friction

It is well known that the friction coefficient � of the film
depends not only on its structure and mechanical properties
but also on the material and the load L of the sliding partner
�testing ball�. For instance, � of the TiC /a-C film strongly
decreases with increasing L, see Fig. 4. From this figure it is
clearly seen that the measured values of � of the same
TiC /a-C film can differ more than two times according to
the value of load L used in measurement. Therefore, � of

different films can be compared only in the case if the films
are measured under the same load L of the testing ball.

Similar decrease in � with increasing L is reported, e.g.,
for MoSx films58 or Mo–Se–C films.59 This decrease in �
with increasing L was explained using the Hertzian contact
model �smooth balls and flat substrates loaded below the
elastic limit� and is well predicted by the formula in which
�
L−1/3.58 Using this proportionality, the coefficient of fric-
tion � of the film measured under different load L of testing
ball can be compared.

Also, it is worthwhile to note that the measurement of �
depends not only on the material of testing ball, the velocity
of its movement, its load L, and the atmosphere selected in
the test but also on the mechanical properties of the substrate
�Hs ,Es�; the index s denotes the substrate. Therefore, in our
study only one Si�100� substrate was used to avoid the effect
of substrate on the measured values of � and k. At high loads
L the cracking of the film occurs.56 It was found that the ratio
E� /Es

��1.3 is the necessary condition to avoid the film
cracking.56

At present, it is relatively difficult and sometimes even
impossible to compare � and k of different tribological coat-
ings because not all parameters of the tribological tests are
reported in published papers. Therefore, the comparison of
the measured � of different solid lubricating films may be
often incorrect and confusing.

IV. CONCLUSIONS

Detailed investigation of the correlations between the
x-ray structure, elemental, and phase composition of
�3000 nm thick TiC /a-C composite films, their mechanical
properties �H, E�, and We�, �, and k give a new insight on
the design of well lubricating and wear-resistant coatings.
The a-C /nc-TiC nanocomposite films with �i� the low effec-
tive Young’s modulus E� and the microhardness H
�20 GPa satisfying the condition that the ratio H /E��0.1
and �ii� the ratio H3 /E�2 ranging from �0.15 to �0.30 ex-
hibit lowest values of � ��0.1� and k ��2
�10−7 mm3 /N m�.

The finding that the amorphous/nanocrystalline composite
film composed of the nc grains embedded in the amorphous
matrix exhibit low values of E� satisfying condition H /E�

�0.1 is of great scientific and practical importance. This
finding opens a new way in the formation of advanced func-
tional coatings with unique properties, and particularly in the
development of new well lubricating and well wear-resistant
protective coatings exhibiting simultaneously high hardness
and high toughness.
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The paper reports on preparation of ~3000 nm thick a-C coatings containing Mo, interrelationships between
their mechanical properties, a coefficient of friction μ and wear rate k and the effect of Mo content in the a-C
coating on these interrelationships. The Mo–C coatings were prepared by sputtering using an unbalanced
magnetron (UM) equipped with a graphite targets (∅=100 mm, 99.9% purity) fixed to the UM cathode
with Mo ring of different inner diameter ∅i. The content of Mo in the a-C coating was controlled by ∅i. It is
shown that μ and k of the coating strongly depend not only on its hardness H but also on its effective Young's
modulus E⁎=E/(1−ν2), the ratios H/E⁎, H3/E⁎

2
and the elastic recovery We; here E is the Young's modulus

and ν is the Poisson ratio. The ratio H3/E⁎
2
characterizes the resistance of coating to plastic deformation.

Coatings with a low amount of Mo composed of nanograins of carbides dispersed in a-C matrix exhibit low
values of μ≈0.07 and k≈10−7 mm3/Nm measured with WC ball at the rotation speed v=0.05 m/s, total
sliding length l=1000 m and the load L=2 N.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

In recent years, a great attention was devoted to the investigation
of tribological properties of amorphous carbon (a-C) coatings
containing selected elements. For instance, the following systems
were investigated in details: a-C/Ti [1–13], a-C/W [14–17], a-C/Nb
[16,18,19], a-C/Mo [18,19], etc. These studies contain many important
relations between the physical and the tribological properties. However
the present knowledge in this field is still insufficient to define correctly
the conditions under which a-C/Me composite coatings exhibit the
lowest values of the coefficient of friction μ and the wear rate k.

Very recently, it has been shown that μ and k of a-C coatings
containing a small amount of Cu [20] or Ti [21] correlates well with
mechanical properties of the composite. Particularly, correlations of μ
and kwith the hardness, H, the effective Young'smodulus, E⁎, the ratios
H3/E⁎

2
andH/E⁎ and theelastic recoveryWe are interesting. Itwas found

that a high hardness H alone is not a sufficient condition to achieve a
minimum value of μ and k. The coatings with the ratio H3/E⁎

2
ranging

from ~0.15 to ~0.3, H/E⁎≥0.1 and We≥70% exhibit low values of μ
(≤0.1) and low values of k (≤0.5×10−6 mm3/Nm) [21,22]. Besides it,
there was shown that two-phase, amorphous coatings composed of a
small amount of nanograins (one phase) dispersed in the amorphous
matrix (secondphase) andcalled theDispersedNanograins/Amorphous
Matrix (DNG/AM)nanocomposite coatings, are very elastic due to a low
value of E⁎ at H/E⁎≥0.1. The key advantage of the DNG/AM

nanocomposite coatings is their resilient behaviour which allow the
development of hard and tough coatings with strongly suppressed
brittleness [22].

The aimof this article is to show that the conclusions given above are
valid also for other elements incorporated into a-C matrix. This article
reports on the mechanical and tribological properties of a-(C,Mo)
composite coatings.

2. Experimental

The Mo–C thin coatings were non-reactively sputtered from a
composed C/Mo target composed of C (99.99 at.%) round plate
(∅=100 mm) covered by Mo ring (∅100 mm/∅in) fixed to the
cathode of DC unbalanced magnetron (UM) by a stainless steel fixing
ring. The content of Mo in Mo–C coatings was controlled by the inner
diameter∅in ofMo ring, see Fig. 1. TheMo–C coatingswere sputtered in
a pure argon onto unheated Si(100) substrates with two dimensions:
(1) 20×20×0.381 mm3 for mechanical and tribological tests and
(2) 35×5×0.381 mm3 for measurement of the coating macrostress σ
evaluated from the substrate bending. For sputtering of Mo–C coatings
the following process parameters were used: discharge current
Id=0.5 A and 1 A, substrate at a floating potential Us=Ufl, argon
pressure p=1 Pa, substrate-to-target distance ds–t=60 mm with the
coating deposition rate aD ranging from 25 to 150 nm/min.

The structure of coatingswas determined by X-ray diffraction (XRD)
using a Dron 4.07 diffractometer in the Bragg–Brentano configuration
with CuKα (λ=0.1541874 nm) radiation. To avoid a strong reflection
from Si substrate the asymmetrical diffraction geometry was used.
Surface morphology was determined by the high resolution scanning
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electron microscope (FE SEM) with focused ion beam (FIB) DualBeam
FEI Quanta 3D FEG. RMS roughness was meassured by the AFM Bruker
Nanos. Themechanical properties of coatings, themicrohardness, H, the
effective Young's modulus, E⁎, and the elastic recovery We were
evaluated from the load vs. displacement curves determined by a
computer controlledmicrohardness tester FischerscopeH100equipped
with the Vicker's diamond indenter. The mechanical properties of the
coatingsweremeasured at a lowvalueof the indentor load L=30mNto
ensure that the ratio d/h≤0.1 which is a necessary condition to
eliminate the effect of the substrate on indentationmeasurements; here
d is the depth of the diamond tip impression and h is the thickness of
coating. The values of H, E⁎ andweweremeasuredwith the accuracy±
10%. The coating thickness h and the macrostress σ generated in the
coatingduring its growthweredetermined from theelectro-mechanical
Dektak 8 Profilometer analysis. The elemental composition of coatings
was determined by X-ray fluorescence (XRF) and RBS measurements
with the accuracy±10%. The coefficient of friction μof allMo–C coatings
was measured using a ball-on-disk tribometer (CSM) in ambient air
with a WC ball (∅=6mm) rotating at radius r=3mm under the load
L=2 N at the velocity v=0.05 m/s and the sliding distance l=1000 m
(53 052 revolutions). The wear rate k of the coatings was measured
under the same conditions as those used in the friction tests. The wear
loss, defined as the coating volume loss per the sliding distance l, was
measured by the Dektak 8 Profilometer.

3. Results and discussion

3.1. Deposition rate, structure, surface morphology, mechanical and
tribological properties

The deposition rate ad depends on the power Pd=IdUd delivered to
themagnetron and the content of Mo incorporated intoMo–C coating,
see Fig. 2. The deposition rate aD decreases with increasing ∅in of Mo
ring, i.e. with a decreasing amount of Mo in the coating, due to a lower
sputtering yield γ of C compared to Mo (γC=0.2, γMo=0.9 [23]). As
expected, aD increases with increasing Id, i.e. with increasing power Pd
delivered to the magnetron.

The structure of Mo–C coating strongly depends on the amount of
Mo incorporated in it. The evolution of the XRD patterns from theMo–
C coating, sputtered at Id=0.5 with an increasing amount of Mo is
displayed in Fig. 3. The XRD patterns show that

1. The Mo–C coatings with high (≥40 at.%) content of Mo are
crystalline. Their phase composition gradually changes from a pure
polycrystalline Mo film containing 100 at.% Mo and characterized
with (100), (211) and (220) reflections through (Mo,C) solid
solution coatings first to well crystalline γ-Mo2C/(Mo,C) composite
coatings at ~70 at.%Mo and then to nanocrystalline (nc-) δ-MoC0.75/
a-(Mo,C) composite coatings with b57 at.% Mo content.

2. Mo–C films with Mo content lower than ~28 at.% are X-ray
amorphous a-(C,Mo) films.

Both the structure and the phase composition of the coating, which
are controlled by the amount of Mo in the coating, strongly influence
properties of Mo–C films what is shown below.

Typical evolution of the surfacemorphology of Mo–C coatingswith
increasing content of Mo is displayed in Fig. 4. This figure shows that
the surface of coating is smoothened when the content of Mo
increases. The δ-MoC0.75/a-(C,Mo) coating composed of δ-MoC0.75
nanograins embedded in a-(C,Mo) matrix exhibits a lower surface
roughness compared to that of the a-(C,Mo) coating. It indicates, that
not only Mo content but also the microstructure of a-(C,Mo) coating
influences its surface roughness.

Basic mechanical properties of thin coatings are the microhardness,
H, the effective Young's modulus, E⁎=E/(1−ν2) and the elastic
recoveryWe; here E is the Young's modulus and ν is the Poisson's ratio.
All these three quantities –H, E⁎ andWe – are displayed as a function of
Mo content in theMo–C coating in Fig. 5a andb, respectively. FromFig. 5
it is seen that the dependence of H and E⁎ with increasing Mo content
in the Mo–C coating is more complicated than that of We. The elastic

Fig. 1. Content of Mo and ratio C/Mo as a function of inner diameter ∅in of Mo ring at
two values of discharge current Id=0.5 (squares) and Id=1 A (triangles).

Fig. 2. Deposition rate ad of Mo–C films as a function of inner diameter∅in of Mo ring at
two values of discharge current Id=0.5 (squares) and Id=1 A (triangles).

Fig. 3. Evolution of XRD patterns from Mo–C coatings, sputtered Id=0.5 A, with
increasing content of Mo. S denotes reflection from the substrate.
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recovery We almost continuously decreases with an increasing
amount of Mo in the coating. On the contrary, H strongly depends on
the coating crystallinity and its phase composition: (i) amorphous a-(C,
Mo) coatings exhibit the lowest hardnessH≈10 GPa, (ii) nc-δ-MoC0.75/
a-(C,Mo) are approximately two times harder (~23 GPa) and have
almost the same H as well crystallized γ-Mo2C/(Mo,C) containing ~
70 at.%Mo and (iii) (Mo,C) solid solution coatings produced at ~77 at.%
Mo exhibit much lower (~17 GPa) H approaching to that of pure
crystalline Mo coatings.

The following issues are of fundamental importance for tribological
behaviour of the coating [21]: (1) C–Mo coatings with Mo content lower
than 57 at.% exhibit the ratio H/E⁎N0.1 and (2) the amorphous a-(C,Mo)
coatings exhibit (i) the lowest value of the effective Young's modulus

Fig. 4. Evolution of surface morphology of Mo–C coatings with increasing content
of Mo.

Fig. 5. H and E⁎ (a) and We (b) of Mo–C coatings sputtered at Id=0.5 A (squares) and
Id=1 A (triangles) as a function of Mo content.

Fig. 6. Coefficient of friction μ (full symbols) and wear rate k (open symbols) as a
function of amount of Mo in C–Mo coatings sputtered at two values of discharge current
Id=0.5 A (squares) and Id=1 A (triangles).
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E⁎b150 GPa and (ii) the highest values of the elastic recovery We≥70%.
Moreover, it is worthwhile to note that We of coatings with Mo content
ranging from 10 to 67 at.% can be slightly increased if higher Id, i.e. amore
intensive magnetron discharge, is used in sputtering of the coating.

The values of μ and k of the a-(C, Mo) coating, measured at load
L=2 N in ambient air with a WC ball (Ø=6 mm) and sliding distance
l=1000 m, as a function of Mo content is displayed in Fig. 6. This figure
shows that both μ and k strongly increase for coatings containing more
than 10 at.% Mo. This increase of μ and k is caused by the change of
mechanical properties of the coating as shown below. The a-(C,Mo)
coatings exhibit a compressive macrostress σ ranging from −0.6
to −1.1 GPa. No relation between the macrostress σ in the a-(C,Mo)
coating and its tribological properties was found.

3.2. Interrelationships between mechanical properties, coefficient of
friction and wear

Interrelationships between the μ (open symbols) and k (full
symbols) and the hardness, H, and the effective Young's modulus, E⁎,
of the a-(C,Mo) coatings are displayed in Fig. 7 and summarized in
Table 1. From this figure it is seen that while μ is almost independent
on both H and E⁎, k decreases with increasing both H and E⁎ to a
minimum value. It indicates that there is an optimum value of H at
which both μ and k are minimal. More information on correlations
between μ, k and H, E⁎, We. H/E and H3/E*

2
are given in Table 1.

From Table 1 it is seen that (1) X-ray amorphous (XRA) coatings,
probably composed of a low amount of small nanograins of carbides
dispersed in a-C matrix, exhibit the lowest values of μ and k, (2) both μ
and k decrease with increasing ratio H/E⁎ and the decrease of k is much
stronger than the decrease of μ and (3) the decrease of μ and k correlates
wellwith increasing (i) elastic recoveryWe of coating and (ii) resistance
to plastic deformation, i.e. with increasing ratio H3/E⁎

2
, but only if the

valueof theeffectiveYoung'smodulusE⁎ is sufficiently lowand the ratio
H/E⁎≥0.1. The increase of H andH3/E⁎

2
which results in the decrease of

H/E⁎, see for instance the coating with C/Mo=2.5, does not ensure the
lowest values of μ and k due tohigh values of E⁎. Itmeans that there is an
optimum interval of H, E⁎, H3/E⁎

2
which ensures that μ and k of the

coating are minimal. A similar result was already found for the a-C/TiC
composite coatings [12].

3.3. Loading–unloading curves of a-(C,Mo) coatings

The loading–unloading curves determined during indentation
measurements of mechanical properties illustrate well the plastic–
elastic properties ofMoalloyed carbon coatings, see Fig. 8. Generally, the
elasticity of the coating increases when the area between loaded and
unloaded curve decreases. Fig. 8a illustrates the effect of decrease of E⁎

at the same value of H and Fig. 8b illustrates the effect of the decrease of
E⁎ at different values ofH on theplastic–elastic properties of the coating.
In both cases the elasticity of the coating increases with decreasing E⁎

and increasingH/E⁎ ratio, see Table 1. The coatingwith the highest value
of We exhibits the lowest values of μ and k. This experiment clearly
shows that the increase of H is not a sufficient condition to reduce μ and
k of the coating. Obtained results indicate that the resilience behaviour
of the coating is of key importance for the reduction of μ and k.

4. Conclusions

The article presents results of a detailed investigation of the corre-
lations between the mechanical and tribological properties of a-(C,Mo)

Fig. 7. Coefficient of friction μ and wear rate k of coatings as a function of (a) hardness H
and (b) effective Young's modulus E⁎.

Table 1
Mechanical and tribological properties of ~3000 nm thick coatings sputtered at Id=0.5 A on Si(100) substrate and measured at a load L=30 mN and 2 N, respectively, as a function
of at.% Mo added in a-C and X-ray structure (XRA, crystalline). The coefficient of friction μ and wear k was measured usingWC ball and sliding distance l=1000 m. The XRD patterns
from these coatings are displayed in Fig. 3.

C/Mo Mo[at.%] ad [nm/min] X-ray structure σ [GPa] H [GPa] E* [GPa] We [%] H3/E⁎
2
[GPa] H/E⁎ μ k [10-7 mm3/Nm]

49.0 2 26.4 XRA −0.8 13.5 101 74.7 0.24 0.134 0.075 1.34
32.3 3 30.1 XRA −0.9 11.8 90 73.9 0.20 0.131 0.077 1.51
15.7 6 32.6 XRA −0.8 14.3 116 70.5 0.22 0.123 0.079 1.53
9.0 10 40.3 XRA −0.6 11.0 95 67.9 0.15 0.116 0.090 2.88
5.3 16 43.7 XRA −0.9 11.9 106 65.6 0.15 0.112 0.100 9.73
2.5 28 40.8 XRA −1.1 14.7 135 63.7 0.18 0.109 0.440 –

1.3 44 47.0 nc- −0.8 22.7 204 65.8 0.28 0.111 – –

0.7 57 58.0 nc- −0.6 24.5 238 62.6 0.26 0.102 – –

0.4 69 82.5 Crystalline 0.1 23.8 246 60.0 0.22 0.097 – –

0.3 77 80.6 nc- −0.8 16.2 181 54.1 0.13 0.090 – –

0 100 108.7 Crystalline 0.2 15.9 213 48.1 0.09 0.075 – –

The mark — denotes that μ and k could not be evaluated due to partial cracking of testing coating.
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thin coatings non-reactively sputtered from the composite C/Mo target.
Obtained results can be summarized as follows.

1. The sputtered C coatings containing less than 28 at.% Mo are 220 X-
ray amorphous a-(C,Mo) coatings.

2. The a-(C,Mo)withMo content lower than 10 at.% coatings exhibit low
(≤0.1) values of the coefficient of friction μ and low (≤5×10−7 mm3/
Nm) values of the wear rate k.

3. The values of μ and k decrease with increasing H/E⁎ and H3/E⁎
2

ratio. However, the H3/E⁎
2
ratio cannot be increased unlimitedly.

There is an optimum interval of the ratio H3/E⁎
2
which ensures that

μ and k of the coating are minimum.
4. The a-(C,Mo) coatings with low value of E⁎ satisfying condition H/

E⁎≥0.12 exhibit high values of the elastic recovery We≥70%.
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a  b  s  t  r  a  c  t

The  article  reports  on  the  effect  of  the  addition  of  copper  in the  Al2O3 film  on  its  mechanical  and  optical
properties.  The  Al–Cu–O  films  were  reactively  co-sputtered  using  DC  pulse  dual  magnetron  in a  mix-
ture  of  Ar  +  O2.  One  magnetron  was  equipped  with  a  pure  Al target  and  the  second  magnetron  with  a
composed  Al/Cu  target.  The  amount  of Al  and  Cu  in  the  Al–Cu–O  film  was  controlled  by  the  length  of
pulse  at  the Al/Cu  target.  The  Al–Cu–O  films  with  ≤16  at.%  Cu  were  investigated  in  detail.  The  addition
of  Cu  in  Al2O3 film  strongly  influences  its  structure  and  mechanical  properties.  It  is shown  that  (1)  the
structure  of  Al–Cu–O  film  gradually  varies  with  increasing  Cu  content  from  �-Al2O3 at 0  at.%  Cu  through
(Al8−2x,Cu3x)O12 nanocrystalline  solid  solution  to  CuAl2O4 spinel  structure,  (2)  the  Al–Cu–O  films  with
≥3  at.%  Cu  exhibit  (i) relatively  high  hardness  H  increasing  from  ∼15 GPa  to  ∼20  GPa,  (ii) enhanced  elas-
tic  recovery  We increasing  from  ∼67%  to ∼76%  with  increasing  Cu  content  from  ∼5  to ∼16  at.%  Cu and
(iii)  low  values  of  Young’s  modulus  E*  satisfying  the  ratio  H/E*  >  0.1  at ≥5  at.%  Cu,  and  (3)  highly  elastic
Al–Cu–O  films  with  H/E*  >  0.1  exhibit  enhanced  resistance  to  cracking  during  indentation  under  high
load.

© 2011 Elsevier B.V. All rights reserved.

1. Introduction

The Al–Cu–O thin films represent a huge potential for many
new industrial applications such as p-type CuAlO2 transparent
conductive oxides (TCO) [1],  buffer layers for growth of films
on incompatible substrates [2],  nanocomposites with enhanced
mechanical properties [3] or selective solar absorbers in solar
collectors [4].  Also, photocatalytic activity of spinel CuAl2O4
nanoparticles was demonstrated [5].  Using different methods and
preparation conditions either single phase CuAl2O4 [6] and CuAlO2
[7,8] compounds or Cu/Al2O3 [3] and Cu/CuAl2O4 [4] nanocompos-
ites were prepared.

Very often Al–Cu–O films are prepared by sputtering. Lan et al.
used RF sputtering of a ceramic CuAlO2 target to investigate the
influence of the partial pressure of oxygen on electrical resistivity
and transparency of Cu–Al–O TCO films [9].  Ong et al. used the reac-
tive co-sputtering of Al and Cu targets to prepare p-type Cu–Al–O
TCO films and investigated the effect of the Cu/Al ratio on their
properties [10]. Alkoy et al. deposited the copper oxide and copper
aluminum oxide thin films by pulsed magnetron sputtering of pow-
der targets [7].  Shy et al. prepared CuAlO2 thin film by rapid thermal
annealing (RTA) of the reactively sputtered Al2O3/Cu2O/sapphire

∗ Corresponding author. Tel.: +420 377632200; fax: +420 377632202.
E-mail address: musil@kfy.zcu.cz (J. Musil).

structure [8].  Tsuboi et al. investigated the effect of Cu/Al ratio
on composition and structure of reactively sputtered Cu–Al–O
films [11]. No investigation of mechanical properties of reactively
sputtered Al–Cu–O films was, however, carried out so far. This
investigation is a subject of this article.

The aim of our study is to reactively sputter Al–Cu–O films with
different content Cu and to investigate the effect of the addition
of Cu in the Al2O3 film on its structure, mechanical properties and
resistance to cracking during indentation under high load. The main
task of this investigation is to find out if Cu added in the Al2O3 can
reduce the brittleness of Al2O3 film and enhance its resistance to
cracking.

2. Experimental details

The Al–Cu–O films were reactively sputtered by a dual mag-
netron in an Ar + O2 sputtering gas mixture. The dual magnetron
consists of two magnetically closed magnetrons with targets of
50 mm in diameter and tilted with respect to the vertical axis at
an angle of 20◦. One magnetron is equipped with target made of
pure Al, the second magnetron with a composed Al/Cu target, see
Fig. 1. The Cu content in the film is controlled by the length of neg-
ative voltage pulse �Al/Cu at the Al/Cu target in the range from 8 to
32 �s; the content of Cu in the film increases with increasing length
of �Al/Cu pulse. The dual magnetron was supplied by a floating DC
pulse power supply RMP-10 (Hüttinger Electronic, Inc.) operated

0169-4332/$ – see front matter ©  2011 Elsevier B.V. All rights reserved.
doi:10.1016/j.apsusc.2011.10.039
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Fig. 1. Geometry and dimensions of composed Al/Cu target used in dual magnetron.

in bipolar mode at a repetition frequency fr = 25 kHz. Typical time
dependence of the discharge voltage Ud = f(t) and current Id = f(t)
waveforms for �Al/Cu = 24 �s are given in Fig. 2.

The Al–Cu–O films were deposited on Si (1 0 0) substrates
(20 mm × 20 mm × 0.38 mm and 35 mm × 5 mm × 0.38 mm)  in the
oxide mode of sputtering. The following deposition conditions were
used: the discharge power averaged over pulse period Pda = 1.2 kW,
the substrate temperature Ts = 500 ◦C, the substrate bias Us = Ufl, the
substrate-to-target distance ds–t = 110 mm,  the oxygen partial pres-
sure pO2 = 0.2 Pa and the total pressure pT = pAr + pO2 = 0.5 Pa;
here Ufl is the floating potential.

The thickness of the film and the macrostress � generated in it
during its growth were measured by a stylus profilometer Dektak
8. The macrostress � was evaluated from the bending of a thin Si
plate (35 mm  × 5 mm × 0.38 mm)  using the Stoney’s formula. The
structure of films was characterized by glancing incidence X-ray
diffraction (GIXRD) at angle of 0.75◦ using a PANalytical X’Pert
PRO diffractometer. The elemental composition of the films was
measured by a PANalytical X-ray fluorescence (XRF) spectrometer
MagiX PRO calibrated using results obtained from the Rutherford
Backscattering Spectroscopy (RBS) of selected samples. The accu-
racy of the measurement of the elemental composition is denoted
by error bars in Fig. 3. The surface morphology of films was  inves-
tigated using scanning electron microscope FEI QUANTA 200 in the
ESEM regime enabling to study nonconducting films. Mechanical

Fig. 3. Elemental composition of Al–Cu–O film sputtered at fr = 25 kHz as a function
of  �Al/Cu. Open symbols indicate elemental composition of stoichiometric Al2O3 and
CuAl2O4 compounds.

properties of Al–Cu–O films were determined from the load vs.
displacement curves measured by a Fischerscope H-100 micro-
hardness tester with the Vicker’s diamond indenter at the load
L = 20 mN.  The resistance of the film to cracking was  determined
by generation of cracks during penetration of the diamond inden-
ter into the film under high load L = 1 N [12]. The optical properties
of films, i.e. the film transparency T, index of refraction n and
the extinction coefficient k, were investigated in the visible (VIS)
and near infrared (NIR) regions between 300 and 2000 nm,  using
a variable angle spectroscopic ellipsometry (VASE) using the J.A.
Woollam Co. Inc. instrument. The optical properties were evaluated
from reflections at incident angles 65◦, 70◦ and 75◦. The measured
data were fitted using the VASE software and the optical model of
the system composed of the c-Si substrate and the Al–Cu–O layer
described by a Cauchy dispersion formula and surface roughness
layer [13].

Fig. 2. Current Id(t) and voltage Ud(t) waveforms measured with respect to ground potential at (a) Al target and (b) Al/Cu target of dual magnetron operated at the repetition
frequency fr = 25 kHz, pulse period T = 1/fr = 40 �s, �Al = 16 �s and �Al/Cu = 24 �s.
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1764 J. Blažek et al. / Applied Surface Science 258 (2011) 1762– 1767

Fig. 4. Evolution of GIXRD patterns from the Al–Cu–O film on Si (1 0 0) substrate
with increasing Cu content. Reflections from CuAl2O4 and �-Al2O3 powder standards
are  also given for better structure evaluation. The letter s denotes the reflection from
the substrate.

3. Results and discussion

3.1. Elemental composition

The elemental composition of Al–Cu–O film is controlled by
the length of negative voltage pulse �Al/Cu at the Al/Cu target. The
Cu content in the Al–Cu–O film increases with increasing �Al/Cu
and reaches ∼16 at.% at �Al/Cu = 32 �s, see Fig. 3. On the contrary,
the content of Al in the Al–Cu–O film decreases with increasing
�Al/Cu. The accuracy of measurement of the elemental composition
is (i) marked by error bars and (ii) slightly less than ±10%. Insuffi-
cient accuracy of our measurements is very probably a reason why
the elemental composition of the pure Al2O3 film prepared in our
experiment differs from the theoretical one.

The addition of Cu in the Al2O3 film, however, strongly influ-
ences its structure and thus also its properties as shown below.

3.2. Structure and phase composition

The structure of Al–Cu–O films was characterized by GIXRD
technique at the incident angle 0.75◦, see Fig. 4. From this figure
it is seen that all sputtered films are nanocomposite films com-
posed of nanograins embedded in amorphous (a-) matrix. Pure
Al2O3 films are nc-�-Al2O3/a-Al2O3 composites characterized by
broad, low-intensity (3 1 1), (4 0 0) and (4 4 0) reflections from �-
Al2O3 nanograins superposed on a broad amorphous peak; more
details are given in the paper [14]. The addition of Cu in the
Al2O3 film results in a gradual shift of (3 1 1), (4 0 0) and (4 4 0)
reflections of �-Al2O3 phase to lower angles 2� up to positions
corresponding to (2 2 0), (3 1 1), (5 1 1) and (4 4 0) reflections of

CuAl2O4 phase. As the macrostress � in the films does not change
with increasing Cu content (see Table 1) this shift indicates that
Cu atoms are dissolved in �-Al2O3 grains and the (Al8−2x,Cu3x)O12
nanocrystalline solid solution is formed; the formula for the solid
solution describes correctly changes in the Al–Cu–O film but does
not show which Cu atoms substitute for Al and which atoms are
in vacant interstitial sites. However, there are also other facts. The
intensity of �-Al2O3 (4 0 0) reflection decreases with increasing Cu
content in the film and almost disappears at ≥16 at.% Cu. A new
CuAl2O4 (2 2 0) reflection rises at ∼6 at.% Cu and increases with
increasing Cu content. Also, the asymmetry of the CuAl2O4 (3 1 1)
peak to higher 2� angles indicates the co-existence of CuAl2O4
(3 1 1) and (Al8−2x,Cu3x)O12 nanograins. All these facts indicate that
the structure of Al–Cu–O films with ≤10 at.% Cu is very complex
and probably nc-(Al8−2x,Cu3x)O12/a-(Al–Cu–O) nanocomposite is
formed. The confirmation of this statement needs further and more
detailed investigation, which is not, however, the subject of this
article. More details on the formation of �-alumina films can be
found in the following papers [15–20].  The Al–Cu–O films contain-
ing ≥16 at.% Cu are nc-CuAl2O4/a-(Al–Cu–O) nanocomposites.

Also, it is worthwhile to note that all ∼2000 nm thick Al–Cu–O
films exhibit almost the same value of the compressive macrostress
� ≈ −2 GPa. It indicates that changes of properties of Al–Cu–O films
with different Cu content, particularly their mechanical properties
(H, E*) can be explained by changes of their structure.

3.3. Mechanical properties

Mechanical properties of the coating are the hardness H and the
effective Young’s modulus E*. Mechanical behavior of the coating
is characterized by the elastic recovery We, the ratio H/E* [21] and
the ratio H3/E*2 which is proportional to a resistance of the mate-
rial to plastic deformation [22]. The plastic deformation is reduced
in materials with high hardness H and low modulus E*. Therefore,
a low modulus E* is desirable as it allows the given load to be dis-
tributed over a wider area and this way  increases the resistance of
the coating against cracking.

The addition of Cu in Al2O3 film strongly influences its struc-
ture, elemental and phase composition and so also its mechanical
properties. Therefore, it is possible to investigate the mechani-
cal properties as a function of Cu content in the Al2O3 film. The
measured dependences of H, E*, We and the ratio H/E* of sput-
tered Al–Cu–O films as a function of the Cu content are given in
Table 1 and displayed in Fig. 5. All values increase with increasing
Cu content. However, there is a great difference in a gradient of
the increase of H and E*, We and H/E* ratio at Cu content ≥2 at.%.
The Al–Cu–O films with Cu content ≤2 at.% exhibit low values of
H ≈ 8 GPa and E* ≈ 100 GPa what corresponds well to their almost
X-ray amorphous structure [18]. The hardness H strongly increases
with increasing Cu content at ≥2 at.% Cu. On the contrary, the
increase of E*is slower. It results in the increase of (i) the ratio
H/E* > 0.1 and (ii) the elastic recovery We ≥ 70% what plays a deci-
sive role in enhancement of the resistance of the Al–Cu–O film to
its cracking as shown below.

3.4. Resistance of film to cracking

The resistance of the Al–Cu–O film to cracking can be enhanced
in the case when the effective Young’s modulus E* at a given hard-
ness H is reduced and thus the applied load L is distributed over
lager area. It is achieved in the case when the ratio H/E* > 0.1, the
film exhibits a high elastic recovery We and the plastic deformation
of film is reduced. This statement can be confirmed by the gen-
eration of cracks in the film during a penetration of the diamond
indenter into it under a high load L.
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Table  1
Hardness H, effective Young’s modulus E*, elastic recovery We, H/E* and H3/E*2 ratio of the Al–Cu–O films with different Cu content and macrostress � generated in them
during sputtering. All values were measured at the diamond indenter load L = 20 mN.

Film Cu (at.%) h (nm) H (GPa) E* (GPa) We (%) H/E* H3/E*2 (GPa) � (GPa)

1 16.0 3080 20.1 151 76.0 0.133 0.36 −1.79
2 9.7  2070 18.5 143 74.8 0.129 0.31 −2.20
3  6.2 2020 16.7 135 71.0 0.124 0.26 −2.24
4  4.9 1990 16.2 134 70.1 0.121 0.24 −2.15
5  3.3 1900 14.5 130 66.6 0.112 0.18 −2.32
6  2.0 1930 10.0 111 57.5 0.090 0.08 −2.23
7 1.7  2080 8.3 98 53.6 0.085 0.06 −1.80
8 0.0  2520 7.3 100 49.4 0.073 0.04 −0.40

h is the thickness of film.

Fig. 5. (a) Hardness H and effective Young’s modulus E* and (b) elastic recovery We

and H/E* ratio of Al–Cu–O film as a function of Cu content.

The film cracking induced by the diamond impression under
high load L was  investigated in detail in [12]. It was shown that
the resistance of the film to cracking depends on many parameters,
particularly on the hardness H, effective Young’s modulus E* of both
the film and the substrate, the Hf/Ef* and Hs/Es* ratio, the thickness
h of film and the macrostress � in it; here the index f and s denotes
the film and the substrate, respectively. This way it is possible to
find correlations between the mechanical properties of the film and
its resistance to cracking. The resistance of the Al–Cu–O film to
cracking was tested by indentation at high load L = 1 N. The results
of this test are summarized in Fig. 6.

Fig. 6 illustrates the effect of the amount of Cu added in the Al2O3
film on its cracking during loading by the diamond indenter. It is
seen that only the pure Al2O3 film and the Al–Cu–O film with 2 at.%
Cu exhibit clear radial cracks. No cracks are formed in the films with
a higher (>2 at.%) Cu content. It indicates that the incorporation of
Cu in Al2O3 enhances the resistance of Al–Cu–O to cracking. How-
ever, the amount of Cu incorporated in the film has to overpass a
critical value what ensures that the film is (i) highly elastic (high
We ≥ 60%) and (ii) well resistant to plastic deformation (H/E* ≥ 0.1,
H3/E*2 > 0.1). As seen in Table 1 high values of We and H/E* are main
parameters characterizing films with enhanced resistance to crack-
ing. These requirements meet the nc-(Al8−2x,Cu3x)O12/a-(Al–Cu–O)
composite films with >2 at.% Cu.

Besides high values of H/E* ≥ 0.1 and We ≥ 60% an impor-
tant role in the resistance of the film to cracking plays also
the macrostress � generated in it during its growth [12]. The
effect of � on the resistance of Al–Cu–O films to cracking is
illustrated in Fig. 7. The macrostress � was controlled by the
total pressure pT = pAr + pO2 of sputtering Ar + O2 gas mixture.
As expected, the film sputtered at lower value of pT exhibits a
higher �. The nc-(Al8−2x,Cu3x)O12/a-(Al–Cu–O) composite films
with higher compressive stress � exhibits no cracks. On the con-
trary, nc-(Al8−2x,Cu3x)O12/a-(Al–Cu–O) composite films with the
same content of Cu and lower macrostress � exhibit clear radial
cracks. This fact indicates that a higher compressive macrostress

Fig. 6. SEM images of diamond indenter impression into (a) nc-(�-Al2O3)/a-Al2O3 and (b)–(d) nc-(Al8−2x ,Cu3x)O12/a-(Al–Cu–O) composite films created under load L = 1 N.
Mechanical properties of these films are given in Table 1.
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Fig. 7. SEM images of diamond indenter impression into nc-(Al8−2x ,Cu3x)O12/a-(Al–Cu–O) composite films with almost the same (≈6.4 at.%) Cu content but with (a) high
�  = −2.2 GPa and (b) low � = −1.5 GPa compressive macrostress formed under load L = 1 N. Mechanical properties of these films are given in Table 2.

Table 2
Hardness H, effective Young’s modulus E*, elastic recovery We, H/E* and H3/E*2 ratio of nc-(Al8−2x ,Cu3x)O12/a-(Al–Cu–O) composite films with different macrostress � generated
in  them during sputtering. All values were measured at the diamond indenter load L = 20 mN.

Film pT (Pa) Cu (at.%) h (nm) H (GPa) E* (GPa) We (%) H/E* H3/E*2 (GPa) � (GPa)

3 0.5 6.2 2020 16.7 135 71.0 0.124 0.26 −2.24
9  1.5 6.5 1850 19.4 170 70.0 0.114 0.25 −1.50

helps to close cracks in the film after de-loading of diamond inden-
ter. Table 2 shows that both films exhibit almost the same values of
We and H3/E*2 (resistance to plastic deformation) but very differ-
ent values of E* and H/E*. It indicates that a greater role of the H/E*
ratio compared to the H3/E*2 ratio in determination of resistance
of film to cracking. The nc-(Al8−2x,Cu3x)O12/a-(Al–Cu–O) compos-
ite film with higher H/E* and lower E* exhibits no cracks. It is very
probable that the lowest absolute value of E* is a key parameter
which decides about resistance of the film to cracking. This ques-
tion needs a special investigation which is not, however, the target
of this paper.

3.5. Optical properties

The transmittance T, index of refraction n and extinction coef-
ficient k of the Al–Cu–O films with different Cu content were

Fig. 8. Transmittance T of Al–Cu–O films containing different amount of Cu
deposited on microscopic glass substrates vs. wavelength � of the incident elec-
tromagnetic wave.

measured in detail, see Figs. 8 and 9. Fig. 8 displays T as a function
of the wavelength �. This experiment clearly shows that the trans-
parency T of the Al–Cu–O films strongly decreases with increasing
Cu content and the films with ≥16 at.% Cu are opaque. Fig. 9 displays
the evolution of the index of refraction n and the extinction coeffi-
cient k measured at � = 550 nm as a function of Cu content; to see
correlations with mechanical properties the hardness H of Al–Cu–O
films is also displayed. All three quantities n and k and H increase
with increasing at.% Cu. Increase of H is due to the change of the
structure of nanocrystals from �-Al2O3 through (Al8−2x,Cu3x)O12
to CuAl2O4, see Fig. 4.

The index of refraction n = 1.53 of pure Al2O3 film corresponds
to that already reported for the Al2O3 film by Vitanov [23]. The
n = 1.96 of the film with the highest Cu content can be consid-
ered as the refractive index of the nanocrystalline CuAl2O4 phase

Fig. 9. Index of refraction n and extinction coefficient k measured at � = 550 nm and
hardness H of Al–Cu–O film as a function of Cu content.
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(see the elemental composition in Fig. 3). The extinction coeffi-
cient k increasing with increasing Cu content can be explained by
increasing number of electronic states (localized on Cu atoms)
around the Fermi level: note the �-Al2O3 band gap >6 eV [23] and
the CuAl2O4 band gap of ≈2.1 eV [24]. Also, it is worthwhile to note
that a loss of the Al–Cu–O film transparency T at ≥10 at.% Cu content
in the film is compensated by the increase of its hardness H up to
18–20 GPa and increased resistance to cracking as shown in section
3.4 due to increase of (i) elastic recovery We, (ii) ratio H/E* and (iii)
the H3/E*2 characterizing the film resistance to plastic deformation.
Therefore, we can conclude that the amount of Cu added in Al2O3
film is very efficient tool for the control of structure, physical and
functional properties of the Al–Cu–O films.

4. Conclusions

Main results of our study of the effect of Cu addition in the
Al2O3 film reactively sputtered by the DC pulse dual magnetron
sputtering on its structure and properties can be summarized as
follows:

1. The Al–Cu–O films with ≤16 at.% Cu are nanocomposite films
composed of nanograins embedded in a-(Al–Cu–O) matrix.
The structure of nanograins continuously varies from �-Al2O3
through (Al8−2x, Cu3x)O12 to CuAl2O4. Changes in the film struc-
ture strongly influence its properties.

2. The addition of Cu in the Al2O3 film strongly increases its hard-
ness H. However, the effective Young’s modulus E* strongly
increases for ≤3.5 at.% only and thus these Al–Cu–O films exhibit
the ratio H/E* ≤ 0.1. The increase of E*is strongly slowed down in
the Al–Cu–O films with >3.5 at.% and it results in increase of (i)
the ratio H/E* > 0.1, (ii) the elastic recovery We ≥ 70% and (iii)
resistance of the film to cracking.

3. The Al–Cu–O films containing ∼16 at.% Cu have high hardness
H ≈ 20 GPa, low Young’s modulus E* ≈ 150 GPa, very high elas-
tic recovery We = 77% and exhibit the enhanced resistance to
cracking due to high ratio H/E* > 0.1.

4. The film resistance to cracking was determined using the inden-
tation test, i.e. it was assessed from (i) cracks created by the
diamond indenter at a high load L = 1 N and (ii) correlations
between cracking and H, E*, We and H/E* of the Al–Cu–O
film.

5. The amount of Cu added in the Al2O3 film is an efficient tool for
controlling of the structure, mechanical and optical properties
of the Al–Cu–O film.
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The article reports on structure, transparency and mechanical properties of Zr–Al–O oxide thin films with
Zr/AlN1 produced by reactive DC pulse dual magnetron sputtering. Special attention is devoted to the forma-
tion of transparent Zr–Al–O oxide films in the transition mode of sputtering and their unique properties. It is
shown that (i) the transparent Zr–Al–O films can be deposited in the transition mode of sputtering with a
high deposition rate aD achieving up to 80 nm/min at relatively low value of the magnetron target power
density Wt≈45 W/cm2, (ii) the Zr–Al–O films sputtered in the transition and oxides mode of sputtering
are highly elastic and exhibit relatively high hardness (typically H≈18 to 19 GPa), low effective Young's
modulus E⁎ satisfying the ratio H/E⁎N0.1 and high elastic recovery We up to 78%, and highly elastic Zr–Al–
O oxide films with H/E⁎N0.1 exhibit an enhanced resistance to cracking.

© 2011 Elsevier B.V. All rights reserved.

1. Introduction

It is well known that oxide films can be easily prepared in the
oxide mode (OM) of sputtering [1–5]. However, the main problem
of this preparation is an extremely low deposition rate aD=aD in

OM. Therefore, a huge effort is concentrated on the deposition of stoi-
chiometric, highly transparent oxide films in the transition mode
(TM) of sputteringwhere these films can be prepared at much higher
deposition rate aD in TMNaD in OM [6–14]. This article demonstrates
not only a possibility of a high-rate deposition of the transparent
Zr–Al–O oxide films in the transition mode of sputtering but also
their unique properties characterized by a relatively high hardness
H ranging from ~18 to ~19 GPa, high hardness H to the effective
Young's modulus E⁎ ratio H/E⁎N0.1 and high value of the elastic re-
covery WeN70%; here E⁎=E/(1−ν2), E is the Young's modulus
and ν is the Poisson's ratio. The Zr–Al–O films with H/E⁎N0.1 and
We≥70% exhibit enhanced resistance to cracking.

2. Experimental

The Zr–Al–O thin films were reactively sputtered in an Ar+O2

mixture using a dual magnetron equipped with a composed ZrAl tar-
gets (∅=50 mm) consisting of Al circular plate (99.99 at.%) fixed
with a Zr (99.9) ring of inner diameter ∅in Zr=20 mm and closed
magnetic field B. This geometrical arrangement of composite target
made possible to form Zr–Al–O films with the ratio Zr/AlN1. The

magnetron was operated in ac pulse mode generated by a pulse
power supply DORA MSS-10 with an output power 10 kW (made by
DORA Electronics in Poland). The repetition frequency fr of pulses
was 2 kHz and the ac frequency inside pulses was 56 kHz. Themagne-
tron discharge current Id was controlled by the duty cycle τ/T; here τ
is the length of pulse and T=1/fr is the repetition frequency of pulses.
The Zr–Al–O films were sputtered under the following conditions:
discharge current Ida=2 A averaged over the pulse period T, sub-
strate bias voltage Us=Ufl, substrate temperature Ts=500°C,
substrate-to-target distance ds− t=80 mm, variable values of the
partial pressure of oxygen pO2

and constant value of the total pressure
pT=pAr+pO2

=1 Pa; here Ufl is the floating potential.
The film thickness h was measured using a stylus profilometer

DEKTAK 8. The film structure was characterized using an XRD spec-
trometer PANalytical X Pert PRO in Bragg–Brentano configuration
with CuKα radiation. The elemental composition was determined
by X-ray Fluorescence (XRF) spectroscopy with PANalytical XRF Spec-
trometer MagiX PRO. Mechanical properties were determined from
load vs. displacement curves measured by a microhardness tester
Fischerscope H100 with a Vicker's diamond indenter at a load
L=10 mN. For all sputtered films the ratio d/h of diamond depth
impression d to the film thickness h was less than 0.1. The ratio d/h
for the most soft film was 0.1. It indicates that the measured hardness
H of our films is not influenced by the substrate. The transparency of
Zr–Al–O films was measured in the range from 300 to 800 nm using a
spectrometer Specord M400. The resistance of the film to cracking
was investigated in a bending test. The principle of the bending test
is shown in Fig. 1. The film was deposited on a Mo strip
(80×15×0.1 mm3) and the coated strip was bended up to its crack-
ing in a bending apparatus.
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3. Results and discussion

3.1. Reactive sputtering of transparent oxide film in transition mode

The evolution of the partial pressure of oxygen pO2
and the film

deposition rate aD, measured in the reactive magnetron sputtering
of Zr–Al–O films from composed AlZr targets, with increasing flow
rate of oxygen ϕO2

are displayed in Fig. 2. As expected, in the metallic
mode (MM) of sputtering pO2

is zero=O because all oxygen is sorbed
by sputtered Zr and Al atoms. In the transition mode pO2

gradually in-
creases with increasing ϕO2

because (1) the surface of metallic targets
are rapidly covered by anoxide, (2) the sputtering of atoms from targets
is reduced due to the decrease of sputtering yield (γAlNγZrNγZr–Al–O)
and (3) all surfaces in the deposition chamber made of stainless steel
are already oxidized and the excess of oxygen occurs. Despite the last

fact, a sufficient amount of the atomic oxygen NO has not been available
to formwith sputtered Zr and Al atoms stoichiometric fully transparent
oxide films in the whole region of TM. The amount of NO generated in
the magnetron discharge depends on (i) the degree of ionization of
the oxygen gas, i.e. on the intensity of the magnetron discharge, and
(ii) on the amount of oxygen, i.e. on the oxygen flow rate ϕO2

, intro-
duced in the deposition chamber. In our case fully transparent Zr–
Al–O films sputtered in the TM of sputtering are formed at
ϕO2

≤5.5 sccm, see Table 1 and Fig. 3. The transparency of the Zr–Al–O
films sputtered in the OM of sputtering is very similar to that of films
sputtered in the TMof sputtering; transparency curves of films sputtered
in TM and OM of sputtering are overlapping. It indicates that in our case
the deposition rate aD of transparent films almost does not influence
their transparency.

3.2. Transparency of Zr–Al–O films

The measured transparency T of the Zr–Al–O films sputtered on a
glass substrate is displayed in Fig. 3. From this figure it is seen that
the film transparency decreases when pO2

decreases and the operating
point on the curve pO2

=f(ϕO2
) approaches to the MM of sputtering —

compare the transparency T of the film no. 5 with that of the film no. 4.
It is due to the excess of (Al+Zr) metal atoms and the deficiency O
atoms needed to form stoichiometric Al2O3 and ZrO2 oxides. At first,
the Al2O3 oxide is formed because of a higher negative enthalpy
ΔHAl2O3=−1678.2 kJ/mol of the Al2O3 oxide compared to the enthal-
py ΔHZrO2

=−1101.3 kJ/mol of the ZrO2 oxide.

3.3. Structure of Zr–Al–O films

The structure of sputtered Zr–Al–O films strongly depends on the
partial pressure of oxygen pO2

and the film deposition rate aD, see
Fig. 4. The films deposited in the metallic mode (MM) of sputtering
at very low (≤0.01 Pa) value of pO2

are two-phase nc-/a- composites:
nc-h-Zr(101)/a-Al2O3 composite films; here nc- and a- are the nano-
crystalline and amorphous phases, respectively, and h is hexagonal
phase. All available atomic oxygen O is bonded to Al and as the result
a-Al2O3 phase is formed. Films produced at pO2

ranging from ~0.02 to
~0.06 Pa are two-phase a-/a- composites, i.e. a-ZrO2/a-Al2O3 amor-
phous composite films, because the energyWf delivered to the growing
film in this region of pO2

is insufficient to form a crystalline ZrO2 phase.
The energy Wf delivered to the growing films held on a floating poten-
tial is very roughly proportional to the energyWd delivered to themag-
netron discharge. Under this assumption however, the energy Wf

gradually increaseswith increasing pO2
and at pO2

≥0.1 Pa when the en-
ergy Wf is already sufficient for the crystallization of the ZrO2 phase,
nc-/a- composites, i.e. nc-t-ZrO2(101)/a-Al2O3 composite films, com-
posed of one crystalline and one amorphous phase are formed; here t-
is the tetragonal phase. We believe that the nc-t-ZrO2/a-Al2O3 compos-
ite films are composed of ZrO2 grains surrounded by the amorphous
Al2O3 phase. These composite films are highly elastic and exhibit a
high resistance to cracking.

3.4. Mechanical properties of Zr–Al–O films

The measured mechanical properties of the coating are its hardness
H and the effective the effective Young's modulus E⁎=E/(1−ν2); here
E is the Young's modulus and ν is the Poisson's ratio. Mechanical
behavior of the coating is characterized by the elastic recovery We, the
ratio H/E⁎ [15] and the ratio H3/E⁎2 [16] which is proportional to a
resistance of the material to plastic deformation [17]. The plastic
deformation is significantly reduced in materials with high hardness H
and lowmodulus E⁎. Thismeans that a lowmodulus E⁎ is very desirable
as it allows the given load to be distributed over a wider area and to in-
crease the resistance of coating against cracking.

Fig. 1. (a) Schematic illustration of bending test used to induce cracks infilm deposited on
metallic strip.∅mc and ∅fc are the diameters of moving and fixed cylinder, respectively.

Fig. 2. Evolution of (a) pO2
in deposition chamber and (b) aD of Zr–Al–O films sputtered

at Ts=500°C, Ida=2A, Us=Ufl, ds− t=80 mmand pT=pAr+pO2
=1 Pa as a function of

flow rate of oxygen ϕO2
.
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The measured dependences of H, E⁎ andWe as a function of partial
pressure of oxygen pO2

are displayed in Fig. 5. In this figure also the
ratio H/E⁎, calculated from measured values of H and E⁎, is given and
intervals pO2

corresponding toMM, TMandOMof sputtering are clear-
ly denoted. From Fig. 5 it is seen that all quantities (H, E⁎, We) includ-
ing the ratio H/E⁎ increase with increasing pO2

and reach a maximum
in the TM of sputtering. This increase of H and E⁎ is connected with
(i) the reduction of the amount of free Zr1 atoms in the coating,
(ii) the gradual conversion of the three-phase a-Al2O3+a-Zr1O2/Zr2
composite first to the two-phase a-ZrO2/a-Al2O3 composite composed
of two amorphous phases and later to the c-ZrO2/a-Al2O3 composite
composed of one crystalline and one amorphous phase at pO2

≈0.1 Pa
and (iii) the formation of harder c-ZrO2 phase substituting the softer

a-ZrO2 phase; here Zr=Zr1+Zr2 is the total amount of Zr in the film,
Zr1 are atoms forming Zr1O2 oxide and Zr2 are free atoms.

The most important finding is, however, the fact that the ratio
H/E⁎, which increases with increasing pO2

, exceeds the value 0.1
approximately at pO2

≈0.1 Pa and is greater than 0.1 at pO2
N0.1. The

films with H/E⁎N0.1 exhibit unique property — in our case the high
elasticity characterized by a high value of elastic recovery We. Fig. 5
clearly shows a step increase of the elastic recovery We of films, pro-
duced already in a high-pressure part of the TM and the whole OM
of sputtering, from ~55 to ~77% with the ratio H/E⁎ increasing above
0.1; the film elasticity increases by ~40%, see Table 2. This increase of
We is due to a low value of E⁎ and results in a dramatic increase of
the resistance of films with H/E⁎N0.1 against cracking, see Fig. 5.

3.5. Resistance against cracking of Zr–Al–O film during its bending

The resistance of the film to cracking was investigated by its bend-
ing along a cylinder (∅=25 mm). For this test the Zr–Al–O film was
deposited on Mo strip (80×15×0.1 mm3). The formation of cracks
in film during bending the film/substrate couple is illustrated in
Fig. 6. In this figure the surface morphology of (i) Mo strip prior to
film deposition, (ii) as-deposited 3300 nm thick Zr–Al–O film with
low hardness H=7.1 GPa, low ratio H/E⁎=0.06 and low We=44%
and (iii) film morphology after bending the film/substrate couple to
angleα=30° are compared. Cracks created in the film during bending
are clearly seen. It means that bending test can be used to assess the
resistance of the film against cracking.

Table 1
Deposition conditions used in formation of Zr–Al–O films, their (i) deposition rate aD at the substrate-to-target distance ds− t=80 mm, (ii) optical transparency, and the power P
and the energy Wd delivered to the magnetron discharge. Constant deposition conditions: Ida=2 A, Ts=500°C, pT=pAr+pO2

=1 Pa.

Film no. ϕO2

[sccm]
pO2

[Pa]
Mode Pav

[kW]
aD
[nm/min]

aD/Pav
[nm/min kW]

tD
[min]

Wd

[J]
h
[nm]

Transparency

1 0.0 0.00 MM 2.22 208 94 6 13.3 1250 Opaque
2 6.0 0.01 MM 2.06 190 92 10 20.6 1900 Opaque
3 7.0 0.03 MM 2.02 190 94 10 20.2 1900 Opaque
4 6.3 0.06 TM 1.90 123 65 13 24.7 1600 Semi-transparent
5 5.5 0.10 TM 1.80 80 44 20 36.0 1600 Transparent
6 4.7 0.15 TM 1.62 37 23 30 48.6 1100 Transparent
7 4.4 0.20 TM 1.46 18 12 60 87.6 1100 Transparent
8 5.1 0.30 OM 1.35 4 3 120 162.0 1000 Transparent
9 13.1 1.00 OM 1.80 3 2 480 864.0 1350 Transparent

MM, TM and OM denote the metallic, transition and oxide mode of sputtering, respectively. Pav is the power averaged over pulse period T=1/fr.

Fig. 3. Transmittance T of Zr–Al–O films deposited at different values of ϕO2
on micro-

scopic glass substrates vs. wavelength λ of the incident electromagnetic wave. Numbers
of individual curves correspond to the films defined in Table 1.

Fig. 4. Evolution of the structure of Zr–Al–O films with increasing partial pressure of
oxygen pO2

and decreasing deposition rate aD of film.

Fig. 5. Evolution of H, E⁎, We, H/E⁎ of Zr–Al–O films with increasing partial pressure of
oxygen pO2

used in their sputtering at Ts=500°C, Ida=2 A, Us=Ufl, ds− t=80 mm and
pT=pAr+pO2

=1 Pa.
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Results of bending tests are summarized in Table 2. From Table 2 it
is seen that the resistance of film to cracking depends on the ratio
H/E⁎ and the elastic recovery We. It was found that highly elastic
films with high ratio H/E⁎≥0.1 and high We≥70% are more resistant
to cracking compared to films with low ratio H/E⁎b0.1 and low
We≤70%. It is due to the fact that the material with H/E⁎N0.1, which
exhibits a lower value of E⁎ at a given hardness H, is muchmore elastic
compared to the film with H/E⁎≤0.1, distributes the applied load over
a wider area and this way strongly increases the resistance of the coat-
ing against cracking. The films with low E⁎, high ratio H/E⁎N0.1 and
high We≥70% exhibit no cracks even after bending at α=180°. This
finding is of great importance for many applications.

4. Conclusions

Main results of our study of reactive sputtering of the Zr–Al–O com-
posite films with Zr/AlN1 by DC pulse dual magnetron equipped with
composed Al/Zr targets in a mixture of Ar+O2 and their properties
can be summarized as follows.

1. Transparent Zr–Al–O films can be deposited in the TM of sputtering
with up to more than one order of magnitude higher deposition rate
compared with that of transparent Zr–Al–O films deposited in the
OM of sputtering, i.e. aD in TMNaD in OM. Transparent Zr–Al–O films
sputtered in the TM of sputtering are crystalline with a strong
t-ZrO2(101) preferred crystallographic orientation.

2. Transparent Zr–Al–O films sputtered in TM of sputtering exhibit rel-
atively high hardnessH=18–19 GPa, low effective Young'smodulus
E⁎ satisfying the ratio H/E⁎N0.1 and high value of elastic recovery
WeN70%.

3. Transparent Zr–Al–O films with H=18–19 GPa, H/E⁎N0.1 and
We≥70% exhibit strongly enhanced resistance to cracking in bend-
ing. No cracks occur in ~1600 nm thick Zr–Al–O film deposited on
Mo strip after bending along a SS cylinder of diameter 25 mm even
at angle α=180°.

4. Hard coatings with low E⁎ can be based not only on oxides as shown
in this article but also on nitrides [18], carbides [19] and other
compounds.
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The article reports on dc pulsed reactive sputtering of two-phase single layer Al-O-N nanocomposite films using
dual magnetron in a mixture of N2+O2 with pulsed inlet of oxygen. Two kinds of nanocomposite films were
sputtered: (1) nc-AlN/a-(Al-O-N) film and (2) nc-(γ-Al2O3)/a-(Al-O-N) nanocomposite film; here nc- and a-
denotes the nanocrystalline and amorphous phase, respectively. The transition from the nc-AlN/a-(Al-O-N)
nanocomposite to the nc-(γ-Al2O3)/a-(Al-O-N) nanocomposite was controlled by the length of the period of
oxygen pulses TO2. It was found that both nanocomposites are highly elastic films with relatively high
hardness H=15 to 20 GPa, low effective Young's modulus E⁎ satisfying the condition that the ratio H/E⁎>0.1,
high elastic recovery We>60% and high resistance to cracking in bending. Correlations between the film
structure and its mechanical properties are discussed in detail.

© 2012 Elsevier B.V. All rights reserved.

1. Introduction

AlON is the aluminium oxynitride spinel ceramic material which
exhibits technologically interesting physical properties, particularly
optical, mechanical and thermal properties [1–7]. These properties
of the Al-O-N material such as thermal, chemical and mechanical
stability, refractive index, band-gap, transparency can be controlled
and optimized by its elemental composition. Therefore, the Al-O-N
material is successfully used in many applications, for instance, as
transparent armor, military aircraft and missile domes, IR and laser
windows, etc. The Al-O-N is produced not only as a bulk material [1,2]
but also as thin films and coatings [3–7]. The Al-O-N thin films are used
for optical applications, optoelectronic and microelectronic devices,
the Al-O-N coatings as protective coatings against wear, diffusion and
corrosion [3].

The Al-O-N material is a very complex system and not all correla-
tions between themechanical and optical properties and its elemental
and phase composition were found. Our study is concentrated on a
systematic investigation of the mechanical properties of the Al-O-N
coatings only. For enhancement of the mechanical properties of the
Al-O-N coating is very important in the relation between its hardness
H and the effective Young's modulus E⁎ because the ratio H/E⁎makes
it possible to assess a toughness of the coating by measurement of
a resistance of the coating to cracking; here E⁎=E/(1−ν2), E is
the Young's modulus and ν is the Poisson's ratio. A formation of
hard coatings with enhanced toughness is now a new task in the

development of new generation of hard coatings [8–12]. No such
investigation was performed so far. Up to now, an attention was
devoted mainly to the increase of H of the AlON material by its
incorporation in nanomultilayers, e.g. ZrN/AlON [5], VN/AlON [6].

A simple way on how to increase the hardness H of the Al-O-N
coating is to control its structure. Therefore, a main attention in our
study was concentrated on the structure, hardness H, effective Young's
modulus E⁎, elastic recovery We of the Al-O-N coating and the relation
between the ratio H/E⁎ and the cracking of the coating during bending.
The Al-O-N coating is a two-phase nc-grains/a-matrix nanocomposite
composed of nanocrystalline grains embedded in the amorphous
matrix. H and E⁎ of the Al-O-N coating is determined by its structure
which is controlled by the relative content of the nanocrystalline and
amorphous phase.

This article reports on new single-layer nc-AlN/a-(Al-O-N) and
nc-(γ-Al2O3)/a-(Al-O-N) two-phase composite thin films composed
of either AlN or Al2O3 nanograins embedded in an X-ray amorphous
(Al-O-N) matrix which were reactively sputtered by DC pulsed dual
magnetron in a mixture of N2+O2 gases. The main aim of this inves-
tigation is to determine the mechanical properties (the hardness
H and the effective Young's modulus E⁎) and mechanical behavior
(the elastic recovery We and the ratio H/E⁎) of these nitride/oxide
and oxide/oxide nanocomposite films and to find conditions under
which the hard Al-O-N nanocomposite films resistant to cracking in
bending can be formed.

2. Experimental

The Al-O-N films were reactively sputtered using a DC pulsed dual
magnetron, operated in a bipolar mode and equipped with Al targets
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(∅=50 mm), in a mixture N2+O2 gases. During the film deposition
the nitrogen N2 gas was introduced continuously and the O2 gas in
pulses into the deposition chamber. The pulsing of oxygen enabled to
form AlN nanocrystals due to lower affinity of N to Al (the formation
enthalpy of the AlN nitride ΔHAlN=−318.6 kJ/mol [13]) compared to
that of O to Al (ΔHAl2O3=−1678.2 kJ/mol [13]). The AlN nanocrystals
were embedded in the amorphous Al2O3 matrix and the nc-AlN/a-
Al2O3 nitride/oxide nanocomposite film was formed.

The dual magnetron was supplied by an Advanced Energy pulsed
power supply at a repetition frequency fr=100 kHz, the magnetron
current Ida=3 A averaged over the pulse period T=1/fr and the duty
cycle τ/T=0.5 in bipolar mode; here τ is the length of the magnetron
pulse. The pumping speed v of the deposition chamber is approximately
33 l/s. The sputtering process was carried out as follows. At first, prior
to the magnetron discharge ignition Ar gas was introduced in the
deposition chamber at a flow rate ϕAr=20 sccm. Then, the discharge
was started and held at the argon pressure pAr=1 Pa. Then the argon
was fully replaced with nitrogen and held at the pressure pN2=1 Pa
with a flow rate ϕN2=27 sccm. The oxygen was introduced in pulses
with the oxygen pulse-on time τO2=2 s and the repetition frequency
fr O2=1/TO2 increasing with increasing oxygen flow rate ϕO2 from
0 (pure nitride film) to 5 sccm (pure oxide film); here TO2 is the period
of oxygen pulses. The oxygen pulse-on time τO2=2 s was kept con-
stant. Films were deposited on a floating substrate, i.e. at the substrate
biasUs=Ufl, two values of the substrate temperature Ts=RT (unheated
substrates) and Ts=500 °C, the substrate-to-target distance ds-t=
100 mm and the partial pressure of nitrogen pN2=1 Pa; here Ufl is the
floating potential and RT is the room temperature. The Si(100) plates
(20×20×0.3 mm3 for XRD measurements and 30×5×0.3 mm3 for
the measurement of a macrostress σ in the film), microscopic glass
(25×25×1 mm3 for the measurement of an optical transparency) and
Mo strips (80×15×0.1 mm3 for themeasurement of a resistance of the
film to cracking) were used as substrates.

The film thickness h was measured using a stylus profilometer
DEKTAK 8. The film structure was characterized using an XRD spec-
trometer PANalytical X Pert PRO in Bragg–Brentano configuration
with CuKα radiation. The elemental composition was determined by
X-ray Fluorescence (XRF) spectroscopy with PANalytical XRF Spec-
trometer MagiX PRO. Mechanical properties were determined from
load vs. displacement curves measured by a microhardness tester
Fischerscope H100 with a Vicker's diamond indenter at a load L=
30 mN. The transparency of Al-O-N films was measured using a
spectrometer Specord M400. The resistance of the film to cracking
was investigated in a bending test. The principle of the bending test
is shown in Fig. 1. The film was deposited on a Mo strip (80×
15×0.1 mm3) and the coated strip was bended along a fixed cylinder
of diameter∅fc up to angleα at which cracks in the film occurred. The
bending of the coated strip was performed in a bending apparatus
developed in our labs.

3. Results and discussion

3.1. Structure of sputtered films

3.1.1. Effect of substrate temperature
The structure of the Al-O-N film depends on the period TO2 of

oxygen pulses and the substrate temperature Ts used in the film
sputtering, see Figs. 2 and 3. Fig. 2 compares the structure of Al-O-N
films sputtered on unheated substrates (Us=RT) and the substrates
heated at Ts=500 °C. The films deposited on heated substrates
exhibit a lower crystallinity (lower intensities of X-ray reflections)
compared to those deposited on the unheated substrate. It is due to a
release of oxygen from the chamber walls heated by a hot substrate
holder, enhanced dissociation of O2 on the surface of heated sub-
strates, incorporation of more O into the film and by the formation
of a higher amount of the a-Al2O3 phase in the film at Ts=500 °C.
Moreover, it is worthwhile to note that already a small amount of
oxygen contained in a residual atmosphere of the deposition chamber
after its evacuation to a base pressure p0 and/or evolved from the
chamber walls at Ts=500 °C is sufficient to react with sputtered Al.
Therefore, a good reproducibility of properties of the Al-O-N films
sputtered under the same conditions is difficult problem; the film
properties are strongly influenced by the value of residual pressure
p0, i.e. by the efficiency and time of the evacuation of the deposition
chamber, and the state of chamber walls prior to the film deposition.
Therefore, a longer series with finer steps in TO2 was prepared to see
better the evolution of the film structure, see Fig. 3.

3.1.2. Effect of duty cycle of oxygen pulses
The structure of the Al-O-Nfilm strongly depends on a duty cycle of

the oxygen pulses τO2/TO2, i.e. on the amount of oxygen incorporated
in the film. The films produced at τO2/TO2=1 (the deposition at
continuous inlet of oxygen) are nc-(γ-Al2O3)/a-(Al-O-N) composites.

Fig. 1. (a) Schematic illustration of bending test used to create cracks in the film
deposited on a metallic strip.∅mc and∅fc is the diameter of moving and fixed cylinder,
respectively.

Fig. 2. XRD patterns of Al-O-N films sputtered on glass substrate as a function of repetition frequency of oxygen pulses fr O2 at τO2=2 s and two values of the substrate temperature
Ts=RT (unheated substrate) and Ts=500 °C.
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The films produced at τO2/TO2=0 (deposition in pure nitrogen) are
crystalline c-AlN films. The addition of oxygen O in the c-AlN film
(0bτO2/TO2b1) results in the formation of nc-AlN/a-(Al-O-N) compos-
ite films which gradually change first to fully amorphous a-(Al-O-N)
films at τO2/TO2≈0.2–0.25 and then to nc-(γ-Al2O3)/a-(Al-O-N) com-
posite films when the ratio τO2/TO2 increases to 1, see Fig. 3. These
changes of the structure of the Al-O-N film result in strong changes of
its mechanical properties.

3.2. Mechanical properties of Al-O-N films

Mechanical properties of the film are the hardness H and the
effective Young s modulus E⁎. Mechanical behavior of the film is
characterized by the elastic recovery We, the ratio H/E⁎ [14–16] and
the ratio H3/E⁎2 [17]. The ratio H/E⁎ is proportional to a fracture
toughness of the film [10,11]. The ratio H3/E⁎2 is proportional to a
resistance of the material to plastic deformation. It means that the
films with enhanced resistance to cracking and plastic deformation
should have low values of E⁎. This statement was already confirmed
for the Al-Cu-O films [10] and for the Zr-Al-O films [11]. It was found
that the films with H/E⁎>0.1 are highly elastic (We≥60%) and
exhibit an enhanced resistance to cracking. The main aim of the
present investigation is to find if also the Al-O-N films can be highly
elastic and can exhibit an enhanced resistance to cracking.

The hardness H, effective Young's modulus E⁎ and elastic recovery
We of Al-O-N films sputtered on unheated substrates (Ts=RT) and
heated (Ts=500 °C) substrates were measured in detail. The evolu-
tion of the H/E⁎ ratio and We of the Al-O-N films sputtered at Ts=RT
with increasing frequency of oxygen pulses fr O2=1/TO2 is displayed
in Fig. 4; the thickness h and values of H and E⁎ of these films are given
in Table 1. From this figure it is seen that the Al-O-N films sputtered
at TO2 ranging from ~12 to ~25 s exhibit (1) high ratio H/E⁎>0.1 and
(2) high value of the elastic recovery We≥60%, i.e. the properties we
wanted to find. The values of the ratio H/E⁎ andWe of the Al-O-N films
grow with increasing substrate temperature Ts.

The formation of the Al-O-N films with high values of H/E⁎ andWe

is a result of the change of their structure with increasing amount of
oxygen added in N2+O2 sputtering gas mixture, see Fig. 2. To obtain
the Al-O-N films with maximum hardness H, H/E⁎>0.1 andWe>60%
the relative amount of the nc-AlN phase and the a-(Al-O-N) phase in
the nc-AlN/a-(Al-O-N) composite film needs to be optimized. It can
be achieved by the control of the amount of oxygen added into N2+
O2 mixture, see Fig. 5. The hardness H of the Al-O-N films sputtered
on the substrate held on a floating potential (Us=Ufl) increases with
increasing substrate temperature Ts; compare the values of H of the
Al-O-N films sputtered on the unheated (Ts=RT, Table 1) and heated
(Ts=500 °C, Table 2) substrate.

Fig. 5. shows correlations between the mechanical properties
(H, E⁎) and H/E⁎ ratio of the Al-O-N films sputtered at Ts=500 °C and
their structure. From this figure the following important issues can
be drawn: (1) the nc-AlN/a-(Al-O-N) and nc-(γ-Al2O3)/a-(Al-O-N)

Fig. 3. Evolution of XRD patterns of Al-O-N films, sputtered at Us=Ufl and Ts=500 °C, with increasing repetition frequency of oxygen pulses fr O2.

Fig. 4. We and H/E⁎ of the Al-O-N films sputtered at Ts=RT and 500 °C as a function of
period of oxygen pulses TO2.

Table 1
Thickness h, hardness H, effective Young's modulus E⁎, H/E⁎ and H3/E⁎2 of the Al-O-N
films reactively sputtered in N2+O2 mixture on unheated substrate (Ts=RT) as a
function of the period between oxygen pulses TO2 at a constant length of the oxygen
pulse τO2=2 s.

TO2 h H E⁎ We H/E⁎ H3/E⁎2

[s] [nm] [GPa] [GPa] [%] [GPa]

∞ 3100 6.7 108.7 45.3 0.062 0.025
40 2600 8.9 117.2 52.9 0.076 0.051
25 2900 10.5 121.4 57.6 0.086 0.079
20 3100 15.5 127.9 66.8 0.121 0.228
15 2900 13.8 118.0 65.0 0.128 0.225
10 2500 9.7 104.0 53.2 0.093 0.084
2 1200 10.8 83.4 59.7 0.116 0.144
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nanocomposite films have a higher hardness H compared with that of
the c-AlN (sputtered at τO2/TO2=0) and amorphous a-(Al-O-N) films
(sputtered at τO2/TO2 ranging from ~0.18 to ~0.3), (2) two kinds of
the nanocomposite films with H/E⁎>0.1 are formed: (a) the nc-AlN/
a-(Al-O-N) nanocomposite films in the interval τO2/TO2 ranging from
~0.1 to ~0.18 in which the hardness H is almost constant and the
effective Young's modulus E⁎ decreases and (b) the nc-(γ-Al2O3)/a-
(Al-O-N) nanocomposite films at τO2/TO2≥0.3, and (3) the Al-O-N
films with H/E⁎>0.1 exhibit a high elastic recovery We≥60%.

Correlations between values of H, E⁎, We, H/E⁎, H3/E⁎2, macro-
stress σ of the Al-O-N films sputtered at Si(100) substrate and cracks
generated in the Al-O-N sputtered on Mo strip during bending are
given in Table 2. The following facts should be underlined: (1) nc-
AlN/a-(Al-O-N) and nc-(γ-Al2O3)/a-(Al-O-N) composite films with
H/E⁎>0.1 exhibit relatively high hardness H=~15 to ~18 GPa, (2)
the hardness H of the nc-AlN/a-(Al-O-N) composite increases with
increasing ratio τO2/TO2, i.e. with decreasing content of the nc-AlN
phase, and the hardness H of the nc-(γ-Al2O3)/a-(Al-O-N) composite
increases with the ratio τO2/TO2 increasing above 0.3, i.e. with
increasing content of nc-(γ-Al2O3) phase, and (3) the hardness H of
the a-(Al-O-N) films is low of about 10 GPa only; these films exhibit
low elastic recovery We≤50%, H/E⁎b0.1, low resistance to plastic
deformation (H3/E⁎2b0.1) and low compressive macrostress σ.
The incorporation of the nanocrystalline phase in the amorphous
a-(Al-O-N) matrix strongly increases H, We, H/E⁎ and H3/E⁎2, i.e.
increases the resistance of the film to plastic deformation and its
resistance to cracking in bending. It is of great importance for many
applications.

3.3. Resistance of Al-O-N films to cracking in bending

The resistance of the Al-O-N film to cracking was investigated
by the bending of Mo strip (80×15×0.1 mm3) coated with sputtered
Al-O-N film along the fixed cylinder of diameter ∅=25 mm. The
resistance of the film to cracking is assessed from the angle αc at
which macrocracks in the film occurred. The higher angle αc the
higher is the resistance of the film to cracking. This method is based
on the assumption that the adhesion of the film to Mo strip is good. It
was found that (i) the resistance of the film to cracking depends on
the ratio H/E⁎ and the elastic recovery We and (ii) all Al-O-N films
with H/E⁎>0.1 and high We≥60% resist well to cracking in bending.
This fact is illustrated in Fig. 6 where the Al-O-N films with H/E⁎b0.1
and H/E⁎>0.1 are compared. Cracks perpendicular to the direction
of bending of the coated strip are produced in the X-ray amorphous
a-(Al-O-N) film with H/E⁎b0.1. No cracking of the nc-nitride/a-oxide
composite film with H/E⁎>0.1 takes place when the Mo strip covered
by this film is bended along a fixed SS cylinder of diameter 25 mm up
to angle α=180°bαc. Recently, similar results were obtained also for
the sputtered Zr-Al-O films with H/E⁎b0.1 and H/E⁎>0.1 [11].

In some cases, however, also the Al-O-N filmswith H/E⁎b0.1 exhibit
no cracking in bending, see Table 2. The reason why no cracks occur in
the film with H/E⁎b1 is not clear. Typical example is the film sputtered
at Ts=500 °C without inlet of oxygen (TO2=∞ in Table 2). This
film despite low H=9.6 GPa, low E⁎=138 GPa, i.e. H/E⁎=0.07, and
relatively lowWe=50% does not crack on theMo strip in bending up to
180 °C. As shown in Fig. 2 this film is nitride/oxide composite. It
indicates that the resistance of the film to cracking is controlled also

Table 2
Thickness h, hardness H, effective Young's modulus E⁎, H/E⁎ and H3/E⁎2 of Al-O-N films reactively sputtered in N2+O2 mixture on heated substrate (Ts=500 °C) as a function of
the period between oxygen pulses TO2 at a constant length of the oxygen pulse τO2=2 s. The Mo strip coated with Al-O-N film was bended along cylinder∅fc=25 mm up to angle
α=180° if no cracks occurred.

TO2 h H E⁎ We H/E⁎ H3/E⁎2 σ Cracks α Structure
[s] [nm] [GPa] [GPa] [%] [GPa] [GPa] [deg]

∞ 2900 9.6 138 50 0.070 0.047 −0.47 No c-AlN/(a-Al2O3)a

20 2900 16.1 160 62 0.101 0.164 −0.50 40 nc-(AlN)/a-(Al-O-N)
18 2900 17.3 150 67 0.115 0.229 −0.55 No ″

16 2700 15.3 160 62 0.096 0.141 −0.43 40 ″

14 2700 18.4 136 75 0.135 0.335 −0.58 No ″

12 3300 18.2 135 74 0.135 0.332 n.m. No ″

10 2900 10.8 122 52 0.089 0.086 −0.18 40 a-(Al-O-N)
8 2800 9.9 119 50 0.083 0.068 −0.14 No ″

6 1700 18.6 173 66 0.108 0.217 −1.60 No nc-(γ-Al2O3)/a-(Al-O-N)
4 1500 20.3 176 69 0.115 0.268 −2.20 No ″

2 1700 18.3 172 67 0.106 0.206 −2.10 n.m.b ″

n.m.=not measured.
a a‐Al2O3 phase is formed in reaction of Al atoms with oxygen contained in a residual atmosphere.
b The film was delaminated from the Mo strip.

Fig. 5. H, E⁎, We and H/E⁎ of the Al-O-N films sputtered at Ts=500 °C as a function of oxygen duty cycle τO2/TO2.
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by the amount of individual phases in the composite material. There-
fore, further investigation is needed to confirm this hypothesis.

4. Conclusions

Main results of our study of mechanical properties of the Al-O-N
nanocomposite films reactively sputtered in a mixture of N2+O2

using a pulse injection of oxygen can be summarized as follows.

1. The pulsed injection of oxygen into nitrogen gas during the reactive
sputtering of pure Al target enables to form two kinds of single layer
nanocomposites: (1) nc-nitride/a-oxide nanocomposite with a low
O content and (2) nc-oxide/a-oxide nanocomposite with a high O
content composed of the nc-AlN phase or the nc-(γ-Al2O3) phase
embedded in the amorphous (Al-O-N) phase, respectively. In the
transition between the nc-nitride/a-oxide and the nc-oxide/a-oxide
nanocomposite films the X-ray amorphous a-(Al-O-N) films are
formed. Relative content of individual phases in the nanocomposite
was controlled by the period TO2 between pulses at constant length
of oxygen pulse τO2=2 s.

2. The addition of the nanocrystalline phase in an amorphous matrix
strongly increases the hardness of the nanocomposite material
compared with the amorphousmaterial. Both the nc-nitride/a-oxide
and the nc-oxide/a-oxide nanocomposite films exhibit relatively
high hardness H=15 to 20 GPa, low Young's modulus E⁎ satisfying
the ratio H/E⁎>0.1 and high elastic recovery We>60%. On the
contrary, the X-ray amorphous a-(Al-O-N) films exhibit much lower
hardness H≈10 GPa, low ratio H/E⁎b0.1 and low W≈50%.

3. Hard nanocomposite films with H/E⁎>0.1 deposited on the Mo
strip resist well to cracking in bending.

4. The hard Al-O-N nanocomposite films with hardness H ranging
from ~15 to ~20 GPa, H/E⁎>0.1 and We>60% deposited on the
0.1 mm thick Mo strip which did not crack during bending along
the fixed cylinder of diameter 25 mm up to angle 180° were
successfully prepared.
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The paper reports on the structure, mechanical and optical properties of sputtered Zr–Al–O films. The Zr–Al–O
films with Zr/Al>1 and Zr/Alb1 were prepared by a reactive sputtering using ac pulse dual magnetrons. The
magnetrons were equipped with a target composed of Al plate (∅=50 mm) fixed to the magnetron cathode
by a Zr fixing ring with inner diameter ∅in. The content of Al in the Zr–Al–O film was controlled by ∅in. It
makes possible to control effectively the structure of the Zr–Al–O film determined by amixture of the crystalline
ZrO2 phase and the amorphous Al2O3 phase. The effect of Al content on the structure, mechanical and optical
properties of the Zr–Al–O film is investigated in detail. It was found that (i) the Zr–Al–O films with Zr/Alb1
are X-ray amorphous and exhibit low hardness (H≤13 GPa), an effective Young's modulus E⁎ resulting in a
low H/E⁎b0.1 ratio and low elastic recovery We≤60 and (ii) the Zr–Al–O films with Zr/Al>1 are crystalline
and exhibit high hardness (H=18 to 19 GPa), an E⁎ satisfying a high H/E⁎≥0.1 ratio, high We up to 78% and
strongly enhanced resistance to cracking during bending even for thick films up to 5 μm.

© 2012 Elsevier B.V. All rights reserved.

1. Introduction

It is well known that the addition of one or several elements in a
base material is a very effective method used to influence its structure
and phase composition and thereby its properties. There are many
papers demonstrating this fact. For illustrating this phenomenon we
present several examples. The addition of Al in the HfO2 film im-
proves the thermal stability of an (HfO2)1−x(Al2O3)x film due to the
increase of its crystallization temperature Tcr. On the other hand,
the addition of Zr in the HfO2 film decreases the thermal stability of
(HfO2)1−x(ZrO2)x film due to decreasing Tcr in consequence of a
strong tendency of the ZrO2 oxide to form a crystalline phase [1].
The addition of a small amount of Si (b10 at.%) in the TiN film can
strongly increase the hardness Ti–Si–N film due to its conversion
from the one-phase TiN material in a two-phase nc-TiN/a-Si3N4

nanocomposite material composed of TiN nanograins surrounded by
a tissue amorphous Si3N4 phase [2]; here nc- and a- denotes the
nanocrystalline and amorphous phase, respectively. On the other
hand, the addition of a high amount of Si (≥20 at.%) in the MeN
film can considerably increase the resistance of a two-phase nc-TiN/
a-Si3N4 nanocomposite material to oxidation due to the dominance
of the a-Si3N4 phase in the nanocomposite over the nc-TiN phase
[3]. The addition of several elements in alloys are used to form

equiatomic amorphous solid solution films with enhanced mechani-
cal properties and high corrosion and wear resistance [4–6]; these
coatings are called as multi-element or high entropy alloys (HEA), ni-
trides and carbides. Recently, the addition of Cu in Al2O3 [7], Al in
ZrO2 [8] and N in Al2O3 [9] was used to enhance the resistance of
Al–Cu–O, Zr–Al–O and Al–O–N films to cracking.

As to the last application, i.e. the improvement of the film resis-
tance to cracking by the addition of a selected element, many ques-
tions remain open so far. For instance, the enhanced resistance of
the Zr–Al–O films was demonstrated only for the films with a high
ratio Zr/Al>1. However, there is also the question if the Zr–Al–O
films with a low ratio Zr/Alb1 can exhibit the enhanced resistance
to cracking. Therefore, the investigation of mechanical and optical
properties of the Zr–Al–O films with low ratio Zr/Alb1 and their resis-
tance to cracking is the main aim of this paper. The mechanical and
optical properties of the Zr–Al–O films with Zr/Alb1 to Zr/Al>1 are
compared in detail, and the very different resistance to cracking is
explained by their strongly different mechanical properties.

2. Experimental

The Zr–Al–O thin films were reactively sputtered in an Ar+O2

mixture using a dual magnetron equipped with Zr–Al targets (∅=
50 mm) composed of the Al circular plate (99.99 at.%) fixed with
two Zr (99.9 at.%) rings of inner diameter ∅in Zr=20 and 24 mm
and operated in a closed magnetic field B. The Zr–Al–O films with
Zr/Alb1 and Zr/Al>1 were sputtered from targets fixed with the Zr
fixing ring of inner diameter ∅in Zr=24 and 20 mm, respectively.
The magnetron was operated in an ac pulse mode generated by a
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pulse power supply DORA MSS-10 with an output power 10 kW
(made by DORA Electronics in Poland). The repetition frequency fr
of pulses was 2 kHz and the ac frequency inside pulses was 56 kHz.
The magnetron discharge current Id was controlled by the duty

cycle τ/T; here τ is the length of pulse and T=1/fr is the repetition
frequency of pulses. The Zr–Al–O films were sputtered under the fol-
lowing conditions: discharge current Ida=1 and 2 A averaged over
the pulse period T, substrate bias voltage Us=Ufl, substrate tempera-
ture Ts=500 °C, substrate-to-target distance ds–t=80 mm, variable
values of the partial pressure of oxygen pO2 and constant value of
the total pressure pT=pAr+pO2=1 Pa; here Ufl is the floating
potential.

The film thickness h was measured using a stylus profilometer
DEKTAK 8. The film structure was characterized using an XRD spec-
trometer PANalytical X Pert PRO in Bragg–Brentano configuration
with CuKα radiation. The elemental composition and density was de-
termined by X-ray Fluorescence (XRF) spectroscopy with PANalytical
XRF Spectrometer MagiX PRO. The density of the film was determined
by weighting. The density of the film was calculated from the mea-
sured weight of the substrate with and without the film. Mechanical
properties, i.e. the microhardness H, the effective Young's modulus
E⁎ and the elastic recovery We, were determined from load vs. dis-
placement curves measured by a microhardness tester Fischerscope
H100 with a Vickers diamond indenter at a load L=10 mN; here
E⁎=E/(1-ν2), E is the Young's modulus, ν is the Poisson's ratio,
We=A1/(A1+A2), A1 and A2 are the elastic energy and the plastic
(dissipated) energy, respectively, applied to the film during the load-
ing of the diamond indenter. For all sputtered films the ratio d/h of
the diamond depth impression d in the film surface to the film thick-
ness h was less than 0.1. The ratio d/h for the softest film was 0.1. It
indicates that the measured hardness H of our films is not influenced
by the substrate. The transparency of Zr–Al–O films was measured in
the range from 300 to 800 nm using a spectrometer Specord M400.
The resistance of the film to cracking was investigated in a bending
test. The principle of the bending test is shown in Fig. 1. The film

Fig. 1. (a) Schematic illustration of bending test used to induce cracks in the film
deposited on metallic strip. ∅mc and ∅fc is the diameter of the moving and fixed
cylinder, respectively.

Fig. 2. The elemental composition of the Zr–Al–O films with (a) low ratio Zr/Alb1 and
(b) high ratio Zr/Al>1 sputtered on Si(100) substrate at Us=Ufl, Ts=500 °C, pT=1 Pa
and Ida=1 and 2 A, respectively, as a function of partial pressure of oxygen pO2. MM,
TM and OM are the metallic, transition and oxide modes of sputtering, respectively.

Fig. 3. (a) The deposition rate aD and (b) density ρ of the Zr–Al–O films with low ratio
Zr/Alb1 and high ratio Zr/Al>1 sputtered on Si(100) substrate at Us=Ufl, Ts=
500 °C, pT=1 Pa and Ida=1 and 2 A, respectively, as a function of partial pressure
of oxygen pO2.
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was deposited on a Mo strip (80×15×0.1 mm3) and the coated strip
was bent up to its cracking point in the bending apparatus developed
in our labs.

3. Results

3.1. Elemental composition

The evolution of the elemental composition in the Zr–Al–O films
with low Zr/Alb1 and high Zr/Al>1 reactively sputtered using ac
pulsed dual magnetrons is displayed in Fig. 2. In this figure modes of
sputtering in which films were prepared are also denoted. It can be
seen that most of the films, which were sputtered in the transition
mode (TM) of sputtering and the oxide mode (OM) of sputtering,
have almost the same elemental composition. The transition mode of
sputtering corresponds to a range of the partial pressure of oxygen
pO2 atwhich there is a deficiency of atomic oxygen in the discharge nec-
essary to form stoichiometric oxides. The deposition rate aD of the Zr–
Al–O films decreases with increasing pO2, but it is higher for the Zr–
Al–O films with high ratio Zr/Al>1, see Fig. 3a. The Zr–Al–O films
with high ratio Zr/Al>1 are also denser than the Zr–Al–O films with
low ratio Zr/Alb1, see Fig. 3b. It is due to the different structure of the
Zr–Al–O films with low Zr/Alb1 and high Zr/Al>1 ratio and a higher
Zr content in the Zr–Al–O films with high Zr/Al>1 ratio. The films
containing a lower amount of the amorphous Al2O3 phase, i.e. the Zr–
Al–O films with high ratio Zr/Al>1, are denser.

3.2. Structure

The structure of the sputtered Zr–Al–O film strongly depends on its
elemental and phase composition, i.e. on the Zr/Al ratio and the partial
pressure of oxygen pO2 used in its deposition. The Zr–Al–O films with
ratio Zr/Alb1 sputtered in the metallic mode (MM) of sputtering are
crystalline. The increase of pO2 results in (i) the formation of Zr and Al
oxides and (ii) the gradual change of the crystalline film (pO2=0)
through the crystalline/amorphous composite (pO2=0.04 Pa) to the
X-ray amorphous film (pO2≥0.06 Pa), see Fig. 4a. The X-ray amorphous
film mainly consists of the a-Al2O3 phase because (i) the free oxygen is
preferentially bounded to Al compared to Zr due to a higher negative
formation enthalpy ΔH of the Al2O3 oxide compared to that of the
ZrO2 oxide (|ΔHAl2O3=−1678.2 kJ/mol|>|ΔHZrO2=−1101.3 kJ/mol|
[10]) and (ii) a low ratio Zr/Alb1 resulting in a low content of the
ZrO2 oxide phase in the film compared to the content of the a-Al2O3

phase; no reflections from the ZrO2 phase are seen due to a low ratio
Zr/Alb1. It is also possible that the amorphous Al2O3 acts as a template

Fig. 4. The structure of the Zr–Al–O films with (a) low ratio Zr/Alb1 and (b) high ratio
Zr/Al>1 sputtered on Si(100) substrate at Us=Ufl, Ts=500 °C, pT=1 Pa and Ida=1
and 2 A, respectively, as a function of partial pressure of oxygen pO2.

Fig. 5. Photo of the HRTEM image of the cross-section of the 1600 nm thick Zr–Al–O film on Si(100) substrate with Zr/Al>1 taken in the middle between the film surface and the
film/substrate interface. The Zr–Al–O film with H=19.2 GPa, E⁎=163 GPa, We=74% and H/E⁎=0.118 is a composite composed of ZrO2 nanograins embedded in the amorphous
matrix. (a) Schematic of the film/substrate couple, (b) the HRTEM image of the cross-section microstructure in the square marked in Fig. 5a and (c) the Fast Fourier Transformation
(FFT) image in the place of HRTEM image.
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for the formation of the nanoscale ZrO2 and forces the ZrO2 into an
amorphous state. On the other hand, the Zr–Al–O film with high ratio
Zr/Al>1 is the nc-ZrO2/a-Al2O3 composite film containing ZrO2

nanograins embedded in the amorphous Al2O3 matrix as can be seen
in Fig. 4b and Fig. 5 where the photo of a cross-section of this film is
given. Fig. 4b also clearly demonstrates that the film crystallinity of
the Zr–Al–O film with high ratio Zr/Al>1 improves with increasing
pO2 and decreasing deposition rate aD.

3.3. Microstructure

Typicalmicrostructure of the Zr–Al–Ofilmwith Zr/Al>1 (filmno.5 in
Fig. 4b) approximately in the middle between the film surface and the
film/substrate interface is displayed in Fig. 5. Fig. 5a denotes the place
(red square) in which the microstructure was investigated. Fig. 5b dis-
plays HRTEM image of the film microstructure in this place. From
Fig. 5b it is seen that nanograins in the film are surrounded by an
amorphous phase and have different crystallographic orientation. Most
of the nanograins would be oriented in one crystallographic direction
as it indicates a strong t-ZrO2 (101) preferred crystallographic orienta-
tion shown in Fig. 4b what was not demonstrated by HRTEM so far.
The existence of nanocrystalline regions in thefilm is, however, observed
by a Fast Fourier Transformation (FFT) image performed for the crystal-
line phase, see Fig. 5c. The finding that the Zr–Al–O film with Zr/Al>1 is
the composite composed of nanograins dispersed in amorphous matrix
is of fundamental importance because the nanocomposites of this type
exhibit enhanced mechanical properties.

3.4. Mechanical properties

The mechanical properties of the coating are its hardness H and
the effective Young's modulus E⁎=E/(1-ν2); here E is the Young's
modulus and ν is the Poisson's ratio. The mechanical behavior of the
coating is characterized by the elastic recovery We, the ratio H/E⁎

[7–9,11] and the ratio H3/E⁎2 which is proportional to a resistance
of the material to plastic deformation [12,13]. The plastic deformation
is significantly reduced in materials with high hardness H and low
Young's modulus E⁎ due to their enhanced elasticity which occurs
only in the case when the material or coating exhibits a high ratio
H/E⁎≥0.1; more details are given in references [8,9]. Recently, the va-
lidity of this statement was confirmed also for the Zr–Si–O coatings
[14]. It means that a low modulus E⁎ is very desirable as it allows
the given load to be distributed over a wider area and to increase
the resistance of the coating to cracking.

The measured dependences of H, E⁎ and We of the Zr–Al–O film
with a low ratio Zr/Alb1 and a high ratio Zr/Al>1 as a function of par-
tial pressure of oxygen pO2 are displayed in Fig. 6a and b, respectively.
In these figures also the ratio H/E⁎, calculated from measured values
of H and E⁎, is given and intervals pO2 corresponding to the metallic
(MM), transition mode (TM) and oxide mode (OM) of sputtering
are clearly denoted. A comparison of Fig. 6a and b clearly shows
that the mechanical properties of the Zr–Al–O film with Zr/Alb1
and Zr/Al>1 strongly differ. The Zr–Al–O films with Zr/Alb1 are
softer and less elastic and exhibit a low ratio H/E⁎b1 compared to
the Zr–Al–O film with Zr/Al>1. This difference is a consequence of
different structure of the film with Zr/Alb1 and Zr/Al>1, see Fig. 4,
which results in different mechanical behaviors of the Zr–Al–O film
with low ratio Zr/Alb1 and high ratio Zr/Al>1. Key parameters decid-
ing on the mechanical behavior of the Zr–Al–O film are its elastic re-
covery We and the H/E⁎ ratio. Recently, it was shown that an
enhanced mechanical behavior, particularly the enhanced resistance
to cracking, exhibits the hard highly elastic (We≥60%) films with
low effective Young's modulus E⁎ satisfying the ratio H/E⁎≥0.1 only
[8,9]. These requirements, however, do not meet relatively soft
(H≈12 GPa), X-ray amorphous Zr–Al–O films with Zr/Alb1; these
films easily crack. On the other hand, the hard Zr–Al–O film with

Zr/Al>1, H≈18 to 19 GPa, H/E⁎>0.1 and We≥60%, produced in
a wide range of pO2 marked in yellow in Fig. 6b, exhibit the enhanced
resistance to cracking, see next section.

3.4.1. Resistance to cracking
The resistance of the film to cracking was investigated by bend-

ing of the metallic strip coated by the film along a fixed cylinder
(∅=25 mm). For this test the Zr–Al–O film was deposited on a
Mo strip (80×15×0.1 mm3). The formation of cracks in the film
during the bending of the film/substrate couple is illustrated in
Fig. 7. In this figure the surface morphology of two films after bend-
ing are compared: (1) the Zr–Al–O film with a low ratio Zr/Alb1
and (2) Zr–Al–O film with a high ratio Zr/Al>1. The main parame-
ters of both films are given in Table 1.

As expected the X-ray amorphous Zr–Al–O film with low ratio
Zr/Alb1 and low values of (i) We≈44% and (ii) H/E⁎≈0.06 ratio

Fig. 6. Hardness H, effective Young's modulus E⁎, elastic recovery We and H/E⁎ ratio of
the Zr–Al–O films with (a) low Zr/Alb1 and (b) high Zr/Al>1 sputtered on Si(100)
substrate at Us=Ufl, Ts=500 °C, pT=1 Pa, and Ida=1 and 2 A, respectively, as a func-
tion of partial pressure of oxygen pO2. MM, TM and OM are the metallic, transition and
oxide modes of sputtering, respectively.
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easily cracks already at small bending at α≈30°. On the other hand,
the Zr–Al–O composite film with Zr/Al>1 and high values of (i)
We≈75% and (ii) H/E⁎≈0.118 ratio, composed of nanograins em-
bedded in the amorphous matrix, exhibits an enhanced resistance
to cracking; no cracks in the film occurred after bending at α=
180° even in thick films up to 5 μm. It is due to the fact that the
hard film with H/E⁎>0.1, which exhibits a low value of E⁎ satisfying
the high ratio H/E⁎>0.1, is highly elastic compared to the film with
the low ratio H/E⁎≤0.1, which distributes the applied load over a
wider area and thereby strongly increases its resistance to cracking.

The structure of the Zr–Al–O film with a low ratio Zr/Alb1 and a
high ratio Zr/Al>1 also strongly differ, see Fig. 8. The structure of
the Zr–Al–O film with Zr/Alb1 is X-ray amorphous. On the other
hand, the Zr–Al–O film with Zr/Al>1 exhibits a clear t-ZrO2 (101)
preferred crystallographic orientation. It indicates that the mechani-
cal properties of the film and its mechanical behavior, particularly
its resistance to cracking, are strongly influenced by the incorporation
of nanograins in the amorphous matrix. At present, the optimization
of these properties remains, however, an open problem. It is very
probable that the optimization of the film properties will depend on
the ratio of the amount of the nanocrystalline phase and the amount
of the amorphous phase, the separation distance between the nano-
crystalline regions, their crystallographic orientations and dimen-
sions. This investigation is now under way in our labs.

Fig. 7. Surface morphology of (a) the Zr–Al–O film with Zr/Alb1 and (b) the Zr–Al–O
film with Zr/Al>1 after bending of the film/substrate couple along the steel cylinder
of diameter ∅=25 mm to angle α=30° and 180°, respectively. Photos are images in
a back scattering electrons (BSE) mode.

Table 1
Thickness h, deposition rate aD, hardness H, effective Young's modulus E⁎, elastic re-
covery We and H/E⁎ ratio of the Zr–Al–O film with low Zr/Alb1 and high Zr/Al>1
ratio, and the angle α of bending of Mo strip coated with the film used in the assess-
ment of its resistance to cracking.

Zr/Al h
[nm]

aD
[nm/min]

H
[GPa]

E⁎

[GPa]
We

[%]
H/E⁎ α

[deg]
Cracks

b1 2200 66 12.3 147 52 0.084 30 Yes
>1 5000 63 17.9 152 75 0.118 up to 180 No

Fig. 8. The XRD patterns of the Zr–Al–O film with (i) Zr/Alb1 and low ratio H/E⁎b0.1
and (ii) Zr/Al>1 and high ratio H/E⁎>0.1. The surface morphology of these films
after bending of the film/Mo strip couple is shown in Fig. 7.

Fig. 9. Transmittance T of the Zr–Al–O films with (a) low Zr/Alb1 and (b) high
Zr/Al>1 ratios as a function of wavelength λ of incident electromagnetic wave. Numbers
of individual curves correspond to the films with different elemental composition and
mechanical properties given in Table 2.
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3.5. Optical properties

The transparency T was measured for both kinds of Zr–Al–O films
with a low Zr/Alb1 and a high Zr/Al>1 ratio, see Fig. 9. The transparen-
cy T of the Zr–Al–O film is determined by the amount of free Zr and Al
atoms in the film. It means that the transparency T of the film strongly
depends on the partial pressure of oxygenpO2 and the discharge current
Ida used in its sputtering. Both parameters pO2 and Ida determine the
mode of sputtering and the excess amounts of free Zr and Al atoms
that occur in the transition mode (TM) of sputtering close to the metal-
lic mode (MM) of sputtering where there is a deficiency of the atomic
oxygen to form both stoichiometric Al2O3 and ZrO2 oxides. Free Zr
atomswill be present in the film in the casewhen the amount of atomic
oxygen will be higher than that necessary to form the stoichiometric
Al2O3 oxidewith all Al atoms and insufficient to form the stoichiometric
ZrO2 oxide with all Zr atoms, see Table 2. It is the case of the Zr–Al–O
films denoted as the film no.4 and the film no.10. The accuracy of the
determination of the free Zr atoms is limited by the accuracy of mea-
surement of the elemental composition in the film and values of the
free Zr atoms in the film given in Table 2 are therefore of informative
value only. The mechanical properties and the ratio H/E⁎ of tested Zr–
Al–O films with low Zr/Alb1 and high Zr/Al>1 ratio and the informa-
tion about their visual transparency are also given in Table 2.

The visual transparency of the Zr–Al–O film decreases with in-
creasing number of free Zr atoms. The films no. 4 and 10 are
semi-transparent. A lower transparency of the film no.4 and slower
increase of T with increasing λ compared with the film no.10 is prob-
ably due to a scattering of the light at nanocystalline regions incorpo-
rated in the amorphous Al2O3 matrix.

4. Conclusions

The main results of the investigation of the Zr–Al–O films reactive-
ly sputtered using dual magnetrons which are reported in this paper
can be summarized as follows:

1. The addition of Al in ZrO2 strongly influences the structure and
properties of Zr–Al–O films.

2. The content of Al in the Zr–Al–Ofilm is a crucial parameterwhich de-
cides on its properties. The Zr–Al–O films with Zr/Alb1 are soft films

withX-ray amorphous structure, low elastic recovery (Web60%) and
H/E⁎b0.1. On the other hand, the Zr–Al–O films with Zr/Al>1 are
highly elastic, crystalline hard films with H/E⁎>0.1.

3. The hard Zr–Al–O films with Zr/Al>1, low effective Young's mod-
ulus E⁎ satisfying the ratio H/E⁎>0.1 and We>60% exhibit strong-
ly enhanced resistance to cracking. The enhanced resistance to
cracking was found also in thick films with the thickness, h=
5000 nm, which was the maximum thickness of sputtered films.

4. The Zr–Al–O nanocomposite films with enhanced resistance to
cracking are composed of nanograins incorporated in the amor-
phous Al2O3 matrix.

5. The X-ray amorphous Zr–Al–O films are very brittle and easily
crack.
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Elemental composition, mechanical properties and visual transparency of Zr–Al–O films used for measurements of their transmittance spectra at the wavelength λ of incident electromagnetic
waves ranging from 300 to 800 nm.

Film
no.

h
[nm]

Zr
[at.%]

Al
[at.%]

O
[at.%]

Free Zr*
[at.%]

H
[GPa]

E*
[GPa]

We

[%]
H/E* Visual transparency

Zr/Al>1
4 1600 24 12 64 1 13.4 155 58 0.086 Semi-transparent
5 1600 23 11 66 No 19.3 163 74 0.118 Transparent
6 1100 24 10 66 No 18.4 152 77 0.121 Transparent
7 1100 23 10 67 No 18.3 150 78 0.122 Transparent

Zr/Alb1
10 3100 10 30 60 2 12.5 145 55 0.086 Semi-transparent
11 1600 8 30 62 No 12.2 140 53 0.087 Transparent
12 1600 9 29 62 No 12.6 143 54 0.088 Transparent
13 2200 10 28 62 no 11.5 135 54 0.085 Transparent
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Abstract

The article reports on correlations between the process parameters of reactive pulsed dc magnetron sputtering, physical properties and the

photocatalytic activity (PCA) of TiO2 films sputtered at substrate surface temperature Tsurf � 180 8C. Films were deposited using a dual magnetron

system equipped with Ti (Ø50 mm) targets in Ar + O2 atmosphere in oxide mode of sputtering. The TiO2 films with highly photoactive anatase

phase were prepared without a post-deposition thermal annealing. The decomposition rate of the acid orange 7 (AO7) solution during the

photoactivation of the TiO2 film with UV light was used for characterization of the film PCA. It was found that (i) the partial pressure of oxygen pO2

and the total sputtering gas pressure pT are the key deposition parameters influencing the TiO2 film phase composition that directly affects its PCA,

(ii) the structure of sputtered TiO2 films varies along the growth direction from the film/substrate interface to the film surface, (iii)�500 nm thick

anatase TiO2 films with high PCA were prepared and (iv) the structure of sputtered TiO2 films is not affected by the substrate surface temperature

Tsurf when Tsurf < 180 8C. The interruption of the sputtering process and deposition in long (tens of minutes) pulses alternating with cooling pauses

has no effect on the structure and the PCA of TiO2 films and results in a decrease of maximum value of Tsurf necessary for the creation of

nanocrystalline nc-TiO2 film. It was demonstrated that crystalline TiO2 films with high PCA can be sputtered at Tsurf � 130 8C. Based on obtained

results a phase zone model of TiO2 films was developed.

# 2007 Elsevier B.V. All rights reserved.

Keywords: TiO2 film; Structure; Anatase; UV induced photocatalysis; Low-temperature sputtering; Dual magnetron

1. Introduction

In recent years, a great attention has been devoted to the

titanium dioxide (TiO2) due to its excellent chemical stability,

high refractive index, nontoxicity, and good mechanical

hardness. Besides, the TiO2 films can exhibit excellent

photocatalytic and superhydrophilic properties [1,2] after UV

light irradiation. The TiO2 exists in three different crystalline

forms (anatase, rutile and brookit) [3], among which the anatase

phase is referred to be the most photoactive phase [4]. The

photoactivation of TiO2 by the UV light irradiation results in the

formation of electron-hole pair that diffuses to the surface. A

favorable chemical potential of the electron-hole pair enables to

form highly reactive hydroxyl radicals (�OH) on the surface of

TiO2 material in reactions with the water molecules, see Fig. 1.

Here, a comparison of the potential of e-h pair versus standard

hydrogen electrode (SHE) and basic reactions are given. The

hydroxyl radicals (�OH) very quickly oxidize and decompose a

wide range of organic pollutants. Therefore, the photoactivity of

TiO2 films can be utilized in many applications, such as self-

cleaning, antifogging, antibacterial and self-sterilization pro-

cesses and in removal of organic pollutants from surfaces,

dissociation of water, and in production of hydrogen [5].

There are several drawbacks that limit a wider utilization

of the TiO2 photocatalyst. One of very difficult problems is

the formation of photoactive TiO2 coatings on thermally

sensitive substrates, e.g., polymer foils or polycarbonate, at

Tsurf < 200 8C. Among many deposition methods [7–14], the

magnetron sputtering is very promising one for the large-area

deposition of thin, high quality, photoactive, crystalline anatase

TiO2 films at low values of Tsurf � 200 8C [4,7,13–16].

However, the deposition of crystalline photoactive TiO2 films

without the substrate heating or a post-deposition thermal

annealing has not been fully mastered yet [12–18].
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Recently, it has been shown, that the magnetron sputtering of

crystalline TiO2 films with anatase structure at low values of

Tsurf and without the high temperature post-deposition

annealing is possible only in the oxide mode of sputtering

[13,14,19]. In the transition mode of sputtering, when

significantly higher deposition rates aD of films compared to

those of films produced in the oxide mode can be achieved

[20,21], (i) a strong suppression of highly photoactive anatase

phase in the film takes place and (ii) amorphous films or films

with rutile phase exhibiting a weak PCA are formed. The

formation of TiO2 films with anatase phase and high PCA in the

transition mode of sputtering is possible only at Ts > 200 8C or

in the case when TiO2 film sputtered at Ts < 200 8C is after

sputtering thermally annealed at Ta > 200 8C, i.e. the two-step

process is used [13–15,18].

The main aim of this study is (i) to find optimum conditions

of sputtering of TiO2 films in oxide mode, which ensures that

TiO2 films with anatase phase and high PCA will be formed at

Tsurf � 180 8C and (ii) to produce thin (<1000 nm) crystalline

TiO2 films with high PCA. Correlations between the deposition

parameters and the structure of TiO2 films sputtered at high

repetition frequency f r = 350 kHz [22] are discussed in detail.

2. Experimental

A pulsed dual magnetron in a closed magnetic field

configuration equipped with Ti (99.5) targets (Ø50 mm) was

used for a reactive sputtering of transparent TiO2 films in the

Ar + O2 mixture [23]. The magnetrons were supplied by a

pulsed Advanced Energy Pinnacle Plus + 5 kW power supply

unit operating in asymmetric bipolar mode at the repetition

frequency f r = 350 kHz with duty cycle t/T = 0.5 and the

average pulse magnetron current Ida kept at 3A and pulse power

densities Wda ranging from 60 to 70 W cm�2 according to

deposition conditions used; Wda was averaged over the whole

target area. The high repetition frequency of pulses

f r = 350 kHz ensured a strong improvement of (i) the efficiency

of deposition process and (ii) the PCA of sputtered TiO2 films

[22]. Films were sputtered in the oxide mode on unheated glass

(25 mm � 25 mm � 1 mm) substrates located at the substrate

to target distance ds–t = 100 mm with the deposition rate

aD � 10 nm/min. The substrate surface temperature Tsurf was

measured by thermostrips (Kager GmbH, Germany). Tsurf was

lower than Tsurf � 180 8C in all experiments. More details on

the measurement of Tsurf are given in Ref. [13]. A

contamination of TiO2 films by the Na+ ions diffusing from

the soda-lime glass and deteriorating their PCA recently

observed in [24] can be neglected in our case, due to the low

process temperature. This fact was verified on TiO2 films

deposited on Na+ free Si substrates.

The phase composition of films was determined by the X-ray

diffraction (XRD) analysis using a PANalytical X’Pert PRO

diffractometer working in Bragg-Brentano geometry with Cu

Ka (40 kV, 40 mA) radiation. The structure development along

the growth direction was characterized by irradiation of film at

the glancing incidence angles a ranging from 0.58 to 1.58. The

thickness of films was measured by a stylus profilometer

DEKTAK 8 with the resolution of 1 nm. The surface roughness

Ra was measured by an atomic force microscopy (AFM) in non-

contact mode using an AFM-Metris-2000. The measurements

were performed in ambient atmosphere at room temperature.

The PCA of TiO2 film was determined from a decomposition

of acid orange 7 (AO7) organic dye solution (Fluka Chemie

GmbH). This dye exhibits a very good stability against UV light

irradiation [25]. The TiO2 films were (i) immersed in the AO7

solution with initial concentration c0 = 0.01 mmol/l in the

distilled water (volume V = 10 ml) and (ii) irradiated by the

UV light (PHILIPS TL-DK 30 W/05, Wir = 0.9 mW/cm�2 at

l = 365 nm) for 5 h. The changes in the dye concentration were

determined every hour by measuring of the magnitude of the dye

absorption at l = 485 nm (absorption maximum for AO7)

calibrated on the dye concentration by spectrometer SPECORD

M400 (Carl Zeis Jena). The decomposition rate constant kr, that

characterize the PCA, is defined by the following equation [26]:

cðtirÞ ¼ c0e�krtir ;

where c0 and c(tir) are the initial concentration of the dye and its

concentration after UV light irradiation for a given time tir,

respectively. A plot of ln(c0/c) as a function of time tir repre-

sents a straight line with slope of kr. More details on the

decomposition of AO7 solution and the measurement of the

PCA of TiO2 films are given in Refs. [25–27].

3. Results and discussion

Recently, it was reported that TiO2 films with dominant

anatase phase and high PCA can be created at Tsurf � 180 8C
but only in the oxide mode of sputtering [13,14,19]. However,

conditions under which such films can be created are not

mastered yet. Therefore, this article is devoted to an

investigation of the correlations between the deposition

parameters and the structure and the PCA of TiO2 films

created in the oxide mode. There are three main parameters

which strongly influences the structure and the PCA of TiO2

films: (i) total pressure of sputtering gas pT which controls the

Fig. 1. The principle of photocatalytic processes and formation of highly

reactive radicals on the surface of TiO2 film and electron-hole potential related

to standard hydrogen electrode (SHE) [5,6].
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energy of particles incident on the growing film through control

of their mean free path [18], (ii) partial pressure of oxygen pO2

which influences plasmo-chemical processes and (iii) the film

thickness h which determines the total energy delivered to the

film during its growth. The production of TiO2 films with

anatase phase and high PCA at different combinations of pT,

pO2
and h is discussed in detail.

3.1. Effect of pT and pO2

3.1.1. Structure

The structure of sputtered 500 nm thick TiO2 films strongly

depends on both pO2
and pT, see Fig. 2. From this figure it is

seen that (i) TiO2 films are composed of a mixture of

R(1 1 0) + A(1 0 1) phases and the crystallinity of anatase

phase improves with increasing pO2
if they are sputtered at

pT � 0.5 Pa, (ii) the content of rutile phase in film decreases

with increasing pT and (iii) TiO2 films sputtered at high total

pressures pT � 1.5 Pa exhibit already a pure anatase phase. The

rutile is a high temperature TiO2 phase and therefore higher

activation energy is needed for its formation in comparison with

the anatase phase. The deterioration of the crystallinity of the

rutile phase with increasing pT is thus caused by higher losses of

particles energy in collisions.

3.1.2. Photocatalytic activity (PCA)

The PCA of TiO2 film is characterized by the decomposition

rate constant kr of a solution of the AO7. The partial pressure of

oxygen pO2
and the total working pressure pT also strongly

influence the PCA of sputtered TiO2 films. The typical

evolution of the PCA for 500 nm TiO2 films with increasing

pO2
/pT ratio is displayed in Fig. 3. The PCA of TiO2 films

improves with increasing pT. The improvement of the PCA

correlates well with the decrease of (1 1 0) rutile XRD peak

intensity and the increase of (1 0 1) anatase XRD peak, see

Fig. 4. The effect of a surface morphology of TiO2 film on the

PCA can be neglected because all films sputtered at pT = 0.9

and different pO2
exhibited similar surface roughness

Ra = 6 nm. Slight increase of surface roughness was observed

with increasing pT. The highest PCA is observed for pure

anatase films and rutile phase should be suppressed in the films

in order to obtain high photoactivity.

Obtained results are summarized in a schematic diagram,

see Fig. 5. This diagram illustrates the evolution of structure of

TiO2 films sputtered in oxide mode and their PCA as function of

pT and the ratio pO2
/pT. The diagram is valid for thick

(�500 nm) TiO2 films sputtered at low temperatures

Tsurf � 180 8C. Here, it is necessary to note that properties

Fig. 2. Evolution of XRD patterns from 500 nm thick TiO2 films sputtered with aD � 10 nm/min in the oxide mode of sputtering at Tsurf � 180 8C, with increasing

pO2
at four values of pT = 0.5, 0.9, 1.5 and 2 Pa.

Fig. 3. The PCA of 500 nm thick TiO2 films sputtered in the oxide mode of

sputtering at Tsurf � 180 8C as a function of ratio pO2
/pT for four values of

pT = 0.5, 0.9, 1.5 and 2 Pa.
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of thin (<500 nm) TiO2 films strongly differ from those of thick

(�500 nm) TiO2 films.

3.2. Effect of film thickness

The structure of TiO2 film strongly depends on its thickness

h [19]. To investigate the effect of film thickness h on the

structure and the PCA in detail, the TiO2 films with h ranging

from 100 to 3000 nm were prepared. The development of

structure of TiO2 films, sputtered in the oxide mode at four

combinations of pO2
and pT (i) pO2

= 0.3 Pa and three values of

pT = 0.75, 0.9 and 1.5 Pa and (ii) pO2
= 1 Pa and pT = 2.0 Pa,

with increasing h is shown in Fig. 6.

The same trend in development of film structure

with increasing h is observed for all sputtered TiO2 films.

The increase of h leads to the improvement of film

crystallinity and to a gradual conversion of amorphous films

(h < hmin � 100 nm) at first, to films with a mixture of rutile

and anatase phase and then to films (h > 200 nm) with

dominant anatase phase. Further increase in h leads to next

improvement of crystallinity of anatase phase in films with

h > 500 nm. Here, the hmin denotes the thickness of amorphous

interlayer on the substrate/film interface and the pure anatase

phase is observed at h > hR+A � hmin. No rutile phase was

detected even in very thin films sputtered at pT = 2.0 Pa and

pO2
= 1.0 Pa.

Fig. 4. Evolution of anatase and rutile phase and PCA characterized by the acid

orange 7 decomposition rate constant kr for 500 nm thick TiO2 films sputtered at

pT = 0.9 Pa with increasing pO2
/pT ratio.

Fig. 6. Development of XRD patterns from TiO2 films, sputtered in the oxide mode at aD � 10 nm/min and Tsurf � 180 8C, with increasing thickness h for different

combinations of pT and pO2
.

Fig. 5. Schematic illustration of evolution of phase composition and PCA of

�500 nm thick TiO2 films sputtered on glass substrates at Tsurf � 180 8C in

( pO2
/pT, pT) coordinate system.
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The effect of film thickness h on the PCA of TiO2 films is

summarized in Fig. 7. From this figure is seen that the PCA

improves with increasing h and pT. The improvement of the

PCA with increasing h is due to (i) improvement of

crystallinity of anatase phase, (ii) increase of the volume of

surface layer with anatase phase and (iii) increase of film

surface roughness that positively influences the PCA due to the

increase of area of the film surface [19]. The saturation of the

PCA with increasing h takes place for all TiO2 films, but at

different h according to a combination of deposition

conditions. The films sputtered at pT = 2.0 Pa exhibit very

fast saturation of the PCA at h � 500 nm and also the highest

values of kr. These TiO2 films with h > 500 nm exhibit only a

slight improvement of the PCA with increasing h. This result

indicates that the formation of charge carriers and their

transport to the film surface, that influences the PCA, goes on

in �500 nm layer under the film surface only. This means that

thickness of several hundreds nm is sufficient to achieve high

values of the PCA for TiO2 films sputtered at Tsurf = 180 8C.

This finding agrees well with results obtained by Eufinger et al.

[16], who reported that the saturation of the PCA exhibit the

films with h = 300–350 nm. The shift of the saturation of the

PCA to higher h in our study can be explained by changes in

phase composition of the film during its low-temperature

growth.

3.2.1. Structure development along growth direction

For thick (�1000 nm) TiO2 films it is important to know the

structure distribution along the film thickness, i.e. along

direction of the film growth. This information can give XRD

measurement performed at small glancing angles. The XRD at

different glancing angles a makes it possible to determine

phases in the TiO2 film in different distances from the film

surface. The angle a was varied in the interval from 0.58 to 1.58.
Using this method structure of 1000 nm thick TiO2 film was

investigated in detail. Results of measurements are given

in Fig. 8. The measurement performed at a = 0.58 gives

information on the film structure in the subsurface layer (to the

depth �400 nm from the surface). On the contrary, XRD

patterns measured at a = 1.58 gives information from the whole

volume of 1000 nm thick film; amorphous background from the

glass substrate is also detected at a = 1.58. The intensity of

rutile peak increases with increasing a. It means that the rutile

phase is in a region near to the film/substrate interface and its

amount in the film surface region decreases with increasing

h depending on the pT. The anatase phase dominates all the

analyzed films.

3.2.2. Phase zone model for TiO2 films

The results displayed in Fig. 8 clearly show that the growth

of TiO2 films on glass substrate can be divided into four

zones, see Fig. 9. Here, a schematic illustration of the structure

evolution in the TiO2 films sputtered at Tsurf � 180 8C is shown.

The structure evolution is represented by four zones.

1. Zone 1 represents the amorphous a-TiO2 films. Thin a-TiO2

films with h � hmin(Tsurf) � 500 nm are formed at pT � p1.

Thicker a-TiO2 films are created at pT > p1 and the thickness

h of these films increases with increasing p because the

energy E delivered to the growing film decreases due to the

particles collisions and is insufficient to stimulate the film

crystallization [7].

Fig. 7. PCA of TiO2 films sputtered in the oxide mode of sputtering at

Tsurf � 180 8C and different conditions of pT and pO2
as a function of h.

Fig. 8. XRD patterns from 1000 nm thick TiO2 films measured at glancing angle a ranging from 0.58 to 1.58.
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2. Zone 2 represents the crystalline c-TiO2 film with rutile

phase [7,19]. These films are formed at low values of pT and

pO2
when the energy E delivered to growing film by incident

and condensing atoms increases and is sufficient for the

crystallization of the film. The energy E increases with

decreasing pT in consequence of a decrease of collisions

between particles with decreasing pT. Also changes of the

chemical processes at low pO2
contribute to the formation of

the rutile phase.

3. Zone 3 represents the crystalline c-TiO2 R + A films. The

crystalline phase gradually changes from R phase through a

mixture R + A phases to A phase with increasing pT; here R

and A denote the rutile and anatase phase, respectively. The

amount of A phase in the mixture R + A increases with

increasing h at pT = const and thus the thickness of film

region composed of R + A phases hR+A decreases with

increasing pT up to �2 Pa.

4. Zone 4 represents the crystalline c-TiO2 films with pure A

phase. The thickness h of these films decreases if sputtered at

pT � p1 because the energy of condensing particles

decreases with increasing pT and more time (greater h) is

needed to deliver to the growing film sufficient amount of

energy necessary to stimulate the crystallization of A phase,

i.e. hmin increases; p1 is defined as the pressure at which the

energy of particles decreases due to the collisions to a value

insufficient for the film crystallization. c-TiO2 films with

pure A phase produced in the zone 4 at pT � 2 Pa grow

directly from amorphous phase.

From Fig. 9 it is clearly seen that there is a certain interval of

pressures ranging from �2 Pa to p1 in which c-TiO2 films with

pure A phase and minimum thickness h to be produced.�500 nm

thin TiO2 films with high PCA are produced in this interval.

Moreover, the complete suppression of the rutile phase in films

sputtered at pT � 2.0 Pa and the growth of anatase phase from the

amorphous film/substrate interface enables the formation of very

thin �100 nm TiO2 films with a good PCA, see Fig. 6.

3.3. Effect of substrate surface temperature

The evolution of substrate surface temperature Tsurf during

the deposition of TiO2 film with mixed anatase + rutile phase

sputtered at pT = 0.9 and pO2
= 0.3 Pa is displayed in Fig. 10.

This figure shows that Tsurf increases with increasing t and a

maximum value Tsurf = 180 8C is achieved only 40 min after

beginning of a continuous deposition of the film. In this case, in

spite of no intentional heating, the Tsurf rises significantly from

the room temperature due to the substrate heating during the

deposition process. For more details see Ref. [13].

3.3.1. Structure evolution along film thickness

To understand the effect of increase of Tsurf during

deposition on film structure three TiO2 films with the same

thickness h = 1000 nm were prepared under the following

conditions:

1. TiO2 film was sputtered continuously without interruption;

Tsurf increases with t up to Tsurf = 180 8C as shown in Fig. 10.

2. TiO2 film was sputtered with an interruption every

t = 33 min (it corresponds to 330 nm thick film) followed

by pause 60 min (cooling) at a lower final temperature

Tsurf = 170 8C.

3. TiO2 film was sputtered with an interruption every

t = 14 min (it corresponds to 140 nm thick film) followed

by a pause 60 min (cooling) at still lower final temperature

Tsurf = 130 8C.

The XRD structure of 1000 nm thick TiO2 films and those

after first interruption is displayed in Fig. 11. From this figure it

is clearly seen that (i) all three 1000 nm thick films exhibit

almost the same, well developed A(1 0 1) structure indepen-

dently on the value of Tsurf, (ii) 330 nm thick film deposited for

33 min is poorly crystalline and exhibits a mixture of A + R

phases with very low intensity of R phase and (iii) 140 nm thick

film deposited for 14 min is almost X-ray amorphous.

This experiment indicates that the crystallization of film is

induced mainly by the energy E delivered to it during its growth

by bombarding and condensing particles, not by Tsurf which is

too low to stimulate the crystallization. Therefore, the structure

of 1000 nm thick TiO2 film is the same for all three films and

does not depend on the evolution of Tsurf during the deposition

process and even on its final value ranging from �130 to

�180 8C. This means that c-TiO2 films with anatase phase can

Fig. 9. Schematic illustration of phase zone mode of TiO2 films sputtered in

oxide mode at low substrate surface temperature Tsurf � 180 8C on glass

substrate. Fig. 10. The evolution of substrate surface temperature Tsurf during sputtering

of TiO2 film at pT = 0.9 Pa and pO2
= 0.3 Pa with increasing deposition time t.
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be created if sufficient amount of E is delivered to the growing

film independently on the Tsurf (for Tsurf � 180 8C).

Since the maximum substrate surface temperature Tsurf does

not affect the TiO2 film properties up to �180 8C crystalline c-

TiO2 films with anatase phase and high PCA can be sputtered at

Tsurf less than 130 8C by a simple interruption of the deposition

process.

3.4. Comparison of PCA of TiO2 films prepared by different

methods

As shown above, �500 nm thick, photoactive TiO2 films

with anatase phase and high PCA can be sputtered at

pT = 2.0 Pa, pO2
= 1.0 Pa and Tsurf � 180 8C. The PCA of

these films is compared with that of (i) Pilkington ActiveTM and

(ii) Saint-Gobain BiocleanTM �15–25 nm thin TiO2 coatings

produced at T > 600 8C by a CVD process for self-cleaning

applications [28–30], see Fig. 12. The PCA of all films was

measured in our labs using the same analyzing system. This

comparison shows that the reactive pulsed dc dual magnetron

sputtering process is suitable for the low-T deposition of TiO2

films with high PCA on thermally sensitive substrates.

4. Conclusions

Experiments described in this article show that TiO2 films

with high PCA can be created by a low-temperature reactive

sputtering using pulsed dc dual magnetron at the substrate

surface temperature Tsurf � 180 8C. Main issues of our

investigation can be summarized as follows.

1. The partial pressure of oxygen pO2
and the total pressure of

sputtering gas pT = pAr + pO2
are key deposition parameters

influencing the structure and the PCA of the TiO2 film. The

presence of rutile phase in the films deteriorates its PCA and

highly photoactive TiO2 films with pure anatase phase and

high PCA can be sputtered in the oxide mode at high values

of pT and pO2
.

2. The substrate surface temperatures Tsurf < 180 8C do not

influence the structure of growing TiO2 film. Only the energy

E delivered to the growing film by bombarding and

condensing particles is important.

3. The structure of sputtered TiO2 films varies along the growth

direction from film/substrate interface to film surface and its

evolution strongly affects the PCA of the film.

4. Thin (�100 nm) TiO2 films with anatase phase exhibit a

good PCA. The PCA improves with increasing h up to

500 nm. The increase of h above 500 nm results in no further

increase of the PCA. �500 nm thick TiO2 film with anatase

phase and high PCA can be sputtered at Tsurf = 180 8C and

aD � 10 nm/min.

5. The interruption of sputtering process with cooling pauses

allows (i) to keep the substrate surface temperature Tsurf at

the end of deposition low, less than �130 8C, and (ii) does

not influence the structure and the PCA of TiO2 film if the

delivered energy E is sufficient to stimulate its crystal-

lization. Thinner (<500 nm) TiO2 film with anatase phase

can be also sputtered at Tsurf < 180 8C only in the case that

aD is sufficiently low.

6. Based on obtained results the phase zone model of sputtered

TiO2 films was developed.

Fig. 12. Comparison of the PCA characterized by the AO7 photodegradation

rate constant kr of (i) 500 nm thick TiO2 film reactively sputtered using pulsed

dc dual magnetron at pT = 2.0 Pa, pO2
= 1.0 Pa and Tsurf = 180 8C, (ii) Pilk-

ington ActiveTM [28] and (iii) SGG BiocleanTM [29] thin (15–25 nm) TiO2

coatings prepared at T > 600 8C by a CVD process.

Fig. 11. The effect of deposition interruption on XRD structure of 1000 nm thick TiO2 films sputtered (1) continuously without interruption and Tsurf = 180 8C, (2)

with interruption every t = 33 min (three cycles � 330 nm) and Tsurf = 170 8C and (3) with interruption every t = 14 min (seven cycles � 140 nm) and Tsurf = 130 8C
and under the same conditions at pT = 0.9 Pa and pO2

= 0.3 Pa.
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4. Závěr 

Tato dizertační práce je zaměřena na analýzu prvkového složení (pomocí metody rentgenové 

fluorescence) a struktury (pomocí metody rentgenové difrakce) čtyř typů nových tenkovrstvých 

materiálů vytvářených různými metodami magnetronové depozice. Jejím cílem je přispět 

k objasnění složitých vzájemných vztahů mezi parametry depozičních procesů, prvkovým 

složením a strukturou vytvořených tenkovrstvých materiálů a jejich vlastnostmi. Všechny cíle 

dizertační práce, uvedené v kapitole 3, byly splněny. 

Hlavní výsledky dosažené v rámci této dizertační práce jsou shrnuty v následujících bodech: 

Část A – Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-O, Si-B-C-N a Al2O3 s dostatečnou 

tvrdostí a vysokou teplotní stabilitou ve vzduchu za velmi vysokých teplot 

A-I: Properties of magnetron sputtered Al-Si-N thin films with a low and high Si content. 

Prvkové složení Al-Si-N vrstev je silně ovlivněno parciálním tlakem dusíku 𝑝N2
 a vnitřním 

průměrem (Φi) Al upevňovacího kroužku z hliníku (Al), který zasahuje do erozivní zóny 

rozprašovaného složeného magnetronového terče o průměru 50 mm. Je-li použit Al kroužek o 

vnitřním průměru Φi = 15 mm, je množství Si v deponovaných vrstvách nízké (~ 5 at.%) a 

množství Al v nich převládá nad množstvím Si při všech hodnotách 𝑝N2
. Při 𝑝N2

= 0 Pa 

deponovaná vrstva obsahuje ~ 98 at.% Al a ~ 2 at.% Si. S rostoucím 𝑝N2
 pak množství Al v 

deponovaných vrstvách klesá a množství Si a N naopak roste. Pro 𝑝N2
 ≥ 0,1 Pa však již mají 

deponované Al-Si-N vrstvy téměř neměnné prvkové složení ~ 52 at.% Al, ~ 4 at.% Si a ~ 44 

at.% N. V případě použití Al kroužku o vnitřním průměru Φi = 26 mm, je množství Si v 

deponovaných vrstvách vysoké (~ 40 at.%) a pro 𝑝N2
 > 0,1 Pa  je množství N v deponovaných 

vrstvách vždy vyšší než množství Si a Al. Při 𝑝N2
 = 0 Pa deponovaná vrstva obsahuje ~ 80 at.% 

Al a ~ 20 at.% Si. S rostoucím 𝑝N2
 množství Al v deponovaných vrstvách spojitě klesá až na 

hodnotu ~ 7 at.% při 𝑝N2
 = 0,2 Pa, přičemž se s dalším růstem 𝑝N2

 dále nemění. Množství Si 

naopak vzroste na hodnotu ~ 45 at.% při 𝑝N2
 = 0,05 Pa, a s dalším nárůstem 𝑝N2

 kolísá mezi 36 

– 43 at.%. Množství N nejprve spojitě roste na hodnotu 55 at.% při 𝑝N2
 = 0,15 Pa a s dalším 

růstem 𝑝N2
 již roste jen mírně. Nejvyšší hodnoty, 60 at.% N, dosahuje při 𝑝N2

 = 0,4 Pa. Všechny 

Al-Si-N vrstvy s nízkým (< 10 at.%) obsahem Si jsou krystalické. Vrstva deponovaná při 

𝑝N2
= 0 Pa je tvořena směsí 2 fází, Al a Si. Při 𝑝N2

 ≥ 0,1 Pa se objevují difrakční linie 

odpovídající polykrystalickému AlN s hexagonální strukturou, jehož přednostní orientace se 

s rostoucím 𝑝N2
 mění z AlN(101) na AlN(002). Naopak, Al-Si-N vrstvy s vysokým (≥ 20 at%.) 

obsahem Si jsou od 𝑝N2
 ≥ 0,05 Pa amorfní, i když jsou deponované při relativně vysoké teplotě 

substrátu Ts = 500 °C. Pouze pro 𝑝N2
= 0 Pa je vrstva polykrystalická tvořená opět směsí 2 fází, 

Al a Si. Z hlediska mechanických vlastností jsou amorfní vrstvy a-(Al-Si-N), v porovnání 

s polykrystalickými c-(Al-Si-N) vrstvami, tvrdší (H ≈ 25 GPa), lépe odolávají plastické 

deformaci a jejich teplotní stabilita tvrdosti je vysoká a s teplotou žíhání se nemění až do 1100 

°C, a to dokonce ani po 4 hodinách. Odolnost proti oxidaci jak polykrystalických c-(Al-Si-N) 

vrstev s nízkým (< 10 at.%) obsahem Si, tak amorfních a-(Al-Si-N) vrstev s vysokým (≥ 20 

at%.) obsahem Si je rovněž vysoká. Polykrystalická c-(Al-Si-N) vrstva vykazuje vysokou 

odolnost proti oxidaci do ~ 1000 °C a amorfní a-(Al-Si-N) vrstva až do ~ 1150 °C. 

 

112



A-II: Formation of crystalline Al-Ti-O thin films and their properties. 

Prvkové složení Al-Ti-O vrstev primárně závisí na vnitřním průměru (Φin Ti) upevňovacího 

kroužku z titanu (Ti), který zasahuje do erozivní zóny rozprašovaného složeného 

magnetronového terče o průměru 116 mm, a je prakticky nezávislé na teplotě substrátu Ts. Je-

li použit Ti kroužek o vnitřním průměru Φin Ti = 35 mm je poměr Al/(Al + Ti) = 0,58 a Al-Ti-

O vrstvy obsahují ~ 19 at.% Al, ~ 14 at.% Ti a ~ 67 at.% O. Pro Ti kroužek o vnitřním průměru 

Φin Ti = 50 mm je poměr Al/(Al + Ti) = 0,61 a Al-Ti-O vrstvy obsahují ~ 20 at.% Al, ~ 13 at.% 

Ti a ~ 67 at.% O. V případě Ti kroužku o vnitřním průměru Φin Ti = 60 mm je poměr Al/(Al + 

Ti) = 0,80 a Al-Ti-O vrstvy obsahují ~ 31 at.% Al, ~ 7 at.% Ti a ~ 62 at.% O. Struktura Al-Ti-

O vrstev závisí jak na teplotě substrátu TS, tak na množství Ti ve vrstvě. Vrstvy Al-Ti-O 

s poměrem Al/(Al + Ti) = 0,58, resp. 0,61, připravené při teplotách substrátu Ts ≲ 700 °C jsou 

charakteristické amorfně/nanokrystalickou strukturou tvořenou nanokrystaly metastabilního 

kubického γ-Al2O3 v amorfní fázi Al2O3, kdežto při Ts ≳ 700 °C vzniká ortorombická fáze 

sloučeniny Al2TiO5. Vrstvy Al-Ti-O s poměrem Al/(Al + Ti) = 0,80 deponované při teplotách 

substrátu Ts < 600 °C jsou charakteristické amorfní fází Al2O3, kdežto při Ts ≥ 600 °C mají 

strukturu amorfně/nanokrystalickou tvořenou nanokrystaly metastabilního kubického γ-Al2O3 

v amorfní fázi Al2O3. Krystalizační teplota Al-Ti-O vrstev tedy klesá s rostoucím obsahem Ti 

v těchto vrstvách. Se strukturou Al-Ti-O vrstev velice silně souvisí jejich mechanické 

vlastnosti, reprezentované tvrdostí H. Al-Ti-O vrstvy s amorfně/nanokrystalickou  strukturou 

tvořenou nanokrystaly metastabilního kubického γ-Al2O3 v amorfní fázi Al2O3 mají více než 

2x vyšší tvrdost (H = 25–27 GPa) v porovnání se strukturou vrstev tvořenou Al2TiO5 (H = 10–

14 GPa). Při vyžíhání vrstev Al31Ti7O62 na teplotu 1000 °C ve vzduchu dochází k rozpadu 

původní struktury γ-Al2O3 na směs rutilu (fáze TiO2) a korundu (fáze α-Al2O3), přičemž tato 

teplota transformace definuje teplotní stabilitu Al-Ti-O vrstev deponovaných na Si. 

 

A-III: Protective Zr-containing SiO2 coatings resistant to thermal cycling in air up to 1400 °C. 

Prvkové složení všech deponovaných Si-Zr-O vrstev bylo v rámci přesnosti použité techniky 

WDXRF stanoveno na ~ 31 at.% Si, 5 at.% Zr a ~ 64 at.% O. Za účelem stanovení teplotní 

stability deponovaných vrstev byla studována změna struktury deponovaných Si31Zr5O64 vrstev 

s teplotou žíhání Ta max v rozmezí 900 °C až 1700 °C. Deponované Si-Zr-O vrstvy jsou amorfní 

a krystalizace u nich začíná při Ta max > 900 °C, kdy se objevují první slabé difrakční linie t-

ZrO2 superponované na širokém píku původní amorfní fáze. Jejich intenzita s rostoucí teplotou 

Ta max postupně roste a jejich FWHM naopak postupně klesá, což ukazuje na růst velikosti a 

množství krystalitů t-ZrO2, tedy na zvýšení krystalinity materiálu Si-Zr-O vrstev. Kromě 

zmíněné fáze t-ZrO2, je v teplotním rozsahu 1000 °C až 1400 °C navíc detekováno i malé 

množství fáze ZrSi2. Bylo zjištěno, že jakmile jednou dojde ve vrstvách Si31Zr5O64 ke 

krystalizaci fáze t-ZrO2, struktura vrstev Si31Zr5O64 se teplotně stabilizuje, tj. nedochází zde při 

ochlazování k transformaci t-ZrO2 na m-ZrO2, a to v širokém teplotním rozsahu od pokojové 

teploty až do 1500 °C. V případě vrstev Si31Zr5O64 deponovaných na safírový substrát dochází 

při Ta max > 1500 °C ke krystalizaci fáze SiO2 a její následné interakci se safírem za vzniku 

krystalické fáze Al5Si2O13. Struktura Si31Zr5O64 vrstev po ohřátí na Ta max > 1500 °C a 

následném ochlazení na pokojovou teplotu je pak tvořena směsí fází t-ZrO2, m-ZrO2, SiO2 a 

Al5Si2O13. Struktura deponovaných Al5Si2O13 vrstev také závisí na době žíhání ta a byla 

studována v průběhu tepelného cyklování do Ta max = 1400 °C. Při tomto procesu dochází 
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k rychlé krystalizaci deponovaných vrstev Al5Si2O13. Jako první se objevuje fáze t-ZrO2 a pak, 

pro ta ≥ 133 min nad teplotou Ta ≥ 1000 °C dochází k postupné krystalizaci fáze SiO2, jejiž 

množství roste s rostoucím ta. Po teplotní stabilizaci struktury Si31Zr5O64 vrstev již nedochází 

ani ke změnám jejich mechanických vlastností a vrstvy si zachovávají tvrdost H ~ 10,5 GPa, 

efektivní Youngův modul pružnosti E* ~ 80 GPa a poměr H3/E*2 ~ 0,18 GPa. Vrstvy rovněž 

vykazují vysokou odolnost proti tepelnému namáhání ve vzduchu do 1400 °C. 

 

A-IV: Thermal stability of magnetron sputtered Si-B-C-N materials at temperatures up to 

1700 °C. 

Byla provedena strukturní analýza 3 typů Si-B-C-N vrstev, označených I, II a III, jak 

v deponovaném stavu, tak po vyžíhání na různé teploty při DSC a TG analýzách. Vrstvy I a II 

byly připraveny v plynné směsi 50% Ar + 50% N2 při předpětí substrátu Vb = − 100 V, resp. 

Vb = Vf = − 34 V a jeho teplotě Ts = 350 °C, resp. Ts = 190 – 250 °C. Jejich složení (v at.%) 

bylo Si32-34B10C2N50-51 při nízké příměsi (≤ 5 at.%) vodíku a kyslíku. Vrstva III byly připravena 

v plynné směsi 75% Ar + 25% N2 při předpětí substrátu Vb = − 100 V a jeho teplotě 

Ts = 350 °C. Její složení bylo Si40B11C2N43 při nízké příměsi (≤ 5 at.%) vodíku,  kyslíku a 

argonu. Všechny 3 deponované Si-B-C-N vrstvy jsou charakterizované velmi širokým píkem, 

nacházejícím se v úhlovém rozsahu 2θ = 20 - 40°, který svědčí o jejich amorfní struktuře. 

Kromě toho lze ještě detekovat dvě velice slabé difrakční linie na pozicích 2θ = 26,65° a 2θ = 

28,41°, které patří nečistotám SiO2 a Si, jež se do vzorků dostaly při jejich nadrcení v achátové 

třecí misce. Po vyžíhání na teplotu 1600 °C v argonu při DSC analýze se struktura Si-B-C-N 

vrstev I a II nezměnila a zůstala amorfní, na rozdíl od Si-B-C-N vrstvy III, u které došlo k velmi 

výrazné změně struktury. Si-B-C-N vrstva III totiž zkrystalizovala a její fázové složení 

odpovídá směsi 4 různých fází, α-Si3N4, β-Si3N4, t-B(C)N a Si. Dále bylo zjištěno, že změna 

struktury této vrstvy začíná již při teplotě vyšší než 1230 °C. Při teplotě 1270 °C se objevují 

první difrakční linie nanokrystalické fáze α-Si3N4, jejichž intenzita s rostoucí teplotou roste. Při 

teplotě 1300 °C k nim přibývají difrakční linie Si a při teplotě 1430 °C difrakční linie β-Si3N4 

a t-B(C)N. V případě TG analýzy byly vzorky vyhřáty v heliu až na teplotu 1600 °C a 1700 °C. 

Při vyhřátí na teplotu 1600 °C se struktura Si-B-C-N vrstev I a II nezměnila a zůstala amorfní, 

přičemž Si-B-C-N vrstva III opět zkrystalizovala na směs 4 různých fází, α-Si3N4, β-Si3N4, t-

B(C)N a Si. Po vyhřátí na teplotu 1700 °C se již změnila struktura i Si-B-C-N vrstev I a II, když 

u nich došlo ke krystalizaci malého množství α-Si3N4, přičemž většina objemu vrstvy zůstala i 

nadále amorfní. Struktura Si-B-C-N vrstvy III se při vyhřátí na teplotu 1700 °C příliš nezměnila. 

Její fázové složení zůstalo stejné, pouze se zvětšily intenzity difrakčních linií Si a naopak klesly 

intenzity difrakčních linií α-Si3N4, což svědčí o poklesu množství α-Si3N4 ve vrstvě a naopak 

nárůstu množství Si. Rovněž vymizela široká difrakční linie na 2θ = 25° připisovaná 

neuspořádané turbostratické fázi t-B(C)N a naopak se zvýšila intenzita difrakční linie na 2θ = 

26,71° patřící hexagonálnímu h-BN. Ze strukturní analýzy vyplynulo, že kritickým depozičním 

parametrem pro přípravu Si-B-C-N vrstev s vysokou teplotní stabilitou je složení argon-

dusíkové pracovní atmosféry, která určuje prvkové složení vrstev. Nejvyšší teplotní stabilitu, 

až do1600 °C, vykazovaly amorfní Si-B-C-N vrstvy I a II, připravené v plynné směsi 50% Ar 

+ 50% N2, zatímco amorfní struktura Si-B-C-N vrstvy III, připravené v plynné směsi 75% Ar 

+ 25% N2, byla stabilní pouze do teploty 1230 °C. 
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A-V: Thermal stability of alumina thin films containing γ-Al2O3 phase prepared by reactive 

magnetron sputtering. 

Prvkové složení všech deponovaných Al2O3 vrstev bylo v rámci přesnosti použité techniky 

WDXRF stanoveno na ~ 40 at.% Al a ~ 60 at.% O, což odpovídá stechiometrickému složení 

sloučeniny Al2O3. Z hlediska struktury jsou všechny deponované vrstvy Al2O3 

charakterizované 3 širokými difrakčními liniemi (311), (400) a (440) nanokrystalického γ-

Al2O3 s nízkou intenzitou. Nelze však vyloučit i přítomnost malého množství amorfní fáze 

Al2O3. Za účelem stanovení teplotní stability deponovaných vrstev byla studována změna 

struktury těchto vrstev s teplotou žíhání Ta, dobou žíhání ta a jejich tloušťkou. Deponované 

vrstvy Al2O3 o tloušťce ~ 1200 nm byly žíhány v rozmezí teplot 700 °C až 1150 °C po dobu 5 

hodin. Bylo zjištěno, že s rostoucí teplotou žíhání Ta se zlepšuje krystalinita vrstev, neboť 

intenzita difrakčních linií (311), (400) a (440) γ-Al2O3 se zvětšuje a navíc se objevují i další 

difrakční linie (220) a (222) této fáze. Při teplotě žíhání Ta ≈ 1050 °C se společně s metastabilní 

fází θ-Al2O3 objevují i první difrakční linie fáze α-Al2O3 ukazující na počátek krystalizace této 

termodynamicky stabilní fáze. Vrstvy vyžíhané při teplotě Ta ≈ 1100 °C jsou pak tvořeny směsí 

větších zrn α-Al2O3 a malých zrn θ-Al2O3 a při Ta = 1150 °C se vytváří již jen vrstvy 

krystalického α-Al2O3. Změna struktury deponovaných Al2O3 vrstev s dobou žíhání ta a jejich 

tloušťkou byla studována pouze při Ta = 1100 °C, což je teplota blízko transformace γ → α. 

Ohřátí vrstvy na 1100 °C následované okamžitým ochlazením na pokojovou teplotu nemá 

prakticky žádný vliv na strukturu vrstvy, a to bez ohledu na její tloušťku. Naopak, výdrž na této 

teplotě po dobu ta ≥ 1 h vede ke vzniku termodynamicky stabilní fáze α-Al2O3, přičemž tato 

změna je tím výraznější, čím je vrstva tlustší. 

 

Část B – Otěruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostatečnou tvrdostí a 

nízkým koeficientem tření 

B-I: Tribological and mechanical properties of nanocrystalline-TiC/a-C nanocomposite thin 

films. 

Prvkové složení TiC/a-C vrstev závisí na vnitřním průměru (Φin) upevňovacího kroužku 

z titanu (Ti), který zasahuje do erozivní zóny rozprašovaného složeného magnetronového terče 

o průměru 100 mm, takže změnou (Φin) lze řídit množství Ti v TiC/a-C vrstvách v rozsahu 2,6 

– 53,8 at.%. Struktura TiC/a-C vrstev pak silně závisí právě na obsahu Ti v těchto vrstvách, 

respektive na poměru C/Ti. Pro poměr C/Ti ≤ 1,54 jsou TiC/a-C vrstvy charakterizované 

krystalickou fází TiC a pravděpodobně i malým množstvím amorfní fáze uhlíku a-C. 

S rostoucím poměrem C/Ti se však struktura TiC/a-C vrstev značně mění. Nejprve na vrstvy 

nanokrystalické, kdy se intenzity difrakčních linií TiC snižují a jejich FWHM se zvětšuje 

v důsledku postupného zmenšování „velikosti zrn“ TiC z ~ 35 nm na ~ 1 – 2 nm, až zcela 

zanikají v širokém píku amorfní fáze uhlíku a-C při C/Ti ≥ 9,1. Jelikož se se změnou poměru 

C/Ti nemění mřížkový parametr TiC, neboť nedochází k posunu jeho difrakčních linií, znamená 

to, že se jedná o vrstvy kompozitní, tvořené nanokrystaly TiC v amorfní uhlíkové matrici a-C. 

„Velikost zrn“ krystalické fáze TiC a poměr C/Ti, tj. množství krystalické a amorfní fáze ve 

vrstvě, jinak též struktura a prvkové složení, určují jak mechanické vlastnosti (jako je tvrdost 

H a efektivní Youngův modul pružnosti E*), tak tribologické vlastnosti (jako koeficient tření µ 

a rychlost otěru k) kompozitní TiC/a-C vrstvy. Nanokompozitní vrstvy nc-TiC/a-C s poměrem 
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C/Ti > 1,5 a poměrem H3/E*2 v rozsahu ~ 0,2 až ~ 0,3 vykazují nejnižší hodnoty koeficientu 

tření (µ ≤ 0,1) a rychlosti otěru (k ≤ 2x10-7 mm3/Nm) při dostatečné tvrdosti H ~ 15 – 20 GPa. 

 

B-II: Coefficient of friction and wear of sputtered a-C thin coatings containing Mo. 

Prvkové složení připravených Mo-C vrstev závisí na vnitřním průměru (Φin) kroužku 

z molybdenu (Mo), který zasahuje do erozivní zóny rozprašovaného složeného 

magnetronového terče o průměru 100 mm, takže změnou (Φin) lze řídit množství Mo v Mo-C 

vrstvách v širokém rozmezí 2 - 100 at.%. Struktura Mo-C vrstev pak silně závisí právě na 

obsahu Mo v těchto vrstvách. Mo-C vrstvy s vysokým (≥ 40 at.%) obsahem Mo jsou krystalické 

a jejich fázové složení se postupně mění od čistého Mo přes tuhý roztok uhlíku v molybdenu 

(Mo,C) na kompozit γ-Mo2C/(Mo,C) při ~ 70 at.% Mo a dále pak na nanokrystalický kompozit 

(nc-) δ-MoC0,75/a-(C,Mo) při < 57 at.% Mo. Pokud však množství Mo v Mo-C vrstvě poklesne 

pod ~ 28 at.%, vytváří se amorfní a-(C,Mo) materiál. Jak prvkové složení, tak struktura, resp. 

fázové složení, výrazně ovlivňují jak mechanické (tvrdost, elastická vratnost), tak tribologické 

(koeficient tření, rychlost otěru) vlastnosti Mo-C vrstev. Zatímco elastická vratnost Mo-C 

vrstev téměř spojitě klesá s rostoucím obsahem Mo, tvrdost Mo-C vrstev závisí na jejich 

struktuře mnohem komplexněji. Amorfní a-(C,Mo) mají nejnižší tvrdost (H ~ 10 GPa), avšak 

nanokrystalický kompozit (nc-) δ-MoC0,75/a-(C,Mo) je přibližně 2x tvrdší (~ 23 GPa) a má 

téměř stejnou tvrdost jako krystalický kompozit γ-Mo2C/(Mo,C). Tvrdost tuhého roztoku 

uhlíku v Mo (Mo,C) pak opět klesá na ~ 17GPa a je srovnatelná s tvrdostí čistě molybdenové 

vrstvy. Amorfní a-(C,Mo) vrstvy obsahující méně než 10 at.% Mo vykazují nízké (≤ 0,1) 

hodnoty koeficientu tření a nízké (≤ 5x10-7 mm3/Nm) hodnoty rychlosti otěru. S rostoucím 

obsahem Mo v a-(C,Mo) vrstvách však hodnoty koeficientu tření a rychlosti otěru rychle rostou. 

 

Část C – Multifunkční vrstvy Al-Cu-O, Zr-Al-O, Al-O-N se zvýšenou odolností proti 

vzniku trhlin při namáhání 

C-I: Properties of nanocrystalline Al–Cu–O films reactively sputtered by DC pulse dual 

magnetron. 

Prvkové složení Al-Cu-O vrstev závisí na době trvání negativního napěťového pulzu τAl/Cu na 

složeném Al/Cu terči, a to tak, že obsah Cu v Al-Cu-O vrstvách s dobou trvání negativního 

napěťového pulzu τAl/Cu roste, přičemž dosahuje nejvyšší hodnoty ~ 16 at.% při τAl/Cu = 32 µs. 

Naopak, obsah Al v Al-Cu-O s dobou trvání negativního napěťového pulzu τAl/Cu klesá 

z hodnoty ~ 37 at.% na hodnotu ~ 25 at.% při τAl/Cu = 32 µs. Obsah O v Al-Cu-O vrstvách se 

v rámci chyby měření nemění a má průměrnou hodnotu ~ 62 at.%. Přidání Cu do vrstvy Al2O3 

silně ovlivňuje její strukturu. Obecně lze všechny deponované Al-Cu-O vrstvy charakterizovat 

jako nanokrystalický kompozitní materiál tvořený velice malými zrny krystalické fáze 

v amorfní matrici. Čistě Al2O3 vrstvy jsou charakterizovány širokými difrakčními liniemi 

(311), (400) a (440) nanokrystalického γ-Al2O3 s nízkou intenzitou superponovanými na 

širokém píku amorfního Al2O3 a představují tedy nanokrystalický nc-γ-Al2O3/a-Al2O3 

kompozit. Přidávání Cu do Al2O3 vrstvy vede k postupné posouvání difrakčních linií (311), 

(400) a (440) nanokrystalického γ-Al2O3 k nižším difrakčním úhlům 2θ, a to až na pozice 

odpovídající difrakčním liniím (220), (311), (511) a (440) sloučeniny CuAl2O4. Jelikož se pnutí 

s rostoucím obsahem Cu v Al-Cu-O vrstvách nemění, tak toto posouvání difrakčních linií 
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ukazuje na fakt, že se atomy Cu rozpouštějí v zrnech nanokrystalického γ-Al2O3 a že se tak 

vytváří nanokrystalický tuhý roztok (Al8-2xCu3x)O12. Intenzita difrakční linie γ-Al2O3(400) 

s rostoucím obsahem Cu ve vrstvě klesá, přičemž při obsahu ≥ 16 at.% Cu takřka vymizí. 

Zároveň se při ~ 6 at.% Cu objevuje difrakční linie CuAl2O4(220), jejíž intenzita s rostoucím 

obsahem Cu ve vrstvě roste. Zřetelná asymetrie difrakční linie CuAl2O4(311) ve směru 

k vyšším difrakčním úhlům 2θ naznačuje koexistenci CuAl2O4(311) a nanokrystalického tuhé 

roztoku (Al8-2xCu3x)O12. Všechna tato zjištění tak ukazují na fakt, že struktura Al-Cu-O vrstev 

s obsahem Cu ≤ 10 at.% je velmi složitá. Jak mechanické vlastnosti (tvrdost a efektivní 

Youngův modul pružnosti), včetně odolnosti Al-Cu-O vrstev proti vzniku trhlin při namáhání, 

tak i optické vlastnosti (propustnost, index lomu a extinkční koeficient) Al-Cu-O vrstev silně 

korelují s obsahem Cu v těchto vrstvách. Až na optickou propustnost, která s obsahem Cu ve 

vrstvě klesá a při obsahu ≥ 16 at.% Cu se vrstva stává neprůhlednou, všechny ostatní sledované 

veličiny s obsahem Cu v Al-Cu-O vrstvách rostou. 

 

C-II: Transparent Zr-Al-O oxide coatings with enhanced resistance to cracking. 

Prvkové složení Zr-Al-O vrstev silně závisí na parciálním tlaku kyslíku 𝑝O2
, respektive 

depoziční rychlosti aD. Obsah Al ve vrstvách s rostoucím 𝑝O2
spojitě klesá z 37 at.% na ~ 1 

at.%. Rovněž obsah Zr s rostoucím 𝑝O2
nejprve klesá z 51 at.% na 19 at.% (pro 𝑝O2

~ 0,06 Pa), 

však s dalším růstem 𝑝O2
 se již dále nemění a pohybuje se kolem ~ 20 at.%. Pokud jde o O, tak 

jeho obsah s růstem 𝑝O2
 nejprve roste z 12 at.% na ~ 73 at.% (pro 𝑝O2

~ 0,15 Pa), ale s dalším 

růstem 𝑝O2
 se již také nemění. Rovněž struktura deponovaných Zr-Al-O vrstev silně závisí na 

parciálním tlaku kyslíku 𝑝O2
, respektive depoziční rychlosti aD. Vrstvy Zr-Al-O deponované 

v kovovém módu naprašování při velice nízkých (≤ 0,01 Pa) hodnotách parciálního tlaku 

kyslíku 𝑝O2
 jsou dvoufázové, tvořené nanokrystalickou fází h-Zr s hexagonální strukturou a 

amorfní fází a-Al2O3. Lze je tedy považovat za kompozitní materiál. Vrstvy Zr-Al-O připravené 

při 𝑝O2
 v rozsahu ~ 0,02 až ~ 0,06 Pa jsou amorfní, neboť energie dodávaná do rostoucích 

vrstev není dostatečná pro krystalizaci ZrO2. K té dochází až při 𝑝O2
≥  0,1 Pa, kdy vzniká 

nanokrystalická fáze t-ZrO2 s tetragonální strukturou a vrstvy pak tvoří kompozit 

nanokrystalických t-ZrO2 zrn v amorfní matrici a-Al2O3, nc-t-ZrO2/a-Al2O3. Se strukturou Zr-

Al-O vrstev velice úzce souvisí jejich mechanické vlastnosti (tvrdost, efektivní Youngův modul 

pružnosti a elastická vratnost), které s rostoucím 𝑝O2
 rostou, přičemž nejvyšších hodnot 

dosahují u vrstev deponovaných v přechodovém módu, kdy vrstvy tvoří nanokompozit nc-t-

ZrO2/a-Al2O3. Tyto vrstvy jsou průhledné, dosahují tvrdosti H ≈ 18 GPa, poměru H/E* > 0,1 a 

jejich elastická vratnost We > 70%. Rovněž vykazují vysokou odolnost proti vzniku prasklin 

při ohybu, neboť nepraskají ani při ohnutí o 180°.  

 

C-III: Two-phase single layer Al-O-N nanocomposite films with enhanced resistance to 

cracking. 

Struktura Al-O-N vrstev silně závisí na periodě 𝑇O2
 kyslíkových pulzů a na činiteli využití 

kyslíkových pulzů 𝜏O2
/𝑇O2

, tj. na množství kyslíku v deponované vrstvě. Částečně závisí též 

na teplotě substrátu Ts. Teplotní závislost struktury Al-O-N vrstev je poněkud překvapivá, 

neboť vrstvy připravené při teplotě substrátu Ts = 500 °C vykazují horší krystalinitu než vrstvy 
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připravené na nevyhřívaném substrátu při pokojové teplotě (Ts = RT). Toto chování však lze 

snadno vysvětlit vyšší desorpcí kyslíku ze stěn komory při vyšší depoziční teplotě, což je do 

určité míry v podstatě ekvivalentní zvětšování činitele využití kyslíkových pulzů 𝜏O2
/𝑇O2

. 

Vrstvy připravené při 𝜏O2
/𝑇O2

= 1, což odpovídá kontinuálnímu napouštění kyslíku ke 

stávajícímu dusíku, obsahují 2 fáze. Fázi nanokrystalického γ-Al2O3 a amorfní fázi a-(Al-O-N), 

a lze je tedy považovat za kompozitní materiál. Vrstvy připravené při 𝜏O2
/𝑇O2

= 0, což odpovídá 

depozici v čistém dusíku, obsahují pouze krystalickou fázi AlN. Při přidávání kyslíku do AlN 

vrstvy, tj. pro 0 < 𝜏O2
/𝑇O2

 < 1, dochází nejprve k tvorbě nanokompozitních nc-AlN/a-(Al-O-

N) vrstev, které se postupně mění v amorfní a-(Al-O-N) vrstvy při 𝜏O2
/𝑇O2

≈ 0,20 – 0,25 a 

následně v nanokrystalický kompozit nc-γ-Al2O3/a-(Al-O-N) při 𝜏O2
/𝑇O2

 ≥ 0,33. Popsané 

změny ve struktuře deponovaných vrstev samozřejmě významně mění jejich mechanické 

vlastnosti. Je zjevné, že vytvoření nanokrystalické fáze nc-AlN nebo nc-γ-Al2O3 v amorfní 

matrici a-(Al-O-N) výrazně zvyšuje tvrdost těchto nanokompozitních materiálů ve srovnání s 

amorfním materiálem tvořeným pouze a-(Al-O-N). Tyto nanokompozity dosahují tvrdosti H = 

15 až 20 GPa, mají nízký efektivní Youngův modul pružnosti E*, takže poměr H/E* > 0,1, 

vysokou elastickou vratnost We > 60% a nepraskají ani při ohnutí o 180°. Naproti tomu amorfní 

a-(Al-O-N) materiály vykazují nižší tvrdost H ≈ 10 GPa, poměr H/E* < 0,1, elastickou vratnost 

We ≈ 50% a praskliny se u nich objevují již při ohnutí o 40°. 

 

C-IV: The effect of addition of Al in ZrO2 thin film on its resistance to cracking. 

Prvkové složení Zr-Al-O vrstev silně závisí na parciálním tlaku kyslíku 𝑝O2
 a vnitřním průměru 

(Φin Zr) upevňovacího kroužku ze zirkonia (Zr), který zasahuje do erozivní zóny rozprašovaného 

složeného magnetronového terče o průměru 50 mm. Je-li použit Zr kroužek o vnitřním průměru 

Φin Zr = 20 mm, je množství Al ve vrstvách nízké (~ 11 at.%) a množství Zr ve vrstvách převládá 

nad množstvím Al při všech hodnotách  parciálního tlaku kyslíku 𝑝O2
, tj. poměr Zr/Al > 1. 

Kromě toho mají vrstvy Zr-Al-O  deponované při 𝑝O2
≥ 0,05 Pa téměř shodné prvkové složení 

~ 23 at.% Zr, ~ 11 at.% Al a ~ 66 at.% O. Je-li použit Zr kroužek o vnitřním průměru Φin Zr = 

24 mm, je množství Al ve vrstvách vysoké (~ 29 at.%) a množství Al ve vrstvách převládá nad 

množstvím Zr při všech hodnotách parciálního tlaku kyslíku 𝑝O2
, tj. poměr Zr/Al < 1. Kromě 

toho mají vrstvy Zr-Al-O  deponované při 𝑝O2
≥ 0,07 Pa téměř shodné prvkové složení ~ 9 

at.% Zr, ~ 29 at.% Al a ~ 62 at.% O. Struktura naprašovaných Zr-Al-O vrstev silně závisí na 

jejich prvkovém složení, zejména na poměru Zr/Al, a na parciálním tlaku kyslíku 𝑝O2
. Zr-Al-

O vrstvy s poměrem Zr/Al < 1 deponované při 𝑝O2
= 0 Pa jsou krystalické a tvořené fázemi Al, 

Al9,83 Zr0,17 a ZrSi2. S rostoucím parciálním tlakem kyslíku 𝑝O2
pak dochází k tvorbě oxidů Zr 

a Al, k poklesu krystalinity vrstev a postupnému přechodu původně krystalických vrstev na 

vrstvy krystalicko/amorfní (při 𝑝O2
= 0,04 Pa) a nakonec na vrstvy amorfní (při 𝑝O2

≥ 0,06 Pa), 

tvořené převážně a-Al2O3. Na druhou stranu, Zr-Al-O vrstvy s poměrem Zr/Al > 1 jsou 

zpočátku krystalicko/amorfní, ale jejich krystalinita se s rostoucím 𝑝O2
 zlepšuje. Při 𝑝O2

≥ 0,06 

Pa jsou pak tvořeny nanokompozitem zrn t-ZrO2 v amorfní a-Al2O3 matrici. Přidávání Al do 

ZrO2 silně ovlivňuje strukturu, a tím i vlastnosti Zr-Al-O vrstev. Zr-Al-O vrstvy s poměrem 

Zr/Al < 1 mají převážně amorfní strukturu, jsou měkké, mají nízkou elastickou vratnost, poměr 

H/E* < 0,1 a velice snadno praskají. Naopak, Zr-Al-O vrstvy s poměrem Zr/Al > 1 a kompozitní 
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strukturou nc-ZrO2/a-Al2O3 jsou tvrdé, vysoce elastické s poměrem H/E* > 0,1 a vykazují 

vysokou odolnost proti praskání. 

 

Část D – Fotokatalytické vrstvy TiO2 

D-I: Nanostructure of photocatalytic TiO2 films sputtered at temperatures below 200 °C. 

Struktura deponovaných vrstev TiO2 silně závisí na parciálním tlaku reaktivního plynu 𝑝O2
, 

celkovém tlaku plynu 𝑝T a na jejich tloušťce h. Je však relativně nezávislá na depoziční teplotě 

pro Tsurf < 180 °C. Z hlediska tloušťky vrstvy h byl pro všechny deponované vrstvy TiO2 

pozorován stejný trend ve vývoji jejich struktury. S růstem tloušťky h dochází ke zlepšení 

krystaličnosti TiO2 vrstev, tedy k postupnému přechodu od amorfních vrstev (pro h < 100 nm) 

k vrstvám krystalickým (pro h ≥ 100 nm), tvořených směsí rutilu a anatasu, přičemž poměr 

anatasu a rutilu s rostoucím h roste. Krystaličnost anatasové fáze se dále zvyšuje s rostoucím 

parciální tlakem 𝑝O2
, jsou-li vrstvy TiO2 deponované při celkovém tlaku 𝑝T ≥ 0,5 Pa. Kromě 

toho se s rostoucím celkovým tlakem 𝑝T snižuje i množství rutilové fáze ve vrstvě, takže vrstvy 

TiO2 deponované při celkových tlacích 𝑝T ≥ 1,5 Pa již obsahují pouze fázi anatasu. Struktura 

deponovaných vrstev TiO2 se však také mění ve směru růstu vrstvy, tj. od rozhraní vrstva-

substrát k povrchu vrstvy, kdy se u rozhraní vrstva-substrát primárně vytváří rutilová fáze, jejíž 

množství pak klesá s rostoucí tloušťkou vrstvy h a v závislosti na celkovém tlaku 𝑝T. Na 

základě získaných výsledků byl sestaven fázový zonální model naprašovaných TiO2 vrstev. 

Dále bylo zjištěno, že fotokatalytická aktivita TiO2 vrstev úzce souvisí právě s jejich strukturou. 

Fotokatalytická aktivita vrstvy TiO2 roste s rostoucím množstvím anatasové fáze ve vrstvě a 

s rostoucí tloušťkou vrstvy, a to až do h = 500 nm.  
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Resumé česky 

Tato dizertační práce je zaměřena na analýzu prvkového složení (pomocí metody rentgenové 

fluorescence) a struktury (pomocí metody rentgenové difrakce) čtyř typů nových tenkovrstvých 

materiálů vytvářených různými metodami magnetronové depozice. Jde o následující materiály: 

A. Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-O, Si-B-C-N a Al2O3 s dostatečnou tvrdostí a 

vysokou teplotní stabilitou ve vzduchu za velmi vysokých teplot. 

B. Otěruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostatečnou tvrdostí a nízkým 

koeficientem tření. 

C. Multifunkční vrstvy Al-Cu-O, Zr-Al-O, Al-O-N se zvýšenou odolností proti vzniku trhlin 

při namáhání. 

D. Fotokatalytické vrstvy TiO2. 

Práce je rozdělena do 4 kapitol. Kapitola 1 je věnována obecnému úvodu a základním 

principům použitých metod rentgenové fluorescence a rentgenové difrakce. V kapitole 2 jsou 

definovány cíle dizertační práce. Ve 3. kapitole, obsahově nejrozsáhlejší, jsou uvedeny 

dosažené výsledky, a to ve formě 12 vědeckých článků publikovaných v impaktovaných 

mezinárodních časopisech, tematicky rozdělených do 4 částí (A – D). 

Část A zahrnuje 5 studií: 

A-I  :   Properties of magnetron sputtered Al-Si-N thin films with a low and high Si content. 

A-II :   Formation of crystalline Al-Ti-O thin films and their properties. 

A-III:   Protective Zr-containing SiO2 coatings resistant to thermal cycling in air up to 1400 °C. 

A-IV: Thermal stability of magnetron sputtered Si-B-C-N materials at temperatures up to 

1700 °C. 

A-V :   Thermal stability of alumina thin films containing γ-Al2O3 phase prepared by reactive 

magnetron sputtering. 

Část B zahrnuje 2 studie: 

B-I :    Tribological and mechanical properties of nanocrystalline-TiC/a-C nanocomposite thin 

films. 

B-II:    Coefficient of friction and wear of sputtered a-C thin coatings containing Mo. 

Část C zahrnuje 4 studie: 

C-I  : Properties of nanocrystalline Al–Cu–O films reactively sputtered by DC pulse dual 

magnetron. 

C-II  : Transparent Zr-Al-O oxide coatings with enhanced resistance to cracking. 

C-III: Two-phase single layer Al-O-N nanocomposite films with enhanced resistance to 

cracking. 

C-IV: The effect of addition of Al in ZrO2 thin film on its resistance to cracking. 

Část D zahrnuje 1 studii: 

D-I: Nanostructure of photocatalytic TiO2 films sputtered at temperatures below 200 °C. 

Kapitola 4 je věnována závěrům dizertační práce. Lze konstatovat, že dizertační práce přispívá 

k objasnění složitých vzájemných vztahů mezi parametry depozičních procesů, prvkovým 

složením a strukturou vytvořených tenkovrstvých materiálů a jejich vlastnostmi.
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Abstract 

This thesis is focused on the analysis of elemental composition (by X-ray fluorescence method) 

and the structure (by X-ray diffraction method) of four types of the new thin-film materials 

prepared by different methods of magnetron deposition. These are the following materials: 

A. Al-Si-N, Al-Ti-O, Si-Zr-O, Si-B-C-N and Al2O3 protective coatings with a sufficient 

hardness and high temperature stability in air at very high temperatures. 

B. Nc-TiC/a-C and Mo-C abrasion resistant coatings with a sufficient hardness and low 

coefficient of friction. 

C. Al-Cu-O, Zr-Al-O, Al-O-N multifunctional layers with an increased resistance to stress 

cracking. 

D. Photocatalytic TiO2 layers. 

The thesis is divided into 4 Chapters. Chapter 1 is devoted to a general introduction and basic 

principles of X-ray fluorescence and X-ray diffraction methods. In Chapter 2, the aims of thesis 

are defined. Chapter 3 is the most extensive and it is devoted to the achieved results. The results 

are presented in a form of 12 scientific papers published in prestigious international journals 

divided into 4 parts (A – D). 

Part A includes 5 papers: 

A-I  :   Properties of magnetron sputtered Al-Si-N thin films with a low and high Si content. 

A-II :   Formation of crystalline Al-Ti-O thin films and their properties. 

A-III:   Protective Zr-containing SiO2 coatings resistant to thermal cycling in air up to 1400 °C. 

A-IV: Thermal stability of magnetron sputtered Si-B-C-N materials at temperatures up to 

1700 °C. 

A-V :   Thermal stability of alumina thin films containing γ-Al2O3 phase prepared by reactive 

magnetron sputtering. 

Part B includes 2 papers: 

B-I :    Tribological and mechanical properties of nanocrystalline-TiC/a-C nanocomposite thin 

films. 

B-II:    Coefficient of friction and wear of sputtered a-C thin coatings containing Mo. 

Part C includes 4 papers: 

C-I  : Properties of nanocrystalline Al–Cu–O films reactively sputtered by DC pulse dual 

magnetron. 

C-II  : Transparent Zr-Al-O oxide coatings with enhanced resistance to cracking. 

C-III: Two-phase single layer Al-O-N nanocomposite films with enhanced resistance to 

cracking. 

C-IV: The effect of addition of Al in ZrO2 thin film on its resistance to cracking. 

Part D includes 1 paper: 

D-I: Nanostructure of photocatalytic TiO2 films sputtered at temperatures below 200 °C. 

Chapter 4 is devoted to the conclusions of the thesis. It can be stated that the thesis contributes 

to the elucidation of the complex interrelationships between the parameters of the deposition 
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processes and the elemental composition and the structure of the formed thin-film materials and 

their properties. 
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