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1. Uvod

Makroskopické vlastnosti materialu (mechanické, chemické, optické, tepelné, ...) siln¢ zavisi,
kromé jeho prvkového slozeni, zejména na jeho struktufe. V piipadé objemovych materiali,
ptipravovanych klasickymi metalurgickymi technologiemi za rovnovéaznych podminek (vysoka
teplota, atmosféricky tlak a pomalé ochlazovani), lze jejich strukturu stanovit z prislusnych
rovnovaznych fazovych diagrami, zobrazujicich vztahy mezi strukturou (fizovym slozenim),
prvkovym slozenim a teplotou. Problém vSak nastdvd u materidld vytvafenych ve formé
tenkych vrstev, nebot ty jsou obvykle pfipravovany daleko od rovnovaznych podminek
(relativné nizky tlak i teplota a rychlé ochlazovani), takze ve vétSin€ pfipadi obsahuji mnohem
vice miizkovych poruch, jako jsou vakance, dislokace, hranice zrn, precipitaty sekunddrnich
fazi ¢i metastabilni faze, nez stejné, konvencné ptipravené, objemové materialy. V disledku
slozitosti povahy depozi¢niho procesu a velkého mnozstvi parametrii urcujicich kineticka
omezeni ristového procesu tenkych vrstev je pomérné obtizné ptedvidat mikrostrukturu a
fyzikalni vlastnosti takto deponovanych tenkych vrstev pouze ze znalosti pouZitych
depozi¢nich podminek. Je proto nesmirné dilezité studovat souvislosti mezi parametry
depozi¢niho procesu, prvkovym slozenim, strukturou a vlastnostmi pfiipravenych
tenkovrstvych materialti.

Navzdory rostoucimu komerénimu vyznamu materialti pfipravenych ve formé tenkych vrstev
na riznych substratech a velkému objemu dostupné védecké literatury je porozuméni vztahim
mezi depozi¢nimi parametry, mikrochemii a mikrostrukturou tenkych vrstev stale velmi malé.
Je to ¢astecné v dusledku slozitosti depozi¢niho procesu, ale také v dusledku faktu, Ze tenké
vrstvy jsou v mnoha piipadech jen malo nebo neadekvatné charakterizovany. Provadéni
kvantitativni chemické a strukturni analyzy tenkych vrstev, zvlast€ komplexnich sloucenin, je
totiz Casto dosti obtizné¢ a plsobi nemalé nesndze. Naptiklad mnoho dobie zvladnutych
analyzacnich technik pouZivanych pro objemové materidly nemtize byt pouzito pro chemickou
analyzu tenkych vrstev kvili omezenému mnozstvi dostupného materidlu tenké vrstvy o
tloust'ce Casto pouze n€kolik stovek nm ¢i jednotek um. Také analyzy struktury tenkych vrstev
mohou byt problematické. Malé velikosti zrn, riistova textura a velké mnozstvi defektd
komplikuji fazovou identifikaci, pfesné stanoveni miizkovych parametri, Kkvalitativni
stanoveni typu a charakteru defektt, nemluvé o jejich ptipadné kvantifikaci. Pfesto v§ak existuji
2 analyza¢ni techniky, vyuzivajici k analyze pevnych latek jejich interakci s rentgenovym
zafenim, které lze pouZivat jak pro objemové, tak i pro tenkovrstvé materidly. Jedna se o
rentgenovou fluorescenci (XRF), uzivanou ke stanoveni prvkového slozeni materialu, a
rentgenovou difrakci (XRD), uzivanou ke stanoveni struktury materialu.

1.1 Rentgenové zareni

Rentgenové zateni, objevené v roce 1895 W. C. Rontgenem, je kratkovinné elektromagnetické
vInéni o vinovych délkach A v rozsahu 0,01 nm — 10 nm, respektive o energiich E v rozsahu
125 keV — 0,125 keV. Obecné je rentgenové zaieni generovano bud’ pii zménach pohybového
stavu rychle se pohybujicich elektricky nabitych Castic (elektronti, protonil), nebo pii ozarovani
latek dostateCn¢ energetickym rentgenovym zaifenim z rentgenové lampy ¢i radioaktivnim
zafenim y z vhodného radioizotopu.

Spektrum rentgenového zéieni se sklada ze dvou slozek, spojitého (brzdného) rentgenového
zéateni a charakteristického rentgenového zareni.



1.1.1 Spojité rentgenové zareni (Bremsstrahlung)

Spojité (brzdné) rentgenové zafeni je emitovano v pripadé, kdy jsou volné elektrony prudce
brzdény napf. pii jejich interakci s elektronovymi obaly atomu latky. V tomto piipadé mohou
tyto elektrony ztratit libovolné mnozstvi své kinetické energie pruznym ¢i nepruznym
rozptylem pfi interakci s atomy latky, coz vede ke vzniku spojitého (brzdného) spektra
rentgenového zareni latky (tzv. Bremsstrahlung). Kazda jednotliva interakce elektron-atom
vede ke zpomaleni elektronu a vygenerovani piislusného fotonu rentgenového zaieni, jehoz
vlnova délka A zavisi na konkrétni energetické ztraté elektronu. Zpramérovani mnoha interakci
elektron-atom tak vede ke vzniku spojitého spektra, které je na strané kratkych vinovych délek
omezeno minimalni vinovou délkou Amin, jez odpovidd maximalni kinetické energii Emax
elektronu, urychlenému napétim U, a pro niz plati
Anin = :_;1
kde e je naboj elektronu, h je Planckova konstanta a c je rychlost svétla.

1.1.2 Charakteristické rentgenové zareni

V ptipad¢ vazanych elektrond, napf. v atomu, je proces vzniku rentgenového zaieni o néco
komplikovanéjsi. K jeho vysvétleni v§ak mizeme vyuzit Bohriv model atomu, ve kterém jsou
elektrony, jejichz pocet je dan pfislusnym protonovym ¢&islem Z, charakterizovany 4
kvantovymi ¢&isly, S jejichz pomoci mizeme stanovit a zaroven i oznadit vSechny mozné
energetické stavy elektronu v atomu. Hlavni kvantové ¢islo n udava relativni energii elektronu,
respektive piislusné energetické hladiny v atomu a nabyva celodiselnych hodnot 1, 2, 3, 4, ...
(ve spektroskopii se pouziva k oznaceni energetickych hladin pismen K, L, M, N, ...). Vedlejsi
kvantové Cislo | charakterizuje orbitalni moment hybnosti elektronu a tvar orbitalu. Nabyva
celociselnych hodnot 0, 1, 2, 3, ..., n — 1 (ve spektroskopii se pouziva K oznaceni orbitall
pismen S, p, d, f, ...). Magnetické kvantové ¢islo m udava orientaci atomového orbitalu
Vv prostoru a nabyva celo¢iselnych hodnot v rozmezi (—[, +1) véetné 0. Spinové kvantové Cislo
s udava spin (smysl rotace) elektronu a nabyva pouze 2 hodnot + %. Pro popis rentgenovych
spekter se jesté zavadi kvantové ¢islo pro celkovy moment hybnosti elektronu j = | + %.

Jestlize na latku dopadaji vysoce urychlené elektrony, resp. fotony, s energii vétsi nez je
ionizacni potencial pfislusné vnitini energetické hladiny atomu, dojde k ionizaci atomu, tj.
emisi elektronu z této vnitini energetické hladiny a vzniku iontu daného stavu atomu. Pfechod
Z nestabilniho excitovaného stavu do zékladniho stavu se déje preskokem elektronu z vyssi
energetické hladiny na uvolnénou niZsi energetickou hladinu a je doprovazen vyzarenim fotonu
charakteristického rentgenového zateni, jehoz energie je rovna prave rozdilu vazebnych energii
pocatec¢niho a kone¢ného stavu elektronu. Tyto preskoky mezi energetickymi hladinami se v§ak
nemohou dit zcela libovolnég, ale plati pro né tzv. vybérova pravidla, jenz charakterizuji
dovolené piechody. Pro velmi intenzivni dipolové piechody plati, Zze zména hlavniho
kvantového ¢isla An> 1, zména vedlej$iho kvantového Cisla Al =+ 1 a zména kvantového ¢isla
pro celkovy moment hybnosti elektronu Aj = 0 nebo 1. Pro mnohem méné intenzivni
kvadrupodlové prechody plati Al = 0 nebo 1 a Aj =0, 1 nebo 2. To tedy znamena, ze spektrum
charakteristického rentgenového zateni je Carové (diskrétni) a zavisi na druhu atomu, tj. je pro
danou latku (material) charakteristické.



1.1.2.1 Znaceni ¢ar charakteristického rentgenového spektra

Podle zazité konvence se nejcastéji série spektralnich ¢ar oznacuji tak, ze se velkym pismenem
oznaci kone¢na hladina preskoku. K—série tedy odpovida elektronovym pieskoktm, které konci
jejich podhladinach Li, Ly, Lin. Jednotlivé spektralni ¢ary se pak oznacuji feckymi pismeny,
napi. a1, a2, f1, y3 apod. Tyto symboly obvykle oznacuji relativni intenzitu spektralnich ¢ar,
pfi¢emz o je vV dané sérii nejintenzivnéjsi.

1.1.3 Interakce rentgenového zareni s latkou

Vzijemné pusobeni rentgenového zateni na latku a naopak je mnohostranny déj, pii kterém
dochazi k vzajemnému ovliviiovani vlastnosti jak rentgenového zateni, tak latky, ptes kterou
rentgenové zafeni prochdzi. Z toho diivodu se omezime pouze na procesy, jenz jsou dilezité
pro uvazované analyzac¢ni techniky XRF a XRD.

1.1.3.1 Absorpce rentgenového zareni

Prochazi-li rentgenové zareni latkou, dochazi k jeho zeslabeni (absorpci), a to v disledku
procest, které lze podle mechanismu vzniku kvalitativné rozdélit na vlastni absorpci
(fotoelektrickou absorpci), koherentni (Rayleightiv) a nekoherentni (Comptontv) rozptyl.
Kvalitativné 1ze absorpci monochromatického rentgenového zateni o vlnové délce 4 vrstvou
latky o tloust'ce d a hustoté p popsat vztahem

I = Ioe_upd y

kde lo je intenzita rentgenového zatfeni pted dopadem na latku, | je intenzita rentgenového
zatfeni po prichodu latkou a 4 je hmotnostni absorp¢ni koeficient latky.

Hmotnostni absorp¢ni koeficient 4 nezavisi na fyzikalnim ani chemickém stavu latky, tj.
nezavisi na skupenstvi ani krystalické formé latky a je dan pouze jednotlivymi druhy atomu
latky. V ptipadé€ chemickych slouc¢enin nebo smési je vysledny hmotnostni absorpcni koeficient
uasc pouhym souctem hmotnostnich absorpénich koeficientti atoma prvki A, B a C, ze kterych
se latka sklada, a Ize jej vyjadfit jako

Uasc = Xala + Xpug + Xclic ,

kde Xa, Xg, Xc jsou hmotnostni zlomky prvka A, B, C v dané sloucenin¢€ nebo smési a pa, g,
pc jejich hmotnostni absorpéni koeficienty. Urcitda hodnota hmotnostniho absorpéniho
koeficientu plati vzdy pouze pro jedinou vinovou délku rentgenového zateni, pficemz pro jinou,
byt velice blizkou vinovou délku, miize byt jeho hodnota velmi odlisna.

1.1.3.1.1 Vlastni absorpce (fotoelektricka absorpce)

Pti vlastni absorpci fotonu rentgenového zareni dochazi k vytrzeni vnitiniho elektronu z atomu,
tj. k fotoionizaci atomu. Jedna se tak vlastné o vytvoreni pocate¢niho stavu pro naslednou emisi
fotonu charakteristického rentgenového zateni.



1.1.3.1.2 Koherentni (Rayleighiiv) rozptyl

O koherentnim rozptylu hovotime v ptfipadé, kdy foton rentgenového zateni po prichodu latkou
méni svoji drahu nikoliv vSak svoji energii. Vysvétluje se pruznou srazkou fotonu rentgenového
zafeni s elektronem, ktery se rozkmitd se stejnou frekvenci, jako ma dopadajici foton
rentgenového zareni a stane se tak zdrojem elektromagnetického vinéni se stejnou vlnovou
délkou. Lisi se pouze amplituda tohoto elektromagnetického vinéni.

1.1.3.1.3 Nekoherentni (Comptoniiv) rozptyl

O nekoherentnim rozptylu hovotfime v ptipad¢, kdy foton rentgenového zareni po priichodu
latkou méni svoji drdhu a zarovenl i svoji energii. Vysvétluje se pruZznou srazkou fotonu
rentgenového zateni s elektronem, kterému pieda ¢ast své energie, takze energie rentgenového
fotonu je po srazce mensi. Tuto ztratu energie mizeme vyjadfit rozdilem vinovych délek A4
fotonu rentgenového zateni po srazce (1') a pred srazkou (1), pro ktery plati

h
mec

A=A —-A= (1 —-cosB),

kde h je Planckova konstanta, ¢ je rychlost svétla, me je hmotnost elektronu a 260 je thel mezi
sméry dopadajiciho a rozptyleného fotonu rentgenového zateni. V praxi se nejcastéji setkavame
s Comptonovym rozptylem pifi méfeni v oblasti vlnovych délek odpovidajicich
charakteristickému rentgenovému zafeni anody rentgenové lampy. Cara odpovidajici
charakteristickému zareni rentgenové lampy je ve spektru pifitomna vzdy a Casto byva
doprovazena dal$i carou, posunutou K delsim vlnovym délkam, ktera vznikla prave
Comptonovym efektem z charakteristické ¢ary anody rentgenové lampy.

Zda pfi interakci rentgenového zatreni pievazuje koherentni ¢i nekoherentni rozptyl je déno
energii rentgenového fotonu v porovnani s vazebnou energii elektrond v latce. Jsou-li tyto
energie porovnatelné, ptevazuje koherentni rozptyl. Pokud je energie rentgenového fotonu

vV

podstatné vyssi, pak prevlada nekoherentni rozptyl.

1.1.3.2 Meziprvkové ovlivnéni v realnych latkach

Pti interakci rentgenového zafeni sredlnymi latkami, které jsou ve vétSin€ piipadi
slouceninami nebo smeésmi atomul riznych prvkil, dochazi ke vS§em dosud popsanym jeviim.
Dochazi k nim v8ak soucasné pro atomy vsech prvki a jednotlivé déje se tak vzajemné prolinaji
a ovliviiuji. Rovnéz rentgenové zareni nemad v redlném vzorku nebo prostoru spektrometru jen
jednu vinovou délku, ale vyskytuji se zde vinové délky charakteristickych rentgenovych zateni
vSech prvki pritomnych ve vzorku a pfipadné i prvki, pouzivanych pfi konstrukcei pfistroje.

Kromé jiz diskutovanych jevil se jako vysledek jejich vzajemného pilisobeni pii rentgenové
spektralni analyze uplatiiuji zejména spektralni interference, vzajemné ptibuzovani a vzajemna
absorpce.

O spektralni interferenci mluvime tehdy, kdyz stejnou vinovou délku (v ramci rozliSovaci
schopnosti pfistroje), jako md nami méfeny prvek, ma néktery z dalSich prvki, pfitomnych ve
vzorku. U modernich spektrometrii se jedna vzdy o caru jiné série nebo jiného fadu spektra.
Rentgenové zateni rusiciho prvku se pficte k nami méfenému rentgenovému zafeni, které se tak
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jevi jako zesilené. Zesileni nezavisi na koncentraci stanovovaného prvku, ale je zavislé pouze
na koncentraci rusivého prvku.

Pfibuzovanim méme na mysli ptipad, kdy je pfitomen prvek, jehoz charakteristické rentgenové
zafeni ma vétsi energii nez absorpcni hrana stanovovaného prvku. Nami stanovovany prvek je
pak buzen nejen primarnim rentgenovym zafenim rentgenové lampy, ale téz charakteristickym
rentgenovym zafenim ruSivého prvku. Dochazi tak k narGstu intenzity charakteristického
rentgenového zafeni méfeného prvku, pficemz jeho intenzita je vétsi, nez by odpovidalo
koncentracnimu obsahu méfeného prvku. Zesileni intenzity je zavislé jak na obsahu méfeného
prvku, tak i na obsahu rusiciho prvku. Nejsilngji piibuzuje prvek, jehoZ charakteristické
rentgenové zaieni lezi nejblize na kratkovinné stran¢ absorpcni hrany stanovovaného prvku.

Na absorpci charakteristického rentgenového zateni stanovovaného prvku se podileji vSechny
prvky obsazené ve vzorku, jejichz absorpéni hrana je del$i nez vinova délka analytické Cary
méteného prvku. Nejsilngji absorbuje prvek, jehoz absorp¢ni hrana lezi nejblize na dlouhovinné
stran¢ analytické Cary. Absorpcni vlivy jsou imérné koncentraci ovliviiovaného i rusivého
prvku.

7

1.1.3.3 Difrakce rentgenového zaieni

V ptipadé, ze rentgenové zaieni dopada na krystalickou latku, kterou lze charakterizovat jako
pravidelné prostorové usporadani atomu latky na dlouhou vzdalenost, dochazi vedle zminénych
interakci rentgenového zateni s latkou i k jevu, znamému jako difrakce. Tento jev ma nesmirny
vyznam jak pro studium vlastnosti rentgenového zafeni, tak pro analyzu krystalickych latek
samotnych.

Difrakce rentgenové zafeni na krystalické latce je vlastné vysledkem dvou fyzikalnich jevi.
Jednim z nich je pruzny (Rayleightiv) rozptyl dopadajiciho rentgenového zareni na atomech
latky, pfi némZ se kazdy atom latky stava zdrojem elektromagnetického vinéni se stejnou
vlnovou délkou, jakou ma dopadajici rentgenové zareni. Pfi pruzném rozptylu tedy maji
elektromagnetické viny rozptylené (vyzafované) jednotlivymi atomy neménny fazovy rozdil,
nebot’ atomy tvofi mnozinu koherentnich zdroji. Kromé toho, v krystalickych latkach, kde jsou
meziatomové vzdalenosti srovnatelné s vinovou délkou rozptyleného rentgenového zateni, pak
muZe nastat mezi rozptylenymi elektromagnetickymi vlnami pozorovatelny interferencni jev,
projevujici se koncentraci rozptylené elektromagnetické energie (rentgenového zafeni)
Vv ur¢itém sméru, tedy vznikem difrakéniho maxima.

Difrakci rentgenového zatreni (vinéni) na krystalech Ize interpretovat také jako odraz téchto
elektromagnetickych vin od rovnobéznych atomovych rovin krystalu charakterizovanych
Millerovymi indexy (hkl). Difrakce pak nastava pouze tehdy, je-li drahovy rozdil vin
odrazenych od sousednich rovnobéznych krystalovych rovin roven celistvému poctu vinovych
délek A dopadajiciho rentgenového zafeni. Vyse uvedené skutecnosti popisuje zndma Braggova
rovnice

Zd(hkl) sin@ = n/l,

kde n je fad difrakce (n=1, 2, 3, ...), & je Braggtv uhel dopadu rentgenového vinéni na systém
rovnobéznych krystalovych rovin (hkl), dkiy je mezirovinna vzdalenost rovin (hkl) a 4 je vinova
délka dopadajiciho rentgenového zareni. Neni-li splnéna podminka dand Braggovou rovnici,
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nedojde ke vzniku difrakci, nebot’ pii odrazu vin budou vznikat rizné drahové rozdily
odrazenych vln, tj. nenastane jejich konstruktivni interference.

Podrobn¢jsi informace o charakteru rentgenového zafeni, jeho interakcich s latkou a
meziprvkovém ovlivnéni lze nalézt v monografiich [1], [2], [3], [4].

1.2 Zdroje rentgenového zareni pro XRF a XRD analyzy

Jako zdroje rentgenového zéteni pro techniky XRF a XRD nejc¢astéji slouzi rentgenové lampy.
Jsou to v podstaté vakuové trubice se dvéma elektrodami, katodou a anodou, mezi kterymi je
vysoké napéti az 60 kV. Katoda je tvofena pfimo zhavenym wolframovym vldknem, jez
termoemisi emituje elektrony, které jsou vysokym napétim urychlovdny smérem k anodé
vyrobené z materidlu, jehozZ rentgenové zateni chceme vybudit. Po dopadu elektronii na anodu
se mala ¢ast (~ 5%) jejich energie pfeméni na spojité a charakteristické rentgenové zafeni
materialu anody, které z rentgenky vychazi skrze beryliové okénko. Podstatna ¢ast energie
urychlenych elektront je vSak absorbovana a pfeménéna na teplo, které je nutné z rentgenové
lampy odvadét chladici vodou, aby nedoslo k jejimu poskozeni.

1.3 Detekce rentgenového zareni

K detekci rentgenového zateni, tj. uréeni intenzity (poc¢tu fotond) detekovaného rentgenového
zateni pro zvolenou vinovou délku, ktera projde do detektoru, 1ze pouzit plynové detektory,
scintila¢ni detektory nebo polovodi¢ové detektory. Rozhodujicimi parametry detektor jsou
ucinnost v oblasti meéfenych vinovych délek a mnozstvi detekovanych fotonii za jednotku Casu
(nebo obracen¢, doba mezi dvéma po sob¢ jdoucimi detekovanymi fotony, tzv. mrtva doba
detektoru), ptipadné jejich proporcionalita a rozliSeni. Detektory tedy slouzi k pfevedeni
detekovaného rentgenového zareni na elektrické impulzy, jez mohou byt zaznamenavany,
pocitany a dale elektronicky zpracovavany.

1.3.1 Plynovy (proporcionalni) detektor

Jeho konstrukce je tvofena kovovym valcem zapojenym jako katoda elektrického obvodu,
V jehoz ose je napnuté tenké kovové vlakno zapojené jako anoda. Prostor mezi elektrodami je
vyplnén smési dvou plynu, detekéniho (obvykle Ar, Kr nebo Xe) a zhaseciho (CH4 nebo CO).
Ve stén¢ valce je vstupni okénko, jimz do detektoru vstupuji fotony detekovaného
rentgenového zafeni. Pro kratkovinna rentgenova zareni byva vyrobeno z Al nebo Be, pro
dlouhovinna pak z pokovené mylarové nebo teflonové folie o tloustkach v jednotkdch pum.
Zékladnim procesem v plynovém detektoru je ionizace plynu fotonem rentgenového zafeni, pii
niz vznika par nabitych €astic, elektron a iont, S ur¢itymi pocatecnimi kinetickymi energiemi.
Dopadem nabitych ¢astic (zejména elektronu) na elektrody dojde ke vzniku elektrického pulzu,
jenz je zaregistrovan v elektrickych obvodech méfici elektroniky. Déle je nutné, aby ionizovany
plyn co nejrychleji rekombinoval zpét na neutrdlni atomy, cemuZ napomaha zhaseci plyn, nebot’
pokud by byl plyn ionizovan pii dopadu dalSiho rentgenového fotonu, tak ten by nebyl
Zaregistrovan.
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V piipadé vhodné zvoleného vysokého napéti mezi anodou a katodou plynového detektoru jsou
elektrony vzniklé ionizaci urychlovany timto napétim tak, Ze dosdhnou kinetické energie
dostatecné pro sekunddrni ionizaci dalSich atomt plynu. Velikost sekundarni ionizace, a tim 1
vystupniho elektrického pulzu, je pak umérna energii absorbovaného fotonu rentgenového
zéafeni, ¢imz dostavdme proporcionalni plynovy detektor. Plynové detektory byvaji bud’ v
provedeni zataveném (trvala plynové napli) nebo pritokovém (plynova naplii se neustale
obnovuje).

1.3.2 Scintila¢ni detektor

Scintilacni detektor se skladd ze dvou ¢asti, zapouzdieného scintilaéniho krystalu a
fotonasobice. Scintilacni krystal jodidu sodného aktivovaného thaliem, Nal(TI), prevadi
rentgenové zafeni na zafeni ve viditelné oblasti spektra (410 — 420 nm), jez je ptivedeno do
fotonasobice, kde vznika elektricky impulz. Detektor se chova proporciondlné, to znamena, ze
intenzita vystupnich elektrickych pulzii z fotonasobice je umérna energii absorbovaného
rentgenoveého zareni. Celkova G€innost detekce rentgenového zatfeni scintilacnim detektorem
je mensi nez u plynovych detektorii a scintilaéni detektory jsou vhodné pro detekci
kratkovlnného rentgenového zéteni.

1.3.3 Polovodicovy detektor

Polovodicovy detektor je vyroben z kiemiku, germania nebo jiného polovodi¢ového materialu
tak, Ze na jeho pfedni strané je tenka (~ 20 nm) Au vrstvicka, kterd je zapojena jako katoda a
na opa¢ném konci je sbérna elektroda zapojena jako anoda. Mezi ob¢ elektrody je pfiloZzeno
vysoké napéti 1500 V. Foton detekovaného rentgenového zafeni projde vstupnim beryliovym
okénkem, pronikne do téla detektoru a vytvoii vV ném pary elektron-dira, pficemz pocet
elektrontl zavisi na energii absorbovaného fotonu rentgenového zafeni. Cim je jeho energie
veétsi, tim vice elektronti vznikne. V dusledku piilozeného napéti jsou vzniklé elektrony
pritahovany k anodé€, a kdyZz ji dosahnou, dojde k poklesu napéti a vzniku negativniho
elektrického pulzu, jehoZ velikost je umérnd poctu elektront a tim 1 energii absorbovaného
fotonu rentgenoveého zareni. Takto vzniklé elektrické pulzy jsou nasledné registrovany méfici
elektronikou.

v

Podrobnéjsi informace o zdrojich rentgenového zafeni a jeho detekcei 1ze nalézt v monografiich

[1], [2], [3], [4].

1.4 Rentgenova fluorescen¢ni spektrometrie (XRF)

Zaklady rentgenové spektralni analyzy byly polozeny v roce 1913, kdyz H. G. J. Moseley nalez|
vztah mezi vinovou délkou rentgenového zafeni A a protonovym cislem prvku Z, ktery jej
vyzatuje, a souvislost mezi intenzitou rentgenového zateni prvku a jeho obsahem ve vzorku.

Rentgenova spektralni analyza vyuziva tzv. sekundarni buzeni, tj. charakteristické rentgenové

zateni prvku obsazenych v analyzované latce vznika v disledku ozafovani vzorku analyzované
latky energetickym rentgenovym zaifenim generovaném nej¢astéji rentgenovou lampou. Jedna
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se tedy o rentgenovou fluorescenci, nebot’ vznik charakteristického rentgenového zareni latky
vzorku je asové totozny s absorpci budiciho rentgenového zafeni z rentgenové lampy. Metoda
slouzi ke kvalitativni i kvantitativni analyze pevnych i kapalnych latek V Sirokém
koncentra¢nim rozsahu od ~ 1 ppm do 100 %, a lze ji principialné pouzit pro vSechny prvky
pocinaje Be.

1.4.1 Rentgenovy fluorescencni spektrometr

Rentgenovy fluorescenéni spektrometr je zafizeni, které je schopno vytvaiet a registrovat
¢arové spektrum fluorescenéniho rentgenového zareni latek. Kazdy rentgenovy fluorescencni
spektrometr musi obsahovat zdroj budiciho (primarniho) rentgenového zatfeni, napf.
rentgenovou lampu, detektor rentgenového zareni, kolimatory sekundarniho (fluorescen¢niho)
svazku rentgenového zaieni, vakuovy Cerpaci systém a odpovidajici fidici a méfici elektroniku.

Klasicky rentgenovy fluorescen¢ni spektrometr funguje tak, ze na vzorek dopada energie ve
formé primarniho rentgenového zafeni z rentgenové lampy a jeji absorpci ve vzorku dochazi
k vybuzeni charakteristického rentgenového zafeni atoml prvkd obsazenych ve vzorku
analyzované latky. Vzniklé charakteristické fluorescencni rentgenové zareni v sobé nese
informaci o kvalitativnim (vinové délky, resp. energie spektralnich car) a kvantitativnim
(Cetnost fotond, resp. intenzity spektralnich ¢ar) prvkovém slozeni vzorku analyzované latky.
Podle toho, jak je fluorescenéni rentgenové zateni dale zpracovavano, délime spektrometry na:

e Energiové disperzni (EDXRF) — fluorescenéni rentgenové zateni vychazejici ze vzorku
dopada jako celek na detektor o vysoké proporcionalit¢ odezvy, ktery registruje
absorbované fotony charakteristického rentgenového zafeni. Signal detektoru je pak
v multikanalovém analyzatoru rozdélen podle amplitudy pulzd, jez odpovida energii
registrovaného fotonu rentgenového zateni, do diskrétnich energetickych intervali.
Cetnost fotontl rentgenového zafeni piislusejici uréité amplitudé pulzu pak odpovida
intenzité rentgenového zareni dané spektralni Cary.

e Vinové disperzni (WDXRF) — fluorescencni rentgenové zareni vychazejici ze vzorku
dopada na analyza¢ni monokrystal o znamé mezirovinné vzdalenosti dwy, kde je
difrakci rozkladano na jednotlivé vinové délky pod prislusnymi uhly 6. Fotony
difraktovaného charakteristického rentgenového zatfeni o zvolené vinové délce A pak
dopadaji do detektoru, ktery je registruje ve formé pulzd, jejichZ Cetnost odpovida
intenzité charakteristického rentgenového zafeni o dané vinové délce.

1.4.3 Kvalitativni a kvantitativni analyza prvkového sloZeni latek

Vysledkem méfeni vzorku latky na rentgenovém fluorescenénim spektrometru je zavislost
intenzit spektralnich ¢ar fluorescen¢niho rentgenového zareni vzorku analyzované latky na
vinové délce, respektive energii, tedy charakteristické rentgenové spektrum. Jelikoz kazda latka
je slozena zatomd prvka a kazdy prvek ma jedine¢né spektrum charakteristického
rentgenového zareni, je mozné provést kvalitativni analyzu prvkového slozeni daného vzorku
latky tim, ze porovname naméfené vinové délky, respektive energie spektralnich car
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fluorescenéniho rentgenového zafeni vzorku analyzované latky s databazi vinovych délek,
respektive energii spektralnich ¢ar charakteristického rentgenového zafeni jednotlivych prvki.

Rentgenova fluorescenéni spektrometrie je povrchové citliva technika, nebot’ informacni
hloubka je dana tinikovou hloubkou fluorescen¢niho rentgenového zafeni métfeného prvku ze
vzorku analyzované latky. Informacni hloubka tak siln€¢ zavisi nejen na energii vybuzeného
fluorescenéniho rentgenového zareni méfeného prvku, ale také na slozeni latky, skrze kterou
toto rentgenové zatreni musi projit, nez je detekovano. Obecné tato unikova hloubka lezi mezi
~ 100 nm (pro mekké rentgenové zatreni) a ~ 1000 um (pro tvrdé rentgenové zatreni). Takze pro
spravnou interpretaci XRF analyz objemovych materiali je nezbytné, aby prvkové slozeni
objemu materidlu bylo stejné jako prvkové slozeni analyzované povrchové vrstvy, tj.
analyzovany vzorek latky musi byt vysoce homogenni.

Rentgenova fluorescencni spektrometrie je tradicné pouzivana jako relativni analyzaéni
technika. To znamend, ze pro pifevedeni naméfenych intenzit charakteristickych spektralnich
¢ar na koncentrace prvku ve vzorku analyzované latky jsou potieba kalibra¢ni standardy
s vhodnym koncentra¢nim rozsahem prvkového sloZeni a stejnymi povrchovymi parametry a
mikrostrukturou jako mé vzorek analyzované latky. V prvnim kroku jsou nejprve zméteny
intenzity fluorescen¢niho rentgenového zareni téchto standardl, vyrobenych z referencnich
materiall, jejichz slozeni zname s dostateCnou piesnosti, a ziskana zavislost intenzity
fluorescen¢niho zafeni daného prvku na jeho koncentraci v pouzitych standardech je tzv.
kalibra¢ni kiivka daného prvku. Pro jednoduché aplikace, napf. analyzu objemovych vzorkl
latek s malymi zménami v prvkovém slozeni postacuji vétSinou linearni aproximace kalibra¢ni
kiivky. V druhém kroku je pak mozné ze ziskané kalibracni kiivky interpolaci stanovit
koncentraci analyzovaného prvku v neznamém vzorku s podobnym slozenim, stejnymi
povrchovymi parametry a mikrostrukturou, zméteném za stejnych podminek jako pouzité
standardy. Pro velké rozsahy prvkového slozeni musime zahrnout efekty meziprvkového
ovlivnéni (vzéjemna absorpce fluorescenc¢niho rentgenového zareni a ptibuzovani), které pak
vedou ke koncentra¢né zavislé smérnici analyzacni kiivky.

Kdykoli jsou vsak (certifikované) referencni materialy nedostupné, nebo se charakter vzorkd
analyzovan¢ latky lisi od referen¢nich standardii, jako napft. v ptipadé tenkych vrstev ¢i novych
nanomateriall, je nezbytné pouzit metody kvantifikace zalozené na metod¢ fundamentalnich
parametrt, vyvinuté Crissem a Birkssem v roce 1968. Cilem této metody je matematické
stanoveni meziprvkového ovlivnéni pifi kvantitativni rentgenové fluorescencni analyze.
Kvantitativni prvkova analyza metodou fundamentalnich parametrdi umozfiuje, aby za
predpokladu, Ze jsou zndmy piistrojové faktory jako propustnost a detekéni ucinnost
rentgenového spektrometru pro dany prvek, mohla byt rentgenova fluorescenéni spektrometrie
pouzivana jako absolutni technika. Zminéné ptistrojové faktory pfitom mohou byt relativné
snadno ziskany méfenim vzorkd Cistych latek, a jakmile jsou znamy, lze matematicky spocitat
intenzitu kterékoliv spektralni ¢ary charakteristického fluorescen¢niho rentgenového zareni
latky o daném kvantitativnim prvkovém slozeni pomoci fundamentalnich parametra
(fluorescencniho vytézku, absorpénich koeficientll a spektra rentgenové lampy). Tento pfistup
muize byt rovnéz pouzit vV opacném sméru, tedy K vypoctu kvantitativniho prvkového slozeni
vzorku latky z naméfenych intenzit jeho charakteristického fluorescen¢niho rentgenového
spektra. V tomto piipad¢ spociva aplikace metody fundamentalnich parametrd v teoretickém
vypoctu intenzit fluorescencniho rentgenového zafeni pro modelovy vzorek o predpokladaném
koncentra¢nim sloZeni a srovnanim vypoctenych intenzit s intenzitami namétenymi. V dalSich
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krocich pak postupné korigujeme slozeni modelového vzorku, nez ziskame blizkou shodu mezi
vypoctenymi a naméfenymi intenzitami spektralnich Car charakteristického rentgenového
zateni analyzovaného vzorku latky. Posledni pouzité koncentrace ve vypoctu je pak mozno
povazovat za skutecné slozeni vzorku.

Pfi analyze tenkych vrstev je pouzivani metody fundamentélnich parametrii vlastné jedinym
vhodnym zpasobem jak stanovit jejich kvantitativni prvkové slozeni, nebot’ kalibracni
standardy s podobnym kvantitativnim prvkovym slozenim a tlouStkou nejsou vétSinou
dostupné. Ve srovnani s tradi¢ni kalibra¢ni procedurou je pouzivani metody fundamentalnich
parametrii navic rychlé a laciné. Metoda fundamentalnich parametru pouzivana v software
FP-Multi od firmy PANalytical pocita rentgenovou fluorescenci spektralnich ¢ar K- a L-série
na zéklad¢ excitace primarnim a sekundarnim rentgenovym zaienim, a to véetné zapocteni
vlivu multivrstev. Rentgenova fluorescence pro spektralni ¢ary M-Série, excitace fotoelektrony
a tercialni rentgenova fluorescence v ni nejsou zohlednény [5].

Podrobnéjsi informace 0 rentgenové fluorescenéni spektrometrii a analyze prvkového slozeni
latek 1ze nalézt v monografiich [1], [2], [3], [4].

1.5 Rentgenova difraktometrie (XRD)

Rentgenova difraktometrie (XRD) je univerzalni, nedestruktivni analytickd metoda, ktera
umoziuje kvalitativné i kvantitativné analyzovat pevnou latku z hlediska jeji struktury, a to na
zaklade jejiho difrakéniho projevu, ziskaného pii piisobeni monochromatického rentgenového
zafeni na vzorek dané pevné latky.

1.5.1 Rentgenovy difraktometr

Rentgenovy difraktometr je zafizeni, které je schopno vytvaret a registrovat difrakéni projev
riznych krystalickych forem latek, tzv. fazi, obsazenych v analyzovaném vzorku pevné latky.
Kazdy rentgenovy difraktometr musi obsahovat zdroj vhodného monochromatického
rentgenového zateni (rentgenovou lampu), detektor rentgenového zafeni a mechanismus,
zajistujici pohyb detektoru, nebo vzorku a detektoru, vzhledem k primarnimu svazku
rentgenového zéfeni, tzv. goniometr. Dale musi obsahovat clony priméarniho a difraktovaného
svazku, zabezpecCujici definované meéfici podminky, filtr K odfiltrovani f slozky
charakteristického rentgenového zateni a odpovidajici fidici a métici elektroniku.

Aby mohla byt doba k registraci jednoho bodu difrakéniho zdznamu co nejvice zkracena,
pouziva se budto fokusac¢ni (Seemannovo-Bohlinovo) nebo semifokusa¢ni (Braggovo-
Brentanovo) uspofadani zdroje rentgenového zateni, analyzovaného vzorku a detektoru. Diky
fokusaci se tak dosahuje vysoké intenzity difraktovaného rentgenového zafeni dopadajiciho do
detektoru a vysoké rozliSovaci schopnosti pfistroje.

e Difraktometr s Braggovym-Brentanovym uspotfadanim patii k nejbéznéjSim typim
difraktometrti pro strukturni analyzu polykrystalickych latek. Vzorek latky je umistén
V ose goniometru tak, Ze jeho povrch je tecny k fokusacéni kruznici, jejiZ polomér se
meéni v zavislosti na nato¢eni vzorku kolem osy goniometru, pficemz vzdalenost
detektoru od vzorku se neméni. Difraktované paprsky se pak fokusuji na kruznici, jejiz
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polomér je roven vzdalenosti osy goniometru od ohniska rentgenové lampy. Detektor
difraktovaného zareni se pohybuje podél této kruznice dvojnasobnou thlovou rychlosti
nez vzorek. To tedy znamend, ze dopadajici svazek i svazek difraktované¢ho zafeni
sviraji s povrchem vzorku stejny tthel rovny Braggovu tihlu 6 pro urcitou osnovu rovin.
Pti této konfiguraci se tedy na dané difrakci s Braggovym thlem 6hk podileji pouze ty
krystality, jejichz roviny {hkl} jsou rovnobé&zné s povrchem vzorku.

e 'V piipadé Seemannovy-Bohlinovy geometrie dopada monochromatizovany svazek
rentgenového zafeni zZ rentgenové trubice na vzorek pod pevné nastavenym uhlem y,
jehoz velikost se mize ménit v intervalu (0° 10°). Difraktované svazky jsou
fokusovany na fokusacni kruznici, podél niz se pohybuje detektor, piicemz se jeho
vzdalenost od vzorku méni. Maly tihel y natoceni vzorku vici dopadajicimu svazku
zafeni ma za nasledek jednak malou hloubku pronikani dopadajiciho rentgenového
zafeni pod povrch vzorku a jednak ozateni velké plochy povrchu vzorku. Oba tyto
efekty jsou piihodné pro studium struktury povrchovych vrstev nebo struktury tenkych
vrstev nanesenych na riznych substratech. Zménou uhlu y mizeme vybirat rtizné
skupiny krystalitd podilejicich se na difrakci, nebot’ pti daném Braggové uhlu Ghk
difraktuji pouze ty krystality, jejichz roviny {hkl} sviraji s povrchem thel o velikosti
bha — w. Tim je mozné sledovat rozdéleni orientaci krystalitd v tenkych vrstvach,
ptipadné zavislost mezirovinnych vzdéalenosti na orientaci krystaliti u povrchovych
vrstev podrobenych makroskopickému napéti.

e U modernich difraktometri je pak mozné pro analyzu tenkych vrstev modifikovat
klasické Braggovo-Brentanovo uspofadanim na tzv. difrakci pod malym thlem ¢i
metodu paralelniho svazku, kdy kvili mensi hloubce priniku rentgenového zareni do
vzorku a vétSimu efektivnimu signalu od tenké vrstvy nechame na vzorek dopadat
rentgenové zafeni pod malym uhlem v intervalu (0,5° 10°), podobné jako v piipadé
Seemannovy-Bohlinovy geometrie. Na rozdil od ni se vSak pfi zdznamu intenzity
difraktovaného zafeni pohybuje pouze detektor a vzorek i1 rentgenova lampa ziistavaji
v klidu. Jelikoz tak dochazi k silné defokusaci svazku difraktovaného zafeni (k udrzeni
fokusace by se musel detektor od vzorku vzdalovat a zase pfiblizovat), a tim i
vyraznému poklesu intenzity difraktovaného zafeni, je do difraktovaného svazku
umistén kolimator tvofeny sadou dlouhych rovnobéznych desek kolmych k difrakéni
roving. Tak se vlastné vytvoii paralelni svazek difraktovaného zéteni, jenz je nasledné
sniman detektorem. Pokles intenzity difraktovaného zareni je ¢astecné kompenzovan
vetsi ozatfenou plochou vzorku a delsi drahou dopadajiciho rentgenového zéateni v tenké
VIstve.

1.5.2 Kvalitativni a kvantitativni analyza struktury latek

Vysledkem méteni vzorku pevné latky na rentgenovém difraktometru je tzv. difrakéni zdznam
(difraktogram) predstavujici zdvislost intenzity difraktovaného zéfeni | na Braggové thlu 6.
Jeho vyhodnocenim ziskdme parametry, jez se piimo vztahuji k realné struktufe analyzované
polykrystalické pevné latky. Jsou to:
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e polohy difrak¢nich linii 260 — mezirovinné vzdalenosti d - miizkové konstanty (a, b, c,
o, £, ),

e intenzity difrak¢nich linii = odchylky od pravidelného uspofadani, prednostni orientace
(textura),

e Sitky difrak¢nich linii — velikost koherentné difraktujicich oblasti a mikrodeformace,

e tvar difrak¢nich linii.

Srovnanim naméteného difraktogramu (z hlediska mezirovinnych vzdalenosti difrakénich linii
d a jejich intenzit 1) se standardy znamych krystalickych latek obsazenych napt. v mezinarodni
databazi PDF-4+, vydavané organizaci International Centre for Diffraction Data (Pennsylvania,
USA) [6], mizeme provést kvalitativni fazovou analyzu zméteného vzorku pevné latky, tj.
stanovit jeho fazové slozeni. Zakladem této rentgenové databaze PDF-4+ je mnohatisicovy
soubor Kkaret, znichz kazda popisuje jednu konkrétni krystalickou latku z hlediska
mezirovinnych vzdalenosti, relativnich intenzit, Millerovych indexi, typu krystalické miizky a
jejich miizkovych konstant a podobné.

Po stanoveni fdzového slozeni analyzované latky je také mozno vyuzit vhodné difrakéni linie
identifikovanych fazi ve zméfeném difrakénim zaznamu ke kvantifikaci téchto fazi. Mnozstvi
faze v analyzovaném vzorku je umérné integralni intenzité jeji difrakéni linie (plose pod
difrakéni linii). Pro stanoveni mnozstvi dané faze v analyzovaném vzorku v§ak musi byt nejprve
provedena kalibrace rentgenového difraktometru a pouzitych méficich parametrt s pomoci
standardid obsahujicich znama mnozstvi dané faze.

Naslednou hlubsi analyzou ziskanych parametrii zméteného difrak¢éniho zaznamu muizeme
stanovit i dalsi charakteristiky analyzované polykrystalické pevné latky jako napf. parametry
krystalické mftizky, velikost koherentné difraktujicich oblasti (,,velikost zrn*), piednostni
orientaci (texturu), mikrodeformaci a ptipadné i stanovit typ a charakter defektt (napf.
dislokace, vakance, intersticialni atomy, vrstevnaté chyby).

V ptipadé aplikace XRD pro strukturni analyzu tenkovrstvych vzorki je vSak dulezité si
uveédomit, ze XRD déava integrovanou informaci z celé tloustky vrstvy a Casto také substratu,
je-li tloustka vrstvy < 5—10 um. Piesnost XRD analyzy je vSak obvykle dostacujici pro obecné
uréeni fazového slozeni, ristové textury, miizkovych parametrt ¢i makropnuti analyzovanych
tenkovrstvych vzorkll. Samotné rozsiteni difrak¢nich linii, korigované na pfistrojové rozsifeni,
pak mize byt pouzito k odhadnuti ,velikosti zrna“ a hustoty defektd, které zptisobuji
nerovnomérné rozdéleni deformaci c¢asto pozorované ve vrstvach deponovanych PVD
technikou.

v

Podrobnéjsi informace o rentgenové difraktometrii a analyze struktury pevnych latek 1ze nalézt
v monografiich [7], [8], [9], [10].

1.6 Pouzité analyzacni piistroje a software

Pro stanoveni prvkového slozeni a struktury ¢tyt typti novych tenkovrstvych materialt (viz
kapitola 2) vytvarenych riznymi metodami magnetronové depozice byly vyuzivany nasledujici
analyzacni pfistroje:
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VInoveé disperzni rentgenovy fluorescencéni spektrometr MagiX PRO od firmy
PANalytical vybaveny 4 kW rentgenovou lampou s Rh anodou, scintila¢nim
detektorem a proporcionalnim pratokovym plynovym detektorem, sadou analyza¢nich
monokrystali (LIF 200, PE 002, PX1, PX3, PX4, PX5) a kolimatorti 150 pm, 550 pm
a 400 um. Po softwarové strance byl piistroj vybaven softwarem SuperQ 4.0 pro fizeni
spektrometru, sbér dat a kalibraci, softwarem 1Q+ pro bezstandardovou analyzu
objemovych materiali a softwarem FP-Multi pro analyzu tenkych vrstev pomoci
metody fundamentalnich parametrii. Uvedend konfigurace pfistroje umoziovala
analyzovat prvkové slozeni pevnych latek poCinaje B.

Rentgenovy difraktometr X’Pert PRO MPD od firmy PANalytical vybaveny 2 kW
rentgenovou lampou s Cu anodou, rychlym polovodi¢ovym detektorem X’Celerator,
proporcionalnim detektorem, sadou divergenénich clon, grafitovym monochromatorem
difraktovaného rentgenového zafeni a kolimatorem difraktovaného zafeni pro metodu
difrakce pod malym thlem. Po softwarové strance byl pfistroj vybaven softwarem
X’Pert Data Collector pro fizeni difraktometru a sbér dat, softwarem X Pert HighScore
Plus pro analyzu difrakénich zdznami a vyhodnoceni struktury analyzovanych vzorki
a databazi difrak¢nich standardi PDF-4+.
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2. Cile dizerta¢ni prace

Predkladana dizertaéni prace je zaméfena na analyzu prvkového slozeni (pomoci metody
rentgenové fluorescence) a struktury (pomoci metody rentgenové difrakce) ¢tyt typti novych
tenkovrstvych materiali vytvairenych riznymi metodami magnetronové depozice.

Jde o nasledujici materialy:

A. Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-O, Si-B-C-N a Al>O3 s dostate¢nou tvrdosti
a vysokou teplotni stabilitou ve vzduchu za velmi vysokych teplot.

B. Otéruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostatecnou tvrdosti a nizkym
koeficientem tieni.

C. Multifunkéni vrstvy Al-Cu-O, Zr-Al-O, Al-O-N se zvySenou odolnosti proti vzniku
trhlin pfi namahani.
D. Fotokatalytické vrstvy TiOo.

Cilem dizertacni prace je prispét k objasnéni slozitych vzajemnych vztahi mezi parametry
depozi¢nich procesii, prvkovym sloZenim a strukturou vytvotfenych tenkovrstvych materiali a
jejich vlastnostmi.
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3. Vysledky

Z hlediska vysledkl je dizertacni prace rozdélena do 4 casti (A — D), které obsahuji
Zapadoceské univerzity v Plzni v letech 2008 az 2012, a to ve form¢ 12 védeckych ¢lanku
vV impaktovanych mezinarodnich ¢asopisech.

Cast A — Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-0O, Si-B-C-N a Al20s3 s dostate¢nou
tvrdosti a vysokou teplotni stabilitou ve vzduchu za velmi vysokych teplot — obsahuje
prace:

A-l: J. Musil, M. Sasek, P. Zeman, R. Cerstvy, D. Hefman, J. Han, V. Satava: Properties of
magnetron sputtered Al-Si-N thin films with a low and high Si content.
Surface and Coatings Technology, 2008, roc. 202, ¢. 15, s. 3485-3493
ISSN: 0257-8972

A-lI: J. Musil, V. Satava, R. Cerstvy, P. Zeman, T. Tolg: Formation of crystalline Al-Ti-O
thin films and their properties.
Surface and Coatings Technology, 2008, roc. 202, ¢. 24, s. 6064-6069
ISSN: 0257-8972

A-lII: J. Musil, V. Satava, P. Zeman, R. Cerstvy: Protective Zr-containing SiO, coatings
resistant to thermal cycling in air up to 1400 °C.
Surface and Coatings Technology, 2009, ro¢. 203, ¢. 10-11, s. 1502-1507
ISSN: 0257-8972

A-IV: P. Zeman, J. Capek, R. Cerstvy, J. Vléek: Thermal stability of magnetron sputtered Si-
B-C-N materials at temperatures up to 1700 °C.
Thin Solid Films, 2010, ro¢. 519, ¢. 1, s. 306-311
ISSN: 0040-6090

A-V: J. Musil, J. Blazek, P. Zeman, S. Proksova, M. Sasek, R. Cerstvy: Thermal stability of
alumina thin films containing y-Al>O3 phase prepared by reactive magnetron sputtering.
Applied Surface Science, 2010, ro¢. 257, ¢. 5, s. 1058-1062
ISSN: 0169-4332

Cast B — Otéruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostate¢nou tvrdosti a
nizkym koeficientem tieni — obsahuje prace:

B-1: J. Musil, P. Novak, R. Cerstvy, Z. Soukup: Tribological and mechanical properties of
nanocrystalline-TiC/a-C nanocomposite thin films.
Journal of Vacuum Science and Technology A, 2010, ro¢. 28, ¢. 2, s. 244-249
ISSN: 0734-2101

B-11: P. Novak, J. Musil, R. Cerstvy, A. Jager: Coefficient of friction and wear of sputtered
a-C thin coatings containing Mo.
Surface and Coatings Technology, 2010, roc. 205, €. 5, s. 1486-1490
ISSN: 0257-8972

Cast C — Multifunké&ni vrstvy Al-Cu-O, Zr-Al-O, Al-O-N se zvySenou odolnosti proti
vzniku trhlin p¥i namahani — obsahuje prace:

C-I: J. Blazek, J. Musil, P. Stupka, R. Cerstvy, J. Houska: Properties of nanocrystalline Al—
Cu-O films reactively sputtered by DC pulse dual magnetron.
APPLIED SURFACE SCIENCE, 2011, ro¢. 2011, ¢. 258, s. 1762-1767
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ISSN: 0169-4332
C-II: J. Musil, J. Sklenka, R. Cerstvy: Transparent Zr-Al-O oxide coatings with enhanced
resistance to cracking.
Surface and Coatings Technology, 2012, ro¢. 206, ¢. 8-9, s. 2105-2109
ISSN: 0257-8972
C-III: J. Musil, R. Jilek, M. Meissner, T. Tolg, R. Cerstvy: Two-phase single layer Al-O-N
nanocomposite films with enhanced resistance to cracking.
Surface and Coatings Technology, 2012, ro¢. 206, ¢. 19-20, s. 4230-4234
ISSN: 0257-8972
C-1V: J. Musil, J. Sklenka, R. Cerstvy, T. Suzuki, T. Mori, M. Takahashi: The effect of
addition of Al in ZrO thin film on its resistance to cracking.
Surface and Coatings Technology, 2012, ro¢. 2012, ¢. 207, s. 355-360
ISSN: 0257-8972

Cast D — Fotokatalytické vrstvy TiO2 — obsahuje praci:

D-I: J. Sicha, J. Musil, M. Meissner, R. Cerstvy: Nanostructure of photocatalytic TiO2 films
sputtered at temperatures below 200 °C.
Applied Surface Science, 2008, ro¢. 254, ¢. 13, s. 3793-3800
ISSN: 0169-4332

Provedl jsem vSechna méfeni prvkového slozeni vytvorenych tenkovrstvych materiald, kterymi
se zabyvaji prace A-l1, A-1l, A-lll, A-V, B-I, B-Il, C-1, C-lIl a C-IV. Pouzil jsem metodu
rentgenové fluorescence na vinové disperznim rentgenovém spektrometru MagiX PRO, a to
véetné¢ navrZzeni vhodnych kalibrac¢nich standardli a stanoveni pfislusnych kalibracnich
zéavislosti intenzity fluorescencniho rentgenového zafeni na mnozstvi analyzovaného prvku.
Provedl jsem také vSechna méfeni struktury vytvofenych tenkovrstvych materiald, kterymi se
zabyvaji prace A-I, A-1l, A-l11, A-1V, A-V, B-I, B-11, C-1, C-1I, C-llI, C-1V a D-I. Pouzil jsem
metodu rentgenové difrakce na rentgenovém difraktometru X’ Pert PRO MPD vcetné stanoveni
strukturnich parametrd analyzovanych tenkovrstvych materiald. Podilel jsem se na objasnéni
slozitych vzajemnych vztahi mezi parametry depozicnich procesti, prvkovym slozenim a
strukturou vytvofenych tenkovrstvych materialt a jejich vlastnostmi. Podilel jsem se také na
piiprave vSech uvedenych védeckych publikaci.
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3.1 Cast A

Ochranné povlaky Al-SI-N, Al-Ti-O, Si-Zr-
O, SiI-B-C-N a Al>Os s dostate¢nou tvrdosti
a vysokou teplotni stabilitou ve vzduchu za
velmi vysokych teplot
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3.1.1 A-I: Properties of magnetron sputtered Al-Si-N thin films with a low and high Si
content
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Abstract

The article reports on properties of Al-Si—N films with a low (<10 at.%) and high (=25 at.%) Si content reactively sputtered using a closed
magnetic field dual magnetron system operated in ac pulse mode. The films were sputtered from a composed target (a Si plate fixed by an Al ring
with inner diameter &;=15 or 26 mm). Main attention was devoted to the investigation of a relationship between the structure of the films and
their mechanical properties, thermal stability of hardness, and oxidation resistance. It was found that (1) while the films with a low (<10 at.%) Si
content are crystalline (c-(Al-Si—N)), those with a high (=25 at.%) Si content are amorphous (a-(Al-Si—N)) when sputtered at the substrate
temperature 7,=500 °C, (2) both groups of the films exhibit (i) a high hardness /=21 and 25 GPa, respectively, and high values of the oxidation
resistance exceeding 1000 °C; 1100 °C (Am=0 mg/cm?) and 1300 °C (Am ~0.003 mg/cm?), respectively, (3) the hardness of a-(Al-Si—N) does
not vary with increasing annealing temperature 7, up to 1100 °C even after 4 h, and (4) a high oxidation resistance of c-(Al-Si—N) film with a low
(<10 at.%) Si content is due to the formation of a dense, nearly amorphous Al,O; surface layer which is formed in reaction of free Al atoms with
ambient oxygen and prevents the fast penetration of oxygen into bulk of the film. Obtained results contribute to understand the effect of Al and Si

in the Al-Si—N thin film on its mechanical properties, thermal stability and oxidation resistance.

© 2008 Published by Elsevier B.V.

Keywords: Al-Si—N films; Structure; Mechanical properties; Thermal annealing; Oxidation resistance; Reactive magnetron sputtering

1. Introduction

Recently, it has been recognized and experimentally demon-
strated that properties of nanocomposite coatings are determined
not only by their structure, elemental and phase composition but
also by their nano-morphology, i.e. by the size of grains and the
shape of crystallites and volume fraction of the matrix [1-7].
Besides, it has been found that the nano-morphology of a film can
affect not only its enhanced properties but also can result in new
unique properties. These facts have stimulated a very intensive
investigation of hard nc-"MeN/a-Si;N, nanocomposite coatings
in the last decade; here TMe=Ti, V, Cr, Zr, Nb, Mo, Hf, Ta, W,
TMeN is the transition metal nitride, nc- and a- denotes the
nanocrystalline and amorphous phase, respectively. Main atten-

* Corresponding author. Tel.: +420 377 63 22 00; fax: +420 377 63 22 02.
E-mail address: musil@kfy.zcu.cz (J. Musil).

0257-8972/$ - see front matter © 2008 Published by Elsevier B.V.
doi:10.1016/j.surfcoat.2007.12.024
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tion in the field of hard nanocomposite coatings has been
concentrated on three problems: (1) the finding of the relationship
between the mechanical properties (hardness H, Young’s
modulus E and elastic recovery W,), the structure, the phase
composition and the nano-morphology, (2) the explanation of
the origin of enhanced hardness and (3) the preparation of
nanocomposites with maximum hardness H,,,,x approaching or
even exceeding that of the diamond. The development in this
field has been established mainly by the investigation of the
third problem. It has been found that the maximum hardness
H . 1s achieved in films with a low (<10 at.%) Si content
when "MeN grains are surrounded by a-SisN tissue phase with
thickness of approximately of ~1 to 2 monolayers [8]. The
nitride-based nanocomposites of the type nc-'MeN/a-SizN,
with a low (<10 at.%) Si content are, however, a specific group
of nanocomposites exhibiting only some enhanced properties,
for instance, the enhanced hardness.
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Fig. 1. Schematic diagram of three-step thermal treatment cycle. The cycle
without annealing at 7, is called two-step thermal treatment cycle.

However, not only high hardness but also the thermal
stability and oxidation resistance of nanocomposites at
temperatures above 1000 °C is very important for new advanced
applications. The nc-"MeN/a-SisN, nanocomposites do not
meet this requirement due to a low content of the amorphous a-
Si3Ny4 phase. Therefore, the nanocomposites have been started
to be doped with selected elements such as Al, Y, etc with aim to
increase their thermal stability. It has been found that, for
instance, the doping of TiN with Al significantly improves its
oxidation resistance from ~600 to 850 °C [9]. The thermal
stability and oxidation resistance of nc-'MeN/a-Si;N, nano-
composites with a low (<10 at.%) Si content is limited by a low
(<1000 °C) crystallization temperature of the dominating "MeN
phase. Recently, it has been found that the thermal stability and
oxidation resistance of the nc-' MeN/a-Si;N4 nanocomposites
can be easily increased above 1000 °C if these nanocomposites
contain a high (=25 at.%) amount of Si [10-19]. This
improvement in thermal stability and oxidation resistance of
nc-"MeN/a-SisN, nanocomposites with a high (>20 at.%) Si
content is due to their X-ray amorphous structure which remains
stable during thermal annealing up to ~1400 to 1500 °C.

It is expected that similar properties should be achieved also
for Al-Si—N thin films. No detailed investigation of the Al-Si—
N system has been carried out so far. To our knowledge, only
Ti—Si—Al-N [20-22], Ti—Al-V-Si—N [21], Ti—-Cr—Al-Si—N
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[23] nitride thin films with a low (<10 at.%) Si content have
been investigated so far. These systems, however, also do not
exhibit the thermal stability and oxidation resistance above
1000 °C because a low amount of Si prevents the formation of
amorphous Al-Si based materials [24]. This fact clearly
indicates that to understand the role of Al in the film, a simple
Al-Si—N system with a high (=25 at.%) Si content should be
investigated at first. Recently, Patscheider et al. [25] has also
reported on the investigation of the microstructure and
mechanical properties of Al-Si—N coatings with Si ranging in
a wide interval from 0 to 23 at.%. The aim of their study was to
prepare hard, optically transparent coatings with a hardness
exceeding that of Al,O;. No thermal stability of mechanical
properties and oxidation resistance has been reported.

This article reports on a systematic investigation of the
structure, mechanical properties, thermal stability and oxidation
resistance of AI-Si—N films with a low (~5 at.%) and high
(~40 at.%) Si content with aim to develop new hard coatings
with a hardness above 20 GPa and oxidation resistance above
1000 °C.

2. Experimental

Al-Si—N films were reactively sputtered in an Ar+N,
mixture using a closed magnetic field dual magnetron system
operated in ac pulse mode generated by a pulse power supply
DORA MSS-10 with output power 10 kW (produced in
Poland). The repetition frequency f; of pulses was 2 kHz and the
ac frequency inside pulses was 56 kHz. The constant magnetron
discharge current /; was controlled by the duty cycle of 2 kHz
pulses which ranged between 15-25% depending on the plasma
impedance. Both magnetrons were equipped with the same
targets (& 50 mm) composed of a Si plate (& 28 mm) fixed by
an Al ring with inner diameter @;=15 or 26 mm. The inner
diameter &; controlled the amount of Si in the film: ~5 at.% Si
at ;=15 mm and ~40 at.% Si at ;=26 mm. The AI-Si—N
films were prepared under the following conditions: discharge
current /y=1 A, substrate bias Us=Uj, substrate temperature
7,=500 °C, substrate-to-target distance dy =100 mm, partial
pressure of nitrogen pn, ranging from 0 to 0.5 Pa and total
pressure pr=pa,+pn2=0.7 Pa; here Uy is the floating potential.
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Fig. 2. Elemental composition of the Al-Si—N film with (a) a low (<10 at.%) and (b) high (~40 at.%) Si content as a function of py.
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Fig. 3. Evolution of the structure of the Al-Si—N films with (a) a low (<10 at.%) and (b) high (~40 at.%) Si content sputtered on the 15330 steel with increasing py;, at

T,=500 °C, Us=Uy and pr=0.7 Pa.

The Al-Si—N films were deposited onto CSN 15330 steel discs
(@ 25 mm, 5 mm thick), Si(111) wafers (30 x5x 0.4 mm®) and
sintered polycrystalline Al,O5 (corundum, 10x10x0.5 mm?).
The thickness 4 of the sputtered films ranged from ~2000 to
~5000 nm.

The film thickness and the macrostress o were measured on
films deposited on Si(111) substrates using a stylus profilometer
DEKTAK 8. The macrostress o was determined from the
difference in the Si plate curvature before and after the film
deposition using a Stoney’s formula [26]. The film structure
was characterized using an XRD spectrometer PANalytical
X’Pert PRO in Bragg—Brentano configuration with CuKo
radiation. The elemental composition was determined by X-Ray
Fluorescence (XRF) spectroscopy with a PANalytical XRF

Si(111)
substrate

Spectrometer MagiX PRO with the accuracy of 10% and by
Rutherford back-scattering spectrometry (RBS) with the
accuracy of 5%. The microstructure was characterized by a
high-resolution transmission electron microscope (HRTEM)
JEOL JEM-3010. Mechanical properties were determined from
load vs. displacement curves measured by a microhardness
tester Fischerscope H100 with a Vicker’s diamond indenter at
load L=50 mN. The oxidation resistance was measured in
flowing air (1 I/h) using a symmetrical high-resolution Setaram
thermogravimetric system TAG 2400. An annealing cycle
consists generally of three steps: (1) heating from RT to a
predetermined annealing temperature 7, sometimes called the
heating ramp, (2) annealing at a selected value of 7, and (3)
cooling from 7, down to RT, sometimes called the cooling

Fig. 4. Cross-section bright-field TEM images of (a) Al-Si and (b) AI-Si—N film sputtered at I4=1 A, T;=500 °C, pn,=0 and 0.1 Pa, respectively, on the Si(111)

substrate. The electron diffraction patterns are inserted.
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Fig. 5. Bright-field image of the interface region in the cross-section of a Al-Si-N film sputtered at [;=1 A, 7,=500 °C, px,=0.1 Pa and pr=0.7 Pa (Fig. 4b).

ramp, see Fig. 1. In some experiments, annealing at 7, is
omitted, i.e. the temperature is increased to 7, and immediately
decreased down to RT. Such thermal annealing is called two-
step thermal treatment cycle. Thermal annealing experiments
were carried out at 10 °C/min heating and 30 °C/min cooling
rate, respectively, on substrates coated only on one side.
Thermogravimetric curves corresponding to oxidation of the
bare substrates were subsequently subtracted and the resulting
curves then characterized the oxidation resistance of pure films
only, without any substrate effects. The measurements of all the
parameters of sputtered Al-Si—N films were performed with an
accuracy better than 10%.

3. Results and discussion
3.1. Elemental composition

The elemental composition of the Al-Si—N films is strongly
influenced by the partial pressure of nitrogen pn, and the inner
diameter ¢; of the Al fixing ring, see Fig. 2. The amount of Si in
the film is low (~5 at.%) when Al ring with @;=15 mm is used
(Fig. 2a). From this figure it is clearly seen that (i) in the Al-Si—
N films with a low Si content Al dominates over Si for all py»
used and (ii) the AI-Si—N films sputtered at py,> 0.1 Pa exhibit
almost the same elemental composition. Based on known values
of the formation enthalpies, AHsi3N4:—745.1 kJ/mol and
AH n=—318.6 kJ/mol [27], we assume that N has a higher
affinity to Si than to Al and thus the Siz;N4 phase is formed at
first. Because the amount of N is lower than that necessary for
the formation of stoichiometric Siz;N4 and AIN the films should
be composed of a mixture of SizN4+AIN+Al. It means that all
the sputtered Al-Si—N films with a low Si content contain free
Al atoms. Free Al atoms can be easily oxidized resulting in an
enhancement of the oxidation resistance; details are given in
Section 3.6.2. The amount of Si in the film is high (~40 at.%)
when the Al ring with &;=26 mm is used (Fig. 2b). In this case
the amount of N is higher than that of Si and Al at py,>0.1 Pa
and no free Al is expected to be in Al-Si—N films produced at
PN,>0.1 Pa.
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3.2. Structure

The developments of the structure of the Al1-Si—N films with
alow (<10 at.%) and high (~40 at.%) Si content with increasing
P2 are shown in Fig. 3.

3.2.1. AI-Si—N films with a low (<10 at.%) Si content

All the films are crystalline. The Al-Si film sputtered at
pn,=0 Pa is polycrystalline with strong Al(111) and weak Al
(311), Si(111) and Si(220) X-ray reflections. The low-intensity
Si reflections correspond to a low amount of Si in the film.
Already a small addition of N, to Ar gas leads to a considerable
increase (~30 at.%) of N in the film resulting in a strong
suppression of Si and Al reflections and in the formation of
hexagonal AIN grains, which change the preferred crystal-
lographic orientation from (101) to (002) with increasing py,.
The Al-Si-N films with no Al(111) reflection produced at
PN, = 0.3 Pa exhibit the highest hardness H~21 GPa.

3.2.2. AI-Si—N films with a high (~40 at.%) Si content

The films are characterized with a polycrystalline Al-Si
structure for py,=0 Pa and an X-ray amorphous Al-Si—-N
structure for pyn,>0 Pa on polycrystalline 15330 steel. From
Fig. 3 it is clearly seen that already a very small addition of
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Fig. 6. Macrostress o in the AI-Si—N films and their thickness / as a function of
PN,
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Fig. 7. Developments of (a) hardness / and (b) effective Young’s modulus £* of the Al-Si—N films with a high (~40 at.%) Si content, sputtered on Si(111), steel and
sintered Al,O3 substrates, with increasing partial pressure of nitrogen py;,. The ratio d@/h in Fig. 7a shows a correctness of the // measurement; d is the indentation depth

of diamond indenter and / is the film thickness.

nitrogen (pn,=0.05 Pa) is sufficient to create the X-ray
amorphous Al-Si—N film in spite of the fact that the substrate
temperature 7;=500 °C, used in sputtering, is relatively high.

3.3. Microstructure

The microstructure of Al-Si and Al-Si—N films with a high
(~40 at.%) Si content was characterized using bright-field TEM
images. The images of cross-section of the Al-Si and Al-Si—N
films are displayed in Fig. 4. From these images it is clearly seen
that while the Al-Si film exhibits a polycrystalline structure, the
Al-Si—N film is completely amorphous. This fact is confirmed
by the electron diffraction patterns which are inserted in Figs. 4a
and b and also by XRD patterns displayed in Fig. 3b.

In spite of the amorphous structure of the AI-Si—N film
sputtered at pn,=0.1 Pa, the film is nanocrystalline near the
interface, see Fig. 5. The nanocrystalline region is very thin
~12 nm. The origin of nanocrystallization at the interface is
probably due to the substrate; this phenomenon is a subject of
experiments being now carried out in our labs.
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3.4. Macrostress

The macrostress o generated in the Al-Si—N films during
sputtering strongly depends on both (i) the Si content in the film
and (ii) the partial pressure of nitrogen py,. This fact is shown in
Fig. 6 where the dependence o =f{py,) in thick (~2500 nm to
~5000 nm) Al-Si—N films with a low (<10 at.%) and high
(~40 at.%) Si content is displayed.

The Al-Si—N films with a low (<10 at.%) Si content exhibit
a tensile stress ¢ >0. On the contrary, the Al-Si—N films with a
high (~40 at.%) Si content is in compression stress (o <0). The
measurement of the elemental composition of the Al-Si—N
films produced at different values of py, indicates that the
increase in compressive stress o correlates well with the
increase of the amount N in the films. Because the formation
enthalpy AH; of SisN, (—745.1 kJ/mol [27]) is higher than that
of AIN (—318.6 kJ/mol [27]), the Si3N4 phase, which is
amorphous (a-SisN,) due to a low deposition temperature
(T,=500 °C), is formed at first. The aluminum nitride AIN starts
to form at py, when all Si is converted into a-Si;N4. We believe

Bt Al-Si-N/Si(111)
. A-Si-N/steel
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i o Rt sintered
o ..
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Fig. 8. H=f(E*) and H*/E">={{H) for the Al-Si-N films with a high (~40 at.%) Si content sputtered on Si(111), steel and sintered Al,O5 substrates.
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Fig. 9. Hardness H of as-deposited Zr—Si—N films with a high (>20 at.%) Si content sputtered at [y=1 A, pn,=0.4 Pa and different values of 7 on the Si(100)
substrate and the Al-Si—N film with a high (~40 at.%) Si content sputtered at px,=0.4 Pa and 7,=500 °C after its thermal annealing in two-step cycle in flowing air.

that the increase in compressive stress o is connected with the
formation of nitride phases in the Al-Si—N composite films,
particularly with an incorporation of AIN grains into an
amorphous a-Si;Ny matrix. In spite of the increase of the
compressive stress o with increasing py, its saturation value is
relatively low, of about — 1.8 GPa in the ~3000 nm thick Al-Si—
N film. A similar value g,,,x~—1.5 GPa has been recently
measured also for Ti—Si—N films with a high Si content [17].

3.5. Mechanical properties

Basic mechanical properties of materials are (i) hardness H,
(ii) effective Young’s modulus E*=E/(1—v?), and (iii) resis-
tance to plastic deformation directly proportional to the ratio
H?/E*2 [28]; here E is the Young’s modulus and v is the
Poisson’s ratio.

In this paper, the mechanical properties of the Al-Si—N films
with a high (~40 at.%) Si content are discussed only; for the
mechanical properties of the films with a low Si content see, for
instance, Ref. [25]. The films were sputtered on Si (111), 15330
steel and sintered Al,Os; substrates. The hardness H and
effective Young’s modulus £* as a function of py, are displayed

in Fig. 7. Both H and E* strongly increase with increasing py,
up to ~0.1 Pa. The Al-Si-N films sputtered at py,>0.1 Pa
exhibit almost the same value of H~25 GPa. This is a
maximum value of H,,,, of the Al-Si—N films sputtered under
conditions given in Section 2. It is also necessary to note that the
maximum value of H,,« practically does not depend on the
substrate. On the contrary, maximum values of the Young’s
modulus E*; of the Al-Si—N films strongly depend on the
substrate. The higher the effective Young’s modulus E¥ of the
substrate is, the higher the maximum value of £*¢ ., of the Al—
Si—N film is.

The mechanical behavior of materials is determined by a
combined action of hardness H and Young’s modulus £* [29—
31]. Therefore, it is important to know the interrelationship
between H and E* and the relation between the ratio H°/E*2
and H, see Fig. 8. Three issues can be drawn from Fig. 8a: (1) H
approximately increases with increasing £*, (2) the polycrystal-
line c-(Al-Si—N) films exhibit a lower hardness (H <15 GPa)
and (3) the amorphous a-(Al-Si—N) films with almost the same
hardness exhibit the lower value of Young’s modulus £*¢in the
case when the Young’s modulus of the substrate £* is lower;
the last fact is also seen in Fig. 7b. Fig. 8b clearly shows that a-
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Fig. 10. Variation of hardness H of a 2500 nm thick Si33Al;Ng film sputtered on the
step thermal treatment process at two values of 7,=1100 °C and 1200 °C.
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Fig. 11. Mass increase Am of ~2500 nm thick (a) polycrystalline Als;SisNy4; and (b) amorphous Siz3Al;Ng films, sputtered on the Si(111) and Al,O5 substrates, as a
function of annealing temperature 7, in two-step thermal treatment process with 10 °C/min heating and 30 °C/min cooling rate, respectively.

(Al-Si—N) films exhibit a higher resistance to plastic deforma-
tion (a higher ratio H*/E*?).

3.6. Thermal stability

The thermal stability of mechanical and physical properties
is of a key importance for every thin film and coating. The
thermal stability is defined as a temperature Ty, at which the
mechanical properties of the coating start to change. The
temperature 7, at which the coating starts to oxidize is called
the oxidation resistance of the coating. Experiments performed
so far indicate that T, = Typ,.

3.6.1. Thermal stability of hardness

The measurement of the thermal stability of hardness A of
sputtered films can be realized by two methods: (1) by increasing
of the substrate temperature 7, and (2) by thermal annealing of
as-deposited films in air. As an example of the first method, the
hardness H of amorphous Zr—Si—N films with a high (=50 vol.
%) content of the Si;N,4 phase deposited at different values of 7
is displayed in Fig. 9; for more details see Refs. [13,16]. From
this figure it is seen that A almost does not depend on 7. It
indicates that H is determined by the amorphous structure of the
film and not by the macrostress o generated in the film during its
growth. Namely, if A is determined by o, its value should
decrease with increasing value of 7 because the ratio 7y/7,,,>0.2
increases with increasing 7; and already the ratio 7/T,,,~0.25
should be sufficient to relax the macrostress o in nitride films

[32]. The amorphous a-(Al-Si—N) films with a high (~40 at.%)
Si content sputtered at 7,=500 °C also exhibit a high (>0.3) ratio
TdTim; T sing=2173 K, Toy aln=2523 K [33] and T/T;,>0.3
for both the Si;N, and AIN phases under the assumption that
exist separately in the Al-Si—N thin film. Therefore, no
dependence H=fT,) was investigated for the amorphous a-
(Al-Si—N) films with a high Si content.

The effect of the post-deposition annealing on the film
hardness H was tested on the a-(Al-Si—N) film with a high
(~40 at.%) Si content. The post-deposition annealing of the Al—
Si—N film sputtered at 7;,=500 °C in two-step thermal treatment
cycle with a maximum annealing temperature 1200 °C (the
temperature in this process was above 1000 °C for 27 min) does
not influence its hardness H because of a perfect thermal
stability of the amorphous structure of the film at 7, <1200 °C.
Practically no decrease in H was measured after the thermal
treatment process, see Fig. 9. Also, no change in the X-ray
amorphous structure was found. It means that the thermal
stability of the amorphous structure also results in the thermal
stability of the mechanical properties.

3.6.1.1. Effect of annealing time. The film properties can be
influenced not only by the value of 7, but also by the annealing
time 7, at a given temperature 7,. The dependence of H of the
Al-Si—N film, sputtered on Si(111) and Al,O5 substrate, as a
function #, at two values of 7,=1100 °C and 1200 °C (three-
step thermal treatment cycle) is displayed in Fig. 10. The
hardness H of the Al-Si—N film on both Si(111) and Al,O;

E::;;aiical properties of the AI-Si—N films with a low and high Si content used in the oxidation experiments

Film h Al Si N H E* HIE™ o ap Structure
E [at. %] [GPa] [GPa] [GPa] [GPa] [nm/min]

AlssSisNy, 2600 54 5 41 21.3 230 0.18 —-0.04 6.2 Crystalline

Siz3A1;Ngo 2500 7 33 60 25.6 240 0.29 -1.8 10.6 Amorphous
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Fig. 12. XRD patterns from c-Als4SisN,;/Si(111) in the as-deposited state and
after thermal annealing in two-step cycle up to 1300 °C in flowing airata 10 °C/
min heating and 30 °C/min cooling rate, respectively.

substrates remains almost constant during annealing at
T,=1100 °C for t,=4 h. When T, is increased to 1200 °C, the
hardness H of the film deposited on the Si(111) substrate
continuously decreases with increasing annealing time from
~27 GPa to ~17 GPa. That is probably caused by a slight
oxidation of the film which results in the formation of a surface
oxide layer growing in the thickness with the annealing time t,
and having a lower hardness than the Al-Si—N film bulk; for
more details see Ref. [14] where a similar phenomenon has been
investigated. The dependence H=f(¢,) of Al-Si—N films
sputtered on the Al,O5 substrate has not been investigated so far.

3.6.2. Oxidation resistance

Generally, the oxidation resistance of a film strongly depends
on its structure. Recently, it has been found that hard amorphous
TMe—Si—N films with a high (>20 at.%) Si content exhibit
better oxidation resistance compared to polycrystalline ones
[6,7,18,19]. Experiments described in this paper, however,
show that the Al1-Si—N films, in which "Me was replaced with
Al, also exhibit a high oxidation resistance, see Fig. 11. In this
figure the oxidation resistance of the AI-Si—N films with a low
(5 at.%) and high (33 at.%) Si content, i.e. Als4SisN,; and

0.4
0.3
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Si33A17Ng films, is compared. The mechanical properties of the
as-deposited AI-Si—N films used in the oxidation experiment
are summarized in Table 1. The crystalline c-(Al-Si—N) film
exhibits a high oxidation resistance up to ~1000 °C (an increase
in mass Am<0.005 mg/cm” in two-step thermal treatment
process when the film is deposited on the Si(111) substrate) and
the amorphous a-(Al-Si—N) film exhibits even higher oxidation
resistance, up to ~1150 °C (Am=0 in two-step thermal
treatment process when the film is deposited on the Al,O;
substrate).

This experiment clearly shows that the crystalline AI-Si—N
films containing a large amount of Al also exhibit a good
oxidation resistance. That is due to the existence of free Al
atoms in the film, their easy oxidation and the formation of a
dense Al,O5 surface layer preventing the fast penetration of
oxygen into the bulk of the film.

3.6.2.1. Structure of thermally annealed AI-Si—N films. The
structure of the AI-Si—N films with both a low (5 at.%) and
high (33 at.%) Si content practically does not change during
thermal annealing in two-step treatment process up to 1300 °C.
The amorphous structure of the as-deposited Siz3Al;Ng film
remains amorphous and the as-deposited Als4SisNy; film with
hexagonal AIN(002) preferred crystallographic orientation
remains crystalline with the same preferred orientation, see
Fig. 12. After the annealing the Als4SisNy; film also exhibits
low-intensity Al,03(012), (104), (110) and (116) reflections.

3.6.2.2. Comparison of oxidation resistance of Al-Si—N film
with "Me-Si-N films. Recently, an excellent oxidation
resistance of amorphous "Me—Si—N films considerably exceed-
ing 1000 °C has been reported [5—7,10—19]. Experiments
described in this paper show that the replacement of "Me with Al
in "Me—Si—N films with a high (>20 at.%) Si content also
results in an excellent oxidation resistance of A1-Si—N films, see
Fig. 13. A low (~800 °C) oxidation of the Si,, W{7Ns¢ film is due
to the formation of volatile oxides [13]. In Fig. 13 the oxidation
resistance of a polycrystalline TiAIN film [9] is also given for a
comparison.
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Fig. 13. Comparison of the oxidation resistance of a ~2600 nm thick amorphous Siz3Al;Ng film with selected (i) "Me—Si—N films with a high (>20 at.%) Si content
and (ii) TIAIN film [9], represented by an increase in the film mass Am as a function of 7.
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4. Conclusions

Main results of the investigation of the sputtered Al-Si—N
films are the following:

1. The AI-Si—N films with a low (<10 at.%) Si content are
polycrystalline. On the contrary, the AI-Si—N films with a
high (=20 at.%) Si content are amorphous in spite of the fact
that they are sputtered at relatively high values of the
substrate temperature 7,=500 °C.

2. The amorphous a-(Al-Si—N) films are (i) harder and (ii) more
resistant to plastic deformation compared to the polycrystal-
line c-(Al-Si—N) films.

3. The thermal stability of hardness H of the a-(Al-Si—N) film
is high and does not vary with increasing annealing
temperature 7, up to 1100 °C even after 4 h.

4. The oxidation resistance of both the crystalline c-(Al-Si—N)
film with a low (<10 at.%) Si content and the amorphous a-
(AI-Si—N) film with a high (=20 at.%) Si content is also
high. The c-(Al-Si—N) film exhibits a high oxidation
resistance up to ~1000 °C and the a-(Al-Si—N) film up to
~1150 °C.

5. A high oxidation resistance of the c-(Al-Si—N) film with a
low (<10 at.%) Si content is due to the existence of free Al
atoms in the film, their easy oxidation and the formation of a
dense Al,O5 surface layer which prevents a fast penetration
of the oxygen into bulk of the film.

Obtained results indicate that the substitution of "Me with Al
in TMe—Si—N films results in the formation of hard Al-Si—N
films with good and thermally stable mechanical properties and
excellent oxidation resistance exceeding 1000 °C.
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The article reports on the effect of addition of Ti into Al,05 films with Ti on their structure, mechanical
properties and oxidation resistance. The main aim of the investigation was to prepare crystalline Al-Ti-O films
at substrate temperatures T;<500 °C. The films with three different compositions (41, 43 and 67 mol% Al,05)
were reactively sputtered from a composed Al/Ti target and their properties were characterized using X-ray
diffraction (XRD), X-ray fluorescent spectroscopy (XRF), microhardness testing, and thermogravimetric
analysis (TGA). It was found that (1) the addition of Ti stimulates crystallization of Al-Ti-O films at lower
substrate temperatures, (2) Al-Ti-O films with a nanocrystalline cubic y-Al,053 structure, hardness of 25 GPa
and zero oxidation in a flowing air up to ~1050 °C can be prepared already at low substrate temperature of
200 °C, and (3) the crystallinity of Al-Ti-O films produced at a given temperature improves with the increasing
amount of Ti. The last finding is in a good agreement with the binary phase diagram of the TiO,-Al,05 system.

© 2008 Elsevier B.V. All rights reserved.

1. Introduction

At present, there is an urgent need to prepare crystalline a-Al,05
thin films at substrate temperatures T of about 500 °C or less for high-
speed cutting tools. That is a very difficult task because «-Al,0s3 is a
high-temperature phase creating at T,=1000 °C. The alumina is a
polymorphous material with v-, k-, 8-, X-, 6-metastable phases and
only one thermodynamically stable rhombohedral a-Al,05 phase. For
the creation of «-Al,0s thin films the highest substrate temperature Ty
of about 1000 °C is necessary to be used. This fact strongly limits the
deposition of «-Al,03 thin films only onto substrates with a high
thermal stability, e.g. cemented carbides. Therefore, a great effort has
been devoted to the search of a process or method which allows the
crystallization temperature T of the a-Al,03 phase to be decreased
[1-12].

An usual method used to form crystalline alumina thin films at
Ts<500 °C is the ion plating process used in magnetron sputtering. It
has been found that T, of the film decreases and its crystallinity
increases when high fluxes of ions v; are incident at the surface of the
growing film. Therefore, reactive ionized magnetron sputtering [13] or
reactive high-power pulsed magnetron sputtering [1-3,5,9-12] has
been used in many experiments. Also, a low-temperature formation of
a-Al;03 thin films on a crystalline Cr,03 template has been reported
[4-6]. This method requires, however, a low-temperature formation of
a crystalline Cr,05 based layer to be mastered. However, in many cases
a low-temperature metastable y-Al,03 phase is formed only [14-20].

* Corresponding author. Tel.: +420 377 63 2200; fax: +420 377 63 2202.
E-mail address: musil@kfy.zcu.cz (J. Musil).

0257-8972/$ - see front matter © 2008 Elsevier B.V. All rights reserved.
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Besides these methods, the addition of selected elements into
Al,05 film with selected elements seems to be also beneficial for the
decrease of T of the a-Al,03 phase. For instance, it has been already
found that the addition of Zr into HfO, oxide with Zr decreases T of
HfO, due to strong crystallization tendency of ZrO, [21]. The decrease
in T, can be expected also when Ti is added into Al,O5 oxide, see a
phase diagram of the TiO,-Al,05 system displayed in Fig. 1. From this
figure it is clearly seen that the temperature separating amorphous
and crystalline materials, which is denoted as T, decreases with the
increasing amount of the TiO, phase in the mixture Al,03+TiO,.

The main aim of our study was to stimulate crystallization of
Al,03-based thin films by the addition of Ti as predicted by the phase
diagram for the bulk TiO,-Al,03 system. To fulfil this goal a detailed
investigation of the structure, mechanical properties, and oxidation
resistance of reactively sputtered Al-Ti-O thin films with low and high
content of Ti was carried out.

2. Experimental

Al-Ti-0 thin films were sputtered in an Ar+0, mixture using an
unbalanced magnetron equipped with a composed target of 116 mm
in diameter and consisting of an Al (99.5%) plate of 100 mm in
diameter fixed with a Ti (99.99%) ring of inner diameter @;, 1;, see
Fig. 2.

The amount of Ti incorporated into the sputtered film was controlled
by the diameter @, 1; of the hole in the Ti target. The magnetron was
supplied by a dc pulse asymmetric bipolar IAP 1010 power supply
operated at the repetition frequency f.=50 kHz, The average magnetron
current Iy, was controlled by the pulse length 7. The following para-
meters — 7=7.5 s, T/T=0.375, t;=2.5 us with Us=+100 V, t;=t3=5 ps -
were used in our experiments, see Fig. 3a; T is the period of pulses. Real
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Fig. 1. Binary phase diagram of the TiO,-Al,05 system [22].

shapes of the discharge voltage Uy and current I4 in the pulsed operation
as functions of time t are displayed in Fig. 3b and c. The difference in Uy
adjusted on the pulsed power supply (Fig. 3a) and the real time
development of Uq(t) in presence of discharge is due to a change of the
plasma impedance with time t.

The films were sputtered under the following conditions: I4;=1-1.5 A,
substrate-to-target distance ds_.=60 mm, substrate bias U= Uy, substrate
temperature Ts ranging from 200 °C to 800 °C and the total pressure
Pr=DPartPo2=1 Pa; here Uy is the floating potential. The films were
deposited onto polished and ultrasonically precleaned Si(100)
(35%x5x04 mm> and 15%15x04 mm>) and sintered polycrystalline
corundum Al,O; substrates (10x10x0.5 mm?3). Long stripes
(35x5x0.4 mm?>) of Si(100) were used to measure the macrostress
generated in the film during its growth from bending of the Si(100) stripe
using the Stoney's formula [23].

The film thickness h and the substrate bending due to macrostress
were measured by a stylus profilometer Dektak 8 with a resolution
of 1 nm. The structure was determined by X-ray diffraction
(XRD) analysis using a PANalytical X'Pert PRO diffractometer work-
ing in the Bragg-Brentano configuration using Cu Ko radiation
(A=0.1540562 nm). Some XRD measurements were performed also
in the glancing angle configuration at an incidence angle of 1°. The
elemental composition was determined by X-ray fluorescent spectro-
scopy (XRF) using a PANalytical XRF spectrometer MagiX PRO. The
mechanical properties, i.e. the microhardness H, effective Young's
modulus E*=E/(1-1%), and elastic recovery W,=A./A,, were evaluated
from load vs. displacement curves measured by a computer controlled
microhardness tester Fischerscope H 100 with a Vicker's diamond
indenter at load L=10 mN; here E and v are the Young's modulus and
the Poisson's ratio, respectively, A. is the work necessary for the elastic
deformation of the film and A, is the total work done by the load

T' f . . /@inTi
i fixing ring \ - g
| 2 [ |
N | :
Al target / 116

Fig. 2. Schema of the composed target used in sputtering of thin Al-Ti-O films.
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Fig. 3. Time evolution of voltage Uy without (a) and with (b) magnetron discharge and
current Iy with magnetron discharge (c).

applied to the film. The oxidation resistance was measured in a
synthetic air with a flow rate of 1 I/h using a symmetrical high-
resolution Setaram thermogravimetric system TAG 2400. The oxida-
tion tests were carried out at 10 °C/min heating and 30 °C/min cooling
rate, respectively, on substrates coated only on one side. Thermo-
gravimetric curves corresponding to oxidation of the bare substrates
were subsequently subtracted and the resulting curves then

0.20 —
0.15 4
© i
o,
=, 0.10 1
(@]
S -
0.05 <— transition mode
7 metallic| mode
0.00 —— 77—
0 1 2 3 4 5

by [sCCM]

Fig. 4. Dependence of the oxygen partial pressure po, on the oxygen flow rate ¢o;
showing operation point A used in sputtering of the Al-Ti-O films and the hysteresis
effect in the reactive sputtering process. Sputtering conditions: Ig;=1.5 A, P4;=600 W,
Us=Ug, po2=0.1 Pa, pr=1 Pa and d,-=60 mm.
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Fig. 5. Elemental composition of the thin Al-Ti-O films, sputtered at I4,=1.5 A, Us=Ug,
Po2=0.1 Pa, pr=1 Pa from the composed target with @;, r;=35 mm, as a function of the
substrate temperature Ts.

characterized the oxidation resistance of pure films only, without any
substrate effects.

3. Results and discussion

Al-Ti-O films were reactively sputtered on the Si(100) substrates
held on floating potential in the oxide mode of sputtering, see Fig. 4.
The deposition rate ap of the Al-Ti-O films sputtered in the oxide
mode was quite low; ap~4 nm/min.

3.1. Elemental composition

The elemental composition of Al-Ti-O films depends on four basic
parameters: (i) the geometry of a composed target and sputtering
yields of individual elements (ya=1, yr;i=0.57 [24]), (ii) the ion
bombardment of the growing film, (iii) the total pressure pr of the
sputtering gas, and (iv) the substrate temperature T;. In our case,
when no substrate bias is applied, i.e. Us;=Ug, and a relatively high
total pressure pr=1 Pa is used, the elemental composition of a film is
not influenced by the ion and neutral particle bombardment. There-
fore, it should be influenced by the substrate temperature Ts only.
However, Fig. 5 shows that also T; has a small effect on the elemental
composition. Consequently, the ratio Al/(Al+Ti), which is important for
the characterization of properties of the Al-Ti-O films, is controlled
only by the inner diameter @y, 1; of the Ti ring, see Table 1. A strong
decrease in the Ti content occurs when @, ;250 mm.

The results displayed in Fig. 5 show that the Al-Ti-O films sputtered
at @i, ti=35 mm have an average elemental composition: 20 at.% Al, 12
at.% Ti and 68 at% O. This elemental composition corresponds
to ~41 mol% Al,0s. Due to problems with an exact determination of
oxygen the mol% of Al,O3 in the TiO,-Al,03 system was determined
based on the measured ratio Al/(Al+Ti) only. According to the phase
diagram of the TiO,-Al 03 system (Fig. 6), we can expect that an
Al,TiOs intermetallic oxide should be formed, preferentially at high
temperatures T>1200 °C.

3.2. Structure

The evolution of the structure of Al-Ti-O films, characterized with
XRD patterns, as a function of the substrate temperature Ts and the

Table 1
The ratio Al/(Al+Ti) and content of Al,05 in the Al-Ti-O films sputtered from the
composed Al/Ti target with a different diameter @, T

Oin 1i [mm] 35 50 60
AlJ(AL+Ti) 0.58 061 0.80
ALO; [wt.%] 47 49 71
AlL05 [mol%] 41 43 67
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Fig. 6. Phase diagram of the TiO,-Al,03 system showing a variation of the phase
composition with the increasing amount of Al,03 and increasing temperature T [25].

amount of Ti in the films is displayed in Fig. 7. As can be seen, both of
these parameters strongly influence the film structure. The crystal-
linity of the Al-Ti-O film improves with the increasing amount of Ti
incorporated in the film. The Al-Ti-O films produced at lower values of
Ts are X-ray amorphous/nanocrystalline having a structure corre-
sponding to metastable cubic 'y-Al,03 (PDF-2, 4-880). The existence of
this structure was confirmed by glancing angle XRD measurements at
an incidence angle of 1°, see Fig. 8. Also, it is worthwhile to note that a
strong discontinuity at the vicinity of the Si reflection (around 68°)
seen in XRD patterns displayed in Fig. 7 is a general feature for single
crystals depending on the equipment settings.

On the contrary, the well-crystalline AI-Ti-O films with an
orthorhombic Al;TiOs structure are deposited at higher values of Ts.
The Al,TiOs aluminum titanate is formed, however, at temperatures T
considerably lower than 1200 °C as predicted by the phase diagram.
The temperature corresponding to the structural transformation
increases with the decreasing amount of Ti in the film. The Al-Ti-O
films with the amorphous/nanocrystalline y-Al,03 structure exhibit
almost two times higher microhardness, H=25-27 GPa, compared to
those with the Al,TiOs5 one, see Fig. 7.

The crystalline structure of the Al-Ti-O films with the ratio Al /(Al+Ti)=
0.80 is demonstrated by XRD patterns measured from the films on the
substrate tilted at angle 2° compared to standard X-ray methodology,
see Fig. 9. The substrate tilting resulted in an elimination of a strong
reflection from the single-crystalline Si(100) substrate. However, this
experiment clearly shows that only the films sputtered at T,>600 °C are
crystalline with a +y-Al,03(441) orientation. The films sputtered at
T;<600 °C are X-ray amorphous. The temperature T, necessary to form
the amorphous Al-Ti-O films decreases from 400 °C to 200 °C with the
increasing Ti content, see Fig. 7. This decrease in T; is in a good qualitative
agreement with the phase diagram of the TiO,-Al,03 system given in Fig. 1.
However, it is worthwhile to note that values of T; corresponding to the
transition from amorphous to crystalline Al-Ti-O films found in our
experiment are lower than those predicted by the phase diagram. We
believe that is due to a non-equilibrium film growth in reactive magnetron
sputtering.

3.3. Mechanical properties
The microhardness H of Al-Ti-O films strongly depends on their

structure. Therefore, H strongly varies with increasing T, and content
of Ti in the films. The hardness of the films with the Al,TiOs structure
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Fig. 7. Evolution of the structure and microhardness H of the Al-Ti-O thin films with the increasing substrate temperature T, and Al,05 content. Deposition conditions: I4,=1.5 A,

Us=Up, po2=0.1-0.15 Pa and pr=1 Pa.

is considerably lower than those with the amorphous/nanocrystalline
v-Al, 05 structure and achieves of about 10 GPa only, see Fig. 7. In some
cases the hardness of sputtered films can be affected by the
macrostress o generated in the film during its growth. Therefore, a
correlation between H and o was also investigated, see Fig. 10. The
interrelationship between H and o shows that H is not determined
by 0; H does not vary with increasing T; up to ~700 °C while o
continuously decreases in the same interval. The decrease in o
with increasing T; is due to the thermal relaxation of o which
dominates with the increasing ratio T;/T,, (0.41 and 0.46 for Al;03 and
TiO,, respectively, at Ts=973 K; Ty, apo3=2323 K, Ty, 1io2=2113 K).
From Fig. 10 it is seen that a ~1000 nm thick nanocrystalline Al-Ti-O
thin film with the y-Al,03 structure produced at Ts=700 °C exhibits a
high hardness H=25 GPa and a quite low macrostress o=-2 GPa.

The decrease in o correlates well with the increase in ap
with the increasing Ts, see Fig. 10b. Because the energy delivered
to a growing film by bombarding ions decreases with increasing ap
(E=(Up-Us)is/ap) [26] a reduced ion bombardment also contributes to
decrease of 0.
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Fig. 8. GA-XRD pattern of an AI-Ti-O film with the ratio Al/(Al+Ti)=0.80 sputtered at
@in 1i=60 mm and at T,=400 °C.
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3.4. Oxidation resistance

A 745 nm thick Alsz; Ti;Og; film sputtered at @, 1;=60 mm, I4;=1.5 A,
Uq=400 V, P4,=600 W, Us=Ug, T;=700 °C, ds_=60 mm, po>=0.15 Pa,
pr=1Pa and ap=3.5 nm/min was selected for the investigation of the
oxidation resistance. According to X-ray diffraction measurements the
as-deposited Al-Ti-O film is nanocrystalline with the <y-Al,03

T[°C] H[GPal]

.| 800 256

g J\«—\__ 750 255
-*E K| 700 257
E J\.\_ 600  24.0

| 400 211

—~___| 200 18.3
Ty 8 T— % 7-ALO;
M m < wn <

20 [deg.]

Fig. 9. XRD patterns from the AI-Ti-O thin films with the ratio Al/(Al+Ti)=0.80
measured on the Si(100) substrate tilted at 2° as a function of the substrate temperature
T,. Compare with the XRD patterns in Fig. 6¢c measured on the same films by the
standard X-ray methodology.
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Deposition conditions are the same as those given in the caption to Fig. 5.

structure. The structure of the film changes during thermal annealing
in a flowing air and consists of a mixture of rutile TiO, and a-Al,05
grains after increasing of the annealing temperature T, up to 1300 °C,
see Fig. 11. The thermal annealing of the film results in almost
no change of the elemental composition but in a strong drop of
microhardness H, see Table 2.

The Al3;Ti;Og; film sputtered on the Si(100) substrate exhibits
almost no increase in the mass Am=0 mg/cm? up to T,=1050 °C,
see Fig. 12. A negligible mass gain Am=0.002 mg/cm? observed at
T,=1100 °C rises with the increasing temperature up to T,=1300 °C,
which is the temperature limit of the Si substrate. In order to in-
vestigate the oxidation resistance above 1300 °C, the film was
deposited onto a more heat-resistant substrate, the sintered corun-
dum Al,Oj3 substrate. As can be seen from Fig. 12, in this case no mass
change is observed up to T,=1700 °C, which is the temperature limit of
our TG system operating in a flowing air. This result indicates that
the Al-Ti-O film was already fully saturated with oxygen after the
deposition.

Q —
Olles8
|22
> FAZ
— £ annealed to
=" £ M| “"1300°C
5, . it = —
> : v B
= e :
@ 1 D .
S : i y as-deposited
2 >y o
£ : = T
g & i@ gl g
B ciils i8] |2 =R
H| I ] standard
€ B = g r-TiO,
- == I ER=)
— | = = standard
1T
20 30 40 50 60 70 80

20 [deg.]

Fig. 11. XRD pattern of an as-deposited 745 nm thick Al3;Ti;Og, film on the Si(100)
substrate and that of the same film after thermal annealing in a flowing air to T,=1300 °C.
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It is important to emphasize that the oxidation of the backside of
substrates was always subtracted. Therefore, the increase of Am of the
Al3Ti;Og; film deposited on the Si(100) substrate at T,>1050 °C, which
is similar to that of an uncoated Si(100) substrate (compare in Fig. 13),
indicates that the external atmosphere freely penetrates through the
film to the Si(100) surface and oxidizes it. This fact is also supported by
the zero mass gain of the Als;Ti;Og; film deposited on the corundum
substrate with a high oxidation resistance up to T,=1700 °C. The
penetration of oxygen through the Al-Ti-O film can be connected with
the structural transformation from the cubic y-Al,03 phase to a mixture
of rutile TiO,+a-Al,O3 phases. We believe that this phase transforma-
tion contributes to a formation of voids along grain boundaries allowing
the external atmosphere (oxygen) to penetrate along them to the surface
of a substrate. The same oxidation behavior was also found for an
Aly9Ti14067 film deposited at Ts=200 °C and @;, ;=35 mm, see Fig. 13.

This experiment indicates that the protection ability of the
nanocrystalline Al-Ti-O film with the y-Al,03 structure is limited
by the transformation of the y-Al,03 phase into a mixture of rutile
TiO, +a-Al, 05 phases. Further study is, however, necessary to fully
understand the effect of the structure of the as-deposited Al-Ti-O
film on its protection ability.

4. Conclusions
Main results of the study can be summarized as follows.

1. Alloying of an Al,O5 film with Ti strongly influences its crystal-
lization temperature T, which decreases with increasing Ti content
in the Al-Ti-O film. This decrease in T is in a good qualitative
agreement with the phase diagram of the TiO,-Al,03 system.

2. The Al-Ti-O films have either an amorphous/nanocrystalline cubic
v-Al,03 structure when produced at lower values of T; or a
crystalline Al,TiOs structure when produced at higher values of Ts.
The amorphous/nanocrystalline Al-Ti-O films exhibit more than

Table 2
Elemental composition and microhardness of as-deposited (T;=700 °C) and thermally
annealed (T,=1300 °C) 745 nm thick Al-Ti-O films in a flowing air

Film Ti [at.%] Al [at.%] 0 [at.%] H [GPa]
As-deposited 7 31 62 25.5
Annealed 7 30 63 115
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Fig. 12. Mass gain Am of a 745 nm thick Alz; Ti;Og; film on the Si(100) and Al,05 substrates
after thermal annealing in a flowing air as a function of the annealing temperature T,.
Heating time t,=170 min up to T,=1700 °C, cooling time t.=56 min to RT, annealing
time t,=70 min at T,21000 °C. For comparison Am of a TiC film on the Si(100) substrate
after thermal annealing is also given [27].

two times higher microhardness (H=25-27 GPa) compared to
those with the Al,TiOs structure (H=10-14 GPa).

3. The nanocrystalline Al-Ti-O film with the y-Al,05 structure and
high hardness H=25 GPa can be sputtered already at T,=200 °C if
Al/(Al+Ti)>0.58. The temperature T is necessary for the produc-
tion of the Al-Ti-O film with H=25 GPa, however, increases when
the amount of Ti in the film decreases.

4, The cubic y-Al,03 phase transforms into a mixture of rutile TiO,
+a-Al,03 phases during thermal annealing above 1000 °C. This
transformation determines the thermal stability of as-deposited
crystalline AI-Ti-O films with the y-Al,053 structure and results in a
formation of voids along grain boundaries and a connection
between the substrate surface and external atmosphere.

5. The oxidation resistance of the as-deposited crystalline Al-Ti-O
film with a cubic y-Al,03 phase investigated on corrundum
(sintered Al,Os3) substrate in flowing air is considerably higher
than 1700 °C.

In summary, we can conclude that the alloying of Al,0O5 films with
Ti is a simple way to produce the crystalline-Al,05; based coatings
thermally stable above 1000 °C. The excellent oxidation resistance of
hard Al-Ti-O films opens new application areas.
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1. Introduction 3. Two new groups of amorphous coatings—(i) a-SisNs/MeN silicon

nitride-based composites and (ii) Si-B-C-N composites-thermally
stable up to ~1500 and ~1700 °C, respectively, have been developed.
These amorphous coatings due to absence of grains (no diffusion of
oxygen from an external atmosphere to a substrate) ensure an excellent
protection of a substrate against oxidation up to a temperature of
~1500 °C, at which the coating material starts to crystallize. The
hardness H of these amorphous coatings exceeds 20 GPa, which is
sufficiently high for many applications being realized.

In recent years a great attention has been devoted to the
investigation of thermal stability of hard protective and functional
nanocomposite coatings with the aim to develop new advanced
coatings thermally stable at temperatures above 1000 °C [1-12]. Three
fundamental issues can be drawn from these investigations:

1. Properties of the coating vary in concert with the variation of its
elemental and phase composition. For instance, in the TM-Si-N
coating the amount of N strongly influences not only its phase
composition but also the stoichiometry x of TMN transition metal

However, every amorphous structure converts first to the
nanocrystalline and later to crystalline when the operation tempera-

nitride; here x=N/TM. The amorphous TM-Si-N nanocomposite
coating with overstoichiometric TMNy- ; phase is thermally stable
to higher temperatures compared to that with substoichiometric
TMN -1 phase. More details are given in references [9,12].

2. High-temperature protection function (HTPF) of best polycrystal-
line coatings does not exceed 1000 °C due to accelerated diffusion
of oxygen along grain boundaries. A small improvement in HTPF
can be achieved if grains are separated by a thin amorphous tissue
phase which prevents a penetration of external atmosphere along
grains.

* Corresponding author. Tel.: +420 377 63 2200; fax: +420 377 63 2202.
E-mail address: musil@kfy.zcu.cz (J. Musil).

0257-8972/$ - see front matter © 2008 Elsevier B.V. All rights reserved.
doi:10.1016/j.surfcoat.2008.11.026
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ture T achieves or exceeds the crystallization temperature T, of the
coating material. The crystallization process results in the formation of
coatings with new properties. Very important is also the fact that the
structure of a coating changes at temperatures T>T. The conversion
of one type of structure to another one is most dangerous for the
thermal stability of a coating because the change in the structure is
accompanied with the change of the volume of grains resulting in
cracking of a coating. That is a reason why it is of a vital importance to
develop new material systems which ensure no transformation of the
coating structure in a wide temperature range, especially at
T>1000 °C.

Recent trends in the development of coatings which protect
substrates against oxidation at temperatures above 1000 °C are
summarized in Fig. 1. Crystalline coatings (Fig. 1a) enable the
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Fig. 1. Improvement of the oxidation protection (OP) of a substrate by changing of nanostructure of coating [9-13]. To our knowledge, Si-B-C-N coatings exhibit an amorphous

structure up to 1700 °C [12].

connection of an external atmosphere with a substrate along grain
boundaries and thus their protection ability is low. On the contrary,
amorphous coatings (Fig. 1b) exhibit the best protection of a substrate
against oxidation. The protection ability of an amorphous coating is,
however, limited by its complete crystallization. Therefore, nanocom-
posite coatings composed of a small amount of nanograins embedded
in an amorphous matrix offer still a great potential in the protection of
substrates against oxidation. The nanograins are not in a mutual
contact, there is no direct connection between an external atmo-
sphere and a substrate (Fig. 1c), and still a good protection of a
substrate against oxidation is ensured above the crystallization
temperature of amorphous coatings. Moreover, the hardness of
these nanocomposite coatings is expected to be increased due to an
incorporation of nanograins.

The aim of this article is to demonstrate that (1) a coating with
nanocrystalline structure can also protect a substrate against oxida-
tion if there is no contact of an external atmosphere with a substrate
as shown in Fig. 1c and (2) it is possible to create a protective coating
thermally stable at annealing temperatures T, above 1000 °C (no
change in its properties) as far as the crystalline structure of a coating
will not be changed to another one. The Si-Zr-0 system was selected
for this experiment due to (i) chemical stability of SiO, at high
temperatures and low price of Si and (ii) easy crystallization of
amorphous ZrO, at around 500 °C. There are several papers which
have dealt with on the Si-Zr-0 films [14-21]. However, no paper has
reported on the thermal stability of mechanical properties of the Si-
Zr-0 coatings and an efficient protection of a substrate against
oxidation using this coating so far.

2. Experimental

The Si-Zr-O0 thin films were reactively sputtered in an Ar+0, mixture
using a closed dual magnetron equipped with a composed Si-Zr target
(@=50 mm) consisting of a Si plate (@=28 mm, 4 mm thick) fixed with a Zr
(99.9%) ring of inner diameter @;, =20 mm. The magnetron was operated
in AC pulse mode generated by a pulse power supply DORA MSS-10 with
maximum output power 10 kW. The repetition frequency f; of the pulses
was 2 kHz and the AC frequency inside pulses was 56 kHz. The magnetron
discharge current Iy was controlled by the duty cycle of 2 kHz pulses. More
details are given in reference [22]. The Si-Zr-0 films were sputtered under
the following conditions: averaged discharge current I4,=1 A, averaged
discharge power P=1 kW, substrate bias voltage Us=Up, substrate
temperature T;=500 °C, substrate-to-target distance ds-;=80 mm, partial
pressure of oxygen po,=0.1 Pa and total pressure pr=pa;*+po>=1 Pa; here
Uy is the floating potential. The films sputtered under these deposition
conditions have the following elemental composition: 31 at.% Si, 5 at.% Zr

43

and 64 at.% 0. The 7 pm thick Siz;ZrsOg4 films were deposited on Si(100)
(30x5x0.4 mm° and 10x10x0.4 mm°) and sapphire (10x10x0.5 mm®)
substrates with the deposition rate ap=100 nm/min.

The film thickness h was measured using a stylus profilometer
DEKTAK 8. The film structure was characterized using an XRD
spectrometer PANalytical X Pert PRO in Bragg-Brentano configuration
with CuKa radiation. The elemental composition was determined by
X-ray Fluorescence (XRF) spectroscopy with a PANalytical XRF
Spectrometer MagiX PRO. Mechanical properties were determined
from load vs. displacement curves measured by a microhardness
tester Fischerscope H100 with a Vicker’s diamond indenter at a load
L=20 mN. The oxidation resistance was measured in flowing air (1 1/h)
using a symmetrical high-resolution Setaram thermogravimetric
system TAG 2400. The thermal annealing cycle consisted of two or
three steps, i.e. the heating from RT to a predetermined annealing
temperature T, max and immediate cooling down RT or the heating
from RT to a predetermined annealing temperature T, p1x, annealing
at of T, max for selected annealing time t, and cooling down from T,
max down to RT. The thermal cycles used in the oxidation tests of the
Si-Zr-0 coatings/sapphire substrate couples are defined in Fig. 2 and
are denoted as “heating 1", “heating II” and “heating III". The heating
and cooling rates were 10 and 30 °C/min, respectively. The repetition
of thermal annealing is called the thermal cycling. The measurements
of all parameters of as-sputtered and annealed Si-Zr-O films were
performed with accuracy better than 10%.

3. Results and discussion
3.1. Crystallization induced by thermal annealing

The as-sputtered Si3;ZrsOg4 films were thermally annealed (with
the temperature cycle “heating I”) to annealing temperatures T, max

heating | heating Il heating Ill
t, [min] : :
atT >1000°C & 83 113
------------------------- =+ 1400°C
ol s E e e S L G 1000°C
@
—

—
0 100 200 300 400 500 600 -—=>t, [min]

Fig. 2. Evolution of annealing temperature T, with annealing time t, used in thermal
cycling of Siz;Zrs0g4 film/substrate couples.
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Fig. 3. Evolution of structure and roughness R, of Si3;Zrs0g4 film with increasing maximum annealing temperature T, max.

ranging from 900 up to 1700 °C. The Si3;Zr50g4 films sputtered on the
Si(100) substrate were annealed to T,=1300 °C only to avoid melting
of silicon (T, s;=1420 °C). The Si3Zrs0g4 films sputtered on the
sapphire substrate were annealed with maximum temperatures
between 1300 °C and 1700 °C. Fig. 3 displays the evolution of the
film structure, characterized with X-ray diffraction patterns measured
at room temperature (RT) after thermal annealing to a given T, max.
Note that a new as-deposited Si3Zrs0g4 film of the same (i) elemental
composition and (ii) thickness h was used for each annealing
experiment. Main results of these experiments can be summarized
as follows.

1. Nanocrystallization from amorphous phase starts above 900 °C,
when the t-ZrO, phase crystallizes.

2. Small t-ZrO, grains are detected at T, nax= 1000 °C. Intensities of X-
ray reflections from these grains are superposed on an X-ray
amorphous background and increase with increasing annealing
temperature T, max. Low roughness of thermally annealed
Si31Zrs0g4 films may indicate that ZrO, grains are embedded in
an a-Si0,_y matrix.

3. After crystallization the Siz;ZrsOg4 film with the t-ZrO, structure is
thermally stable (no conversion to m-ZrO,) in a wide range of
temperatures T, max from RT up to 1500 °C.

4. The increase of intensity and the decrease of width of X-ray
reflections from the t-ZrO, grains with increasing annealing
temperature T, max indicate their growth. Also, a formation of
new t-ZrO, grains after the decomposition of ZrSi, grains very
probably contributes to the increase of X-ray reflections from the t-
ZrO, grains. However, a separation of both effects on the increase of
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the intensities of X-ray reflections, i.e. the growth of the t-ZrO,
grains and the rise of new ones, requires a more detailed
investigation which is out of scope of this paper and which will
be carried out in the near future. The growth of the intensities of X-
ray reflections from t-ZrO, stops at ~1500 °C due to an interaction
between SiO, from the film and the Al,05 substrate which results in
(i) a formation of AlsSi; 043 (3Al,03-2 SiO,) mullite phase and (ii) a
strong increase of the surface roughness R, at T,=1500 °C.

5. A mixture of t-ZrO, +m-ZrO, + AlgSi, 043 +SiO, phases is created on
the substrate surface at T,>1500 °C.

Obtained results indicate that no dramatic changes in properties of
the Si3;Zr50g4 film should take place up to ~1500 °C because the film
exhibits no change in the t-ZrO, structure up to ~1500 °C. The
correctness of this hypothesis was confirmed by measurements of
mechanical properties of the Si3;Zrs0g4 film after its thermal cycling.

3.2. Effect of annealing time on film structure

The time of thermal annealing t, can also influence the film
structure. Therefore, the Si3;Zr50g4 film was thermally annealed with
1 cycle (“heating 1”), 2 cycles (“heating I”+“heating II") and 3 cycles
(“heating I” +“heating II” + “heating III") as a function of the annealing
time t, at (i) T, max=1400 °C (isothermal annealing) and (ii)
T,>1000 °C (the increase of T, from 1000 °C to 1400 °C+isothermal
annealing at 1400 °C+the decrease of T, from 1400 °C to 1000 °C as
defined in Fig. 2). The same test piece was used for each annealing
experiment. XRD patterns from the thermally annealed Si3;Zr50¢4 film
measured at RT are displayed in Fig. 4.
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Experimental data displayed in Fig. 4 show that thermal annealing
during thermal cycling up to the maximum temperature T, yax= 1400 °C
results in a fast crystallization of the as-deposited Siz;Zrs0g,4 film,
when the t-ZrO, phase crystallizes initially and just after longer
exposure of the film to temperatures T,>1000 °C, in our case at
t;>133 min, crystalline SiO,(111) grains are formed and their amount
in the film increases with increasing t, as indicated by an increasing
intensity of the SiO,(111) reflection.

3.3. Mechanical properties of Si3;Zrs0e4 film

The hardness H and effective Young’s modulus E*=E/(1-1?) of the
Si31Zrs0e4 film sputtered on the sapphire substrate after annealing up to
T, max=1400 °C as a function of the annealing time ¢, at T,>1000 °C is
displayed in Fig. 5; here E is the Young’s modulus and v is the Poisson’s
ratio. The annealing time ¢, was increased by using 1 cycle (“heating 1",
t,=53 min), 2 cycles (“heating I +“heating II", t,=136 min) and 3 cycles
(“heating I"+“heating II”+“heating III”, ;=249 min). The thermally
annealed Si3;Zrs0g4 film exhibits a higher hardness (H=10-11 GPa)

E*
HiGPal ™A A~ Ago E*[GPal
12 1 H _
T 0] T T
sm’ )
6 440
1 B A as-deposited
1 120
2] O A after annealed |
0 +—— 0

d T ) T L T T
0 50 100 150 200 250
t, [min] at T;>1000°C

Fig. 5. Hardness H and effective Young's modulus E* of the Si31ZrsOg4 film on the
sapphire substrate after thermal cycling from RT to T, yax=1400 °C and back to RT in
flowing air as a function of annealing time t, at T,>1000 °C.
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compared to that of the as-deposited amorphous SisZrs0g4 film
(H=8 GPa). This is due to a thermally induced conversion of the
amorphous structure to the crystalline one.

A main result of this experiment is the fact that the values of H and
E* of the film thermally annealed at T, ;,.x=1400 °C do not change
significantly with increasing annealing time t, as soon as the
nanocrystallization has taken place during heating to temperatures
above 900 °C. This is possible because T, max=1400 °C is sufficiently far
away from the temperature Ty at which one structure of the film
changes to another one. In our case the temperature T,. at which the
structure conversion takes place is ~1500 °C. The nearness of T, to T
is very important for the thermal stability of the film properties
because the thermal stability of film properties decreases with
approaching temperature T, to Ts. This behaviour of the thermal
stability has been already demonstrated for the Al-Si-N films [22] and
is of great practical importance.

The measured values of H, E* and the resistance to plastic
deformation characterized by the ratio H*/E*? are summarized in
Table 1. The values of the ratio H>/E*? of thermally annealed (with the
temperature cycle “heating 1”) crystalline Si31Zrs0g4 films are more
than two times greater than those of the as-deposited amorphous

Table 1

Comparison of mechanical properties of as-deposited (Ts=500 °C) and thermally
annealed (with the temperature cycle “heating I") 7 um thick Si3;ZrsOg4 films sputtered
on the Si(100) and sapphire substrates

Ta max Substrate H E* W, H3[E™
[°C] [GPa] [GPa] [%] [GPa]
As-deposited Si(100) 7.8 80 57 0.075
900 Si(100) 8.7 78 62 0.109
1000 Si(100) 9.8 77 68 0.160
1150 Si(100) 10.2 79 70 0.172
1200 Si(100) 10.2 77 71 0.178
1300 Si(100) 10.1 78 70 0.172
As-deposited Sapphire 8.1 81 58 0.081
1400 Sapphire 11.0 77 77 0.227
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Fig. 6. Increase of mass Am of (i) 7 um thick Siz;Zrs0e4 film/Si(100) substrate and (ii)
7 pm thick Si3; ZrsOg4 film/sapphire substrate couples after thermal annealing (with the
temperature cycle “heating I") in flowing air as a function of annealing temperature T,.

Sis1Zr50g4 films. A higher value of the ratio H*/E*? indicates that the
conversion of the amorphous structure to the nanocrystalline or
crystalline one during heating to temperatures above 900 °C improves
the toughness of the film [23]. Now, it remains to show if the oxidation
resistance of the Siz;Zrs0g4 film/substrate couple is also influenced by
the conversion of the t-ZrO, phase of the Siz;Zrs0g4 film to a mixture
of t-ZrO,+m-Zr0,+AlgSi;013+Si0, phases created on the substrate
surface at T,>1500 °C.

3.4. Oxidation resistance of Siz;Zrs0g4 film/substrate couple

The oxidation resistance of the Si3Zrs0g,4 film/substrate couple
was tested for two systems: (1) the Siz;Zrs0g4 film/Si(100) substrate
and (2) the Si31Zrs0g4 film/sapphire substrate. Both substrates were
coated only on one side and oxidation of the uncoated backside of the
substrate was subtracted. The oxidation resistance is represented by
the change of mass Am of the Si3;Zrs0¢4 film/substrate couple after
thermal annealing to a maximum annealing temperature T, max. The
system (1) was annealed to T, nax=1300 °C (a thermal limit of the Si
substrate) and the system (2) to T, max=1700 °C (a thermal limit of the
Setaram thermogravimeter operated in air). Results of the measure-
ments of the oxidation resistance of these two systems in flowing air
are displayed in Fig. 6.

From Fig. 6 it is seen that the Si3;Zrs0g4 film/Si(100) substrate couple
exhibits no increase in mass (Am=0 mg/cm?), i.e. neither the film nor the
Si(100) substrate side underneath the film are oxidized in flowing air up
to T,~1300 °C (a thermal limit of the Si substrate). The Si3;Zrs0g4 film
sufficiently protects the Si(100) substrate against oxidation. The
Si31Zrs0g4 film/sapphire substrate couple also exhibits no increase in
mass (Am=0 mg/cm?) up to T,=1250 °C. The oxidation of the film/
sapphire substrate couple starts at around 1250 °C. A slow increase in
Am with increasing T, is observed in the range from ~1250 to ~1550 °C
and a more rapid increase in Am is observed at T,>1550 °C.

The Si3Zrs0e4 films were sputtered at a high deposition rate
(ap=100 nm/min) in the transition mode of sputtering, i.e. at relatively
low values of partial pressure of oxygen when there is a deficiency of
atomic oxygen to form stoichiometric SiO, oxide. This is well known fact
in reactive sputtering of oxides. This means that the as-deposited
Si31Zrs0g4 films are composed of the stoichiometric ZrO, and sub-
stoichiometric SiO,-x due to preferential bonding of oxygen to Zr.
The stoichiometric ZrO, phase is formed because of a higher negative
value of the heat of formation compared to that of the SiO, phase:
AHz:0,=-1101.3 k]/mol and AHs;n,=-910.9 k]J/mol. Based on these facts
it can be concluded that the increase in Am of the Si3ZrsOg4 film/sapphire
substrate couple is due to oxidation of substoichiometric SiO,-, oxide.

Also, it is worthwhile to note that the increase in mass at T,= 1550 °C
is very low (Am=0.02 mg/cm?) and decreases with decreasing T,.
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4. Conclusions

The thermal stability of the structure and mechanical properties
and oxidation resistance of a reactively sputtered Si3;Zrs0g4 coat-
ing was investigated in detail. The main attention was concentrated
on the effect of high-temperature annealing on the interrelation-
ship between the structure and phase composition of the coating
and its (i) mechanical properties and (ii) ability to protect the
substrate against oxidation. Obtained results can be summarized as
follows:

The 7 pm thick Sis1Zrs0g4 coating reactively sputtered at the substrate
temperature Ts=500 °C with a high deposition rate ap=100 nm/min at
the substrate-to-target distance d,=80 mm is amorphous. During
annealing in air, its amorphous structure starts to nanocrystallize at
approximately 900 °C and the t-ZrO, phase forms. The t-ZrO, phase is
stable in a wide range of T, up to 1500 °C. The Si3;Zrs0g4 coating/sapphire
substrate couple is resistant to the thermal cycling (“heating I +“heating
11" +“heating III") up to T, max= 1400 °C. No significant change in mechan-
ical properties of this coating was observed during annealing at
T,>1000 °C for up to 4 h as soon as a nanocrystalline structure formed
during initial heating above 900 °C. The Si3;Zrs0g4 coating/sapphire
substrate couple exhibits (1) almost zero oxidation (Am<0.02 mg/cm?)
up to 1500 °C due to the stability of the t-ZrO, phase in a wide range of
T, from ~900 to ~1500 °C and a small amount of Zr in the coating, and
(2) hardness H=10.5 GPa, effective Young's modulus E*=80 GPa and the
ratio H*/E**=0.18 GPa.

The protection of a substrate against oxidation with the Zr-
containing SiO, coating is fully comparable with that of amorphous a-
SizN4/MeN coatings with a high (>50 vol.%) content of the SisN, phase.
However, a higher crystallization temperature T, of some oxides
compared to that of the SizNy4 nitride indicates that new nanocompo-
site coatings based on oxides with an efficient protection of the
substrate against oxidation in flowing air at temperatures above
1500 °C could be developed in the near future.

Based on the obtained results it can be expected that (1) the
properties of the hard protective coating will not change during
thermal cycling in air as far its structure is unchanged during
increasing and decreasing the annealing temperature T, and (2) new
material systems exhibiting no change in the phase composition will
be developed if their elemental composition is correctly selected.
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1. Introduction

A crucial factor of many industrial sectors is the ability to operate
at high temperatures. For that reason, advanced high-temperature
materials with heat-resistant capabilities are being extensively
developed. Recently, amorphous Si-B-C-N materials have been
found to accomplish such demands due to their extraordinary high-
temperature stability and oxidation resistance (see, for example, [1-
5]). So far, the amorphous Si-B-C-N ceramics have been prepared by
thermolysis of polymeric precursors as a powder material [1-5] or by
coating technologies, including plasma-assisted chemical vapor
deposition [6,7] and reactive magnetron sputtering [8-16], as a
thin-film material.

Reactive magnetron sputtering allows one to operate at much
lower substrate temperatures in the absence of hydrogen-containing
precursors. Its further advantages are compatibility with semicon-
ductor and other high technologies and ease of scaling up to larger
substrate sizes.

In our previous papers, high oxidation resistance of Si—-B-C-N films
in flowing air up to 1300-1350 °C [8,16], and even at temperatures
exceeding 1500 °C [13,14] has been reported. The Si-B-C-N films
prepared using optimized process parameters (B4C-Si target with a
75% Si fraction in an erosion area, 50% N, +50% Ar gas mixture, rf
induced negative substrate bias voltage of —100V and substrate

* Corresponding author. Tel.: 4420 377 63 22 11; fax: +420 377 63 22 02.
E-mail address: zemanp@kfy.zcu.cz (P. Zeman).

0040-6090/$ - see front matter © 2010 Elsevier B.V. All rights reserved.
doi:10.1016/j.tsf.2010.08.080
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temperature of 350 °C) retained their amorphous structure during
heat treatment in air up to 1700 °C. A relatively low mass gain
(<0.05 mg/cm?) measured at 1700 °C was caused by the growth of an
oxide surface layer, being composed mainly of Si and O with a B
content. The elemental composition of the Si-B-C-N bulk underneath
the oxide layer remained, however, unchanged [13].

Based on these results, the present paper deals with thermal
stability of Si—-B-C-N films in inert gases. Our aim was to investigate,
by means of differential scanning calorimetry, high-resolution
thermogravimetry and X-ray diffraction measurements, the processes
occurring in the Si-B-C-N materials during their controlled heating
up to 1700 °C.

2. Experimental details

The Si-B-C-N films, selected for thermal stability investigations,
were deposited using reactive dc magnetron co-sputtering of silicon,
boron and carbon from a single B,C-Si target in nitrogen-argon
mixtures. The target was formed by a B4C plate (thickness of 6 mm)
overlapped by p-type Si stripes with fixed 25% B4C + 75% Si fractions
in the target erosion area. The total pressure of 0.5Pa was kept
constant during the depositions of all the films. Two different Ar
fractions (50% and 75%) in the gas mixture were used at fixed values
of the negative substrate bias voltage V;,,= —100V induced by an rf
generator operating at a frequency of 13.56 MHz, and of the substrate
temperature Ts =350 °C adjusted by an Ohmic heater. Moreover, the
films were prepared in a 50% N;+50% Ar gas mixture with the
substrate on a floating potential Vi=—34V and T; in the range from
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190 to 250 °C (without the heater). The values of the process
parameters for all the films investigated are summarized in Table 1.
For more details concerning the deposition process, see our previous
papers [8,10,13].

The thermal analysis of the films was carried out independently
using two devices. A Setaram Labsys DSC 1600 system was used for
differential scanning calorimetry (DSC) in flowing argon up to 1600 °C
and a symmetrical high-resolution Setaram TAG 2400 system for
thermogravimetry (TG) in flowing helium up to 1700 °C. The flow of
both inert gases was set to approximately 1 I/h. Dynamic heating was
performed with a heating and cooling rate of 40 and 40 °C min™ !,
respectively, for DSC and 10 and 30 °C min~', respectively, for TG.

To obtain a sufficient DSC signal and to exclude an influence of a
substrate, approximately 4 um thick films were deposited onto polished
and ultrasonically pre-cleaned Cu substrates (25 x 40 x 0.5 mm?), which
were subsequently chemically removed using nitric acid with a
concentration of 25%. After filtering, washing in water and drying,
freestanding film fragments were mechanically ground in an agate
mortar to provide a fine powder. An approximately 8 mg mass of the
powder was charged into a 100 pl alumina crucible covered with a lid
and used for each DSC measurement. The identical uncharged crucible
was used as a reference. Each run was immediately followed by a second
run under the same conditions to serve as a baseline.

To investigate mass changes during controlled heating in helium,
the films were deposited onto polished and ultrasonically pre-cleaned
single-crystalline SiC substrates, similarly as in case of our recent
oxidation tests in air [13]. Unfortunately, the thermal stability of the
SiC substrate during heating to 1700 °C in helium was insufficient due
to a mass loss above 1400 °C. Similar behavior was revealed also for
other (commercially available) pure non-oxide substrates, such as
pyrolytic BN, graphite, CVD-diamond, WG, tungsten or Mo (see Fig. 1).
The only substrate, which was resistant to the apparent degradation,
was sapphire. However, a problem related to this substrate was
connected with a mutual reaction between sapphire (Al,03) and the
Si-B-C-N film. It resulted in the formation of an Al,SigO;Ng ceramic
product at the substrate-film interface causing the film spallation. As
a consequence of these findings, we decided to carry out TG
measurements with only the freestanding film fragments (without
their grinding) removed from the Cu substrates. This fact excluded to
measure mechanical properties of the films after their cooling down.
The total mass of the film fragments inside a 100 pl alumina crucible
covered with a lid was about 1.5 mg for each TG measurement. The
measured values of the mass changes were expressed per the total
film surface area using known values of the film thickness and density.
The TG values corresponding to the measurement with an empty
alumina crucible under the same conditions, serving as a baseline,
were subsequently subtracted from the TG values of each measured
sample. The resulting curve represents the actual mass changes
occurring in the film during its heating.

X-ray diffraction (XRD) measurements of as-deposited and annealed
samples after their cooling down to a room temperature were carried
out on a PANalytical X'Pert PRO diffractometer working in Bragg-
Brentano configuration using Cu Ko radiation (N =0.154187 nm). Data
were collected using an ultrafast detector X'Celerator with a scanning
step size of 0.02° and a counting time of 50 s per step.

Table 1

The Ar fraction in the gas mixture, the substrate voltage, Vs, and the substrate
temperature, T, used in depositions of the Si-B-C-N films investigated. V}, is the rf
induced negative substrate bias voltage and V¢ is the floating potential.
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Fig. 1. Thermogravimetric curves for various pure non-oxide substrates annealed in
helium up to 1700 °C at a heating rate of 10 °C min~".

The elemental composition of the films was determined by
Rutherford backscattering spectrometry (RBS) and elastic recoil
detection (ERD) methods. The Si, B, C, N, O and Ar contents were
measured by RBS, and the H content was assessed by ERD. The
accuracy of RBS is 1-2 at.% while that of ERD is approximately 0.1-
0.2 at.% [13].

Film hardness, reduced Young's modulus, and elastic recovery
were determined using an ultramicroindenter (Fischerscope H-100B)
according to the ISO 14577-1:2002 E standard. The measurements
were performed with a preset maximum load of 30 mN.

The film thickness and a bending of the silicon substrate after
deposition of the film, from which a residual macrostress was
determined using the modified Stoney's formula including the biaxial
modulus of the substrate, were measured by profilometry (Dektak
8 Stylus Profiler, Veeco).

3. Results and discussion

The elemental composition of the as-deposited Si-B-C-N films
investigated is presented in Table 2. As shown, the 50% Ar fraction in
the gas mixture results in the concentration ratio of N/(Si+B+C) =
1.1-1.2 in films I and Il with a low (<5 at.%) total content of hydrogen
and oxygen. The enlarged admixture (4 at.%) of hydrogen in the films
produced at Vo= V= —34 V and Ts=190-250 °C can be explained by
a reduced ion-induced and thermal desorption of hydrogen from the
surface of growing films. With the increased Ar fraction in the gas
mixture from 50 to 75%, the Si content in the films raised from 32 to
40 at.% due to an enhanced physical sputtering of silicon from the
composed B4C-Si target [8]. A high affinity of nitrogen for silicon in

Table 2
The elemental composition (at.%) of the as-deposited Si-B-C-N films investigated.

Si-B-C-N film Ar fraction Vi (V) T, (°C) Si-B-C-Nfilm  Si B ¢ N H 0 Ar m
I 50% Vo=—100V 350 I 32 10 2 51 24 2 0 116
I 50% Vi=—34V 190-250 I 33 10 2 5 40 1 0 111
il 75% Vp=—100V 350 i 40 11 2 43 14 2 1 081

50
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the deposited material led to a relatively weak decrease (from 51 to
43 at.%) in the N content in the films in spite of the substantial decrease
(2 times) in the N, partial pressure in the discharge gas. Taking into
account practically constant contents of boron (10-11 at.%) and
carbon (2 at.%) in all the films, we obtain a significantly different
value of 0.8 for the N/(Si+ B+ C) concentration ratio in film III. The
different values of the N/(Si+ B+ C) concentration ratio in the films
produced under different experimental conditions (Table 1) do not
cause substantial changes in the values of film hardness (22-24 GPa),
reduced Young's modulus (164-191 GPa) and elastic recovery (72-
74%) at a low compressive stress (0.6-1.0 GPa) in the films.

DSC analysis of the Si-B-C-N films provides information about
changes occurring in the structure of the materials during their
heating. Such changes are detected as exothermic or endothermic
reaction peaks on the DSC curves due to crystallization, phase
transformation, melting or other processes in materials. The measure-
ments performed for three Si-B-C-N samples are displayed in Fig. 2 as
two successive runs for each sample. As can be seen, there is no peak
corresponding to any reactions occurring during the heating to
1600 °C for films I and Il deposited in the 50% N, 4+ 50% Ar gas mixture.
The results indicate that the structure of these films retains its
amorphous state without any pronounced changes. Such expectation
was confirmed by the XRD measurements of the samples before and
after annealing. The XRD patterns of the samples are given in Fig. 3.
Both films I and II are characterized by very broad peaks with the
corresponding values of 26 between 20° and 40°, which indicate the
amorphous state of the Si-B-C-N films before and after annealing.
Two practically negligible XRD peaks, which can be recognized in the
patterns at the positions of 26.65° and 28.41°, are assigned to silicon
dioxide (quartz) and silicon [17], respectively. The Si (111) peak
originates from a low-background substrate holder used in the X-ray
diffractometer for the fixation of the sample, and the SiO, (101) peak
is present as a consequence of a very low contamination, being
introduced by grinding of the film fragments in an agate mortar.
Although agate is a highly abrasive resistant and inert material
minimizing the contamination during sample grinding in the mortar,
an absolute elimination of the SiO, impurities is practically impossi-
ble. The presence of the SiO, crystallites, however, does not influence
the behavior of the Si-B-C-N films during annealing at all.

—— 71— —T1——
run 1
====run2

50% Ar, -100 V, 350°C (film 1)

50% Ar, -34 V, 190-250°C (film I)

Heat flow (arb.units)

E e e L e e .
400 600 800 1000 1200 1400 1600
Temperature (°C)

Fig. 2. DSC curves, including two successive runs, for the Si-B-C-N films in the form of
powders (~8 mg) annealed in argon up to 1600 °C at a heating rate of 40 °C min~ .
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Fig. 3. XRD patterns taken from the Si-B-C-N film powders in as-deposited state and
after the DSC measurements in argon up to 1600 °C.

The thermal stability of the Si-B-C-N film III deposited with the
75% Ar fraction in the gas mixture, V,=—100V and Ts=350 °C is
quite different from those of films I and II, as seen in Figs. 2 and 3.
During the annealing, several exothermic reaction processes take
place leading to a DSC signal with some overlapping peaks (run 1 in
Fig. 2). These reactions, which are detected just above 1250 °C, result
in crystallization of the amorphous structure of film III as evidenced
from the XRD after the annealing to 1600 °C (see Fig. 3). Dominant X-
ray diffraction peaks belong to the crystalline phases, identified as o~
SizNy, Si and 3-Si3N,4 according to the JCPDS database [17].

To relate the individual reactions in the film during annealing to
evolution of its material structure, a more detailed investigation was
carried out. The film was heated up to various characteristic
temperatures in order to separate an effect of the individual reactions
detected on the DSC curve in Fig. 4. Each DSC measurement was done
with a new charge of the film material and after its cooling down the
XRD was used to analyze changes in the material structure. As seen

1270 exa {

Heat flow (arb.units)

L) L)
1200 1300 1400
Temperature (°C)

T T
1100 1500 1600

Fig. 4. A detail of the DSC curve for the Si-B-C-N film prepared at 75% Ar fraction in the
gas mixture, substrate bias voltage of —100 V and substrate temperature of 350 °C.
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from the XRD patterns in Fig. 5, amorphous state of film III (deposited
at the 75% Ar fraction in the gas mixture, V,=—100V and
Ts=350°C) is retained up to 1230 °C when the heat flow signal
starts to grow up, resulting in appearance of the first exothermic peak.
This peak is assigned to crystallization of the «-SisN4 phase, as
evidenced in the pattern acquired after cooling down from the
corresponding temperature of 1270 °C. The low reaction peak for
1300 °C in Fig. 4 is related to crystallization of pure Si (see Fig. 5). At
least up to 1365 °C there are no other reaction peaks on the DSC curve,
which would correspond to changes in the film structure. However,
further increase in the temperature leads to structural changes in the
Si-B-C-N material. The last exothermic peak in Fig. 4 corresponds to
the formation of new phases in the film material. The narrower
reflection lines in the pattern taken from the Si-B-C-N film powder
after its cooling down from 1430 °C (see Fig. 5) have been identified as
reflections of the B-SisN4 phase, while the broader peak with the
value of 20 ranging from 24° to 27° is usually ascribed in the literature
to semi-crystalline disordered turbostratic boron nitride (t-BN) [18-
20] or carbonitride (t-BCN) [21,22], or graphite [23,24]. Due to the low
content of carbon in our film, we believe that this peak is related to the
presence of the t-B(C)N phase. As shown in Figs. 4 and 5, no further
structural changes have been observed in this material during the
heating up to 1600 °C.

Besides the DSC analysis, all of the Si—-B-C-N films were subjected
to TG measurement monitoring changes in their mass during
annealing up to 1700 °C (see Fig. 6). The TG tests were carried out
in helium having a lower atomic mass than argon and thus enabling
one to reduce a TG signal noise. This results in a higher instrument
accuracy. As shown in Fig. 6, no mass changes are observed up to
approximately 1400 °C for all the films. Films I and II, deposited with
the 50% Ar fraction in the gas mixture, exhibited a higher stability than
film Il prepared with the 75% Ar fraction. The onset of the
corresponding mass losses, caused probably by a partial release of
nitrogen from the films, started just above 1580 °C and 1500 °C,
respectively. The mass changes in film Il can be also related to

o u-SiN, & SN, vSi otBN

I L T L4 T L I . ] g I L4 T

1600°C

Intensity (arb.units)
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Fig. 5. XRD patterns taken from the Si-B-C-N films prepared at 75% Ar fraction in the
gas mixture, substrate bias voltage of — 100 V and substrate temperature of 350 °C, and

annealed as powders in the DSC instrument to various temperatures being defined in
Fig. 4.
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Fig. 6. Thermogravimetric curves for the Si-B-C-N films in the form of fragments
annealed in helium up to 1700 °C at a heating rate of 10 °C min~ .

evaporation of pure silicon (Te = 1414 °C) from the film material.
The signal from Si was detected by the XRD (see Figs. 5 and 7) and also
by DSC in the run 2 as the endothermic peak corresponding to the
melting of silicon (see Fig. 2). Let us recall that the lower mass of
1.5 mg for each sample was used during the TG measurements to
suppress a possible intensive evaporation of Si at the highest
temperatures, leading to a reaction with the PtRh 6%-PtRh 30%
thermocouple used, causing its destruction.

Fig. 7 shows the XRD patterns taken from the samples after their
TG analyses to 1600 °C and 1700 °C. Comparing Figs. 3 and 7, we can

¢ oSN, #pSiN, v Si otBN ehBN

50% Ar, -100 V, 350°C (film I)

1700°C

50% Ar, -34 V, 190-250°C (film II)

1700°C
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Fig. 7. XRD patterns taken from the Si-B-C-N film fragments after the TG
measurements in helium to 1600 °C and 1700 °C.
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conclude that there are no differences in the structures of the
corresponding film materials after their annealing in argon and
helium, respectively, to 1600 °C. Films I and II, deposited with the 50%
Ar fraction in the gas mixture, remain amorphous without any XRD
peaks (the existence of the peaks at the positions of 26.65° and 28.41°
has been clarified earlier), whereas film Il deposited with the 75% Ar
fraction is crystalline with the same phase composition in both cases.
The increase of the annealing temperature to 1700 °C (see Fig. 7)
leads, however, to a change in the structure of films I and II. Both the
films are characterized by crystallization of the a-SisN4 phase which is
the only phase detected. The crystallization is, however, very poor and
most of the film volume remains still amorphous. This is clearly seen
from comparison of the XRD patterns of films I and II after the
annealing to 1700 °C with that of film Il which unambiguously
contains well-crystallized Si and 3-SisN,4 in addition to the a-SisNy
phase. The phase composition of film IIl is maintained almost
unchanged with raising the annealing temperature from 1600 to
1700 °C, but the intensities of all XRD peaks coming from Si and «-
SisN4 change. The intensities of the Si reflections increase, whereas
the intensities of the a-SisN4 reflections drop. This fact indicates a
break up of Si-N bonds in the a-Si3sN4 phase (not in 3-SisN,4) and a
release of some nitrogen from the film. Another interesting fact is
disappearance of the broad peak, located around 25° after the
annealing to 1600 °C, with the increase in the temperature to
1700 °C. The peak is assigned to the disordered turbostratic t-B(C)N
phase discussed earlier. It is well known that the disordered semi-
crystalline structures are transformed to those of a higher order with
increasing the annealing temperature. Hence, the disappearance of
this broad peak is likely connected with an increase in the intensity of
a peak located at 26.71°, being close to the position of the reflection
(002) from the hexagonal boron nitride h-BN (26.76°) according to
the JCPDS database [17]. Some of the XRD peaks remain still
unidentified. We believe that they do not originate in the film but in
a reaction of the released nitrogen with the corundum crucible used.
Further investigations are being in progress.

Calculated bonding structures corresponding to the compositions of
the Si-B-C-N films deposited with the 50% and 75% Ar fractions in the
gas mixture are presented in Fig. 8 to understand significant differences
in high-temperature behavior of the materials. Fundamentals of the ab
initio molecular-dynamics simulations used are described in Ref. [25].
As shown in Fig. 8, a sufficiently high N/(Si + B 4 C) concentration ratio
in films I and II deposited with the 50% Ar fraction in the gas mixture
leads to a preferential bonding of Si, B and C atoms with N atoms and also
to a substantial (more than 2.5 times) reduction in abundance of Si-Si

1 ) T ] ; T T ]
1004 ® N - bonds | other bonds
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Si-N B-N B=N C-N Si-Si Si-B Si-C

Fig. 8. Ab initio simulations of bonding statistics for the elemental compositions
Si3pB12C3Ns3 and SisnB11CoNys related to the as-deposited Si-B-C-N films prepared
with 50% and 75% Ar fraction in the gas mixture, respectively, substrate bias voltage of
— 100V and substrate temperature of 350 °C. Low contents of O, H and Ar in the films
(see Table 2) were neglected here (adapted from [14]).
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bonds. Taking into account the simulated bonding statistics, crystalli-
zation of film Il prepared with the 75% Ar fraction is probably caused by
a relatively high population of the Si-Si bonds within the Si-B-C-N
network. This is because the Si-Si bonds become unstable as
temperature approaches the melting point of Si (1414 °C), favoring
the diffusion of Si atoms in the volume which probably results in the
formation of new, more stable bonds and in crystallization of the
material. As a consequence, the stability of such material toward
thermal decomposition is lower.

In addition to higher Si/C concentration ratios and incorporation of
boron in the amorphous Si-B-C-N material [25], a sufficiently high
value of the concentration ratio N/(Si+B+C)>1 in the material is
needed to achieve its high stability at elevated temperatures.

4. Conclusions

Thermal stability of deposited Si-B-C-N materials (film fragments
or powders without a substrate) was investigated using differential
scanning calorimetry in argon up to 1600 °C, high-resolution
thermogravimetry in helium up to 1700 °C and X-ray diffraction
measurements. Amorphous Si-B-C-N films were fabricated by dc
magnetron co-sputtering of a composed B,C-Si target in two different
nitrogen-argon gas mixtures (50% N, + 50% Ar or 25% N, 4 75% Ar). It
was shown that the deposited Si-B-C-N materials can be more stable
at high temperatures in the inert atmosphere than the usually used
substrates (e.g. SiC or BN). The films with the compositions (in at.%)
Sizy_33B10C2Ns0_51, for which N/(Si+ B+ C) =1.1-1.2, retained their
amorphous structure up to 1600 °C without any structural transfor-
mations and detectable mass changes. A slight crystallization started
to develop just above this temperature. The films with the
composition SigoB11C2Ny3, for which N/(Si+ B+ C) =0.8, started to
crystallize at about 1250 °C and the onset of its mass losses was
observed at 1400 °C. In addition to higher Si/C concentration ratios
and incorporation of boron in the amorphous Si-B-C-N material [25],
the N/(Si+ B+ C) concentration ratio seems to be a key parameter in
the preparation of Si-B-C-N films with an extraordinary thermal
stability.
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The paper reports on thermal stability of alumina thin films containing 'y-Al,O3 phase and its conversion
to a thermodynamically stable a-Al,03 phase during a post-deposition equilibrium thermal annealing.
The films were prepared by reactive magnetron sputtering and subsequently post-deposition annealing
was carried out in air at temperatures ranging from 700°C to 1150°C and annealing times up to 5h
using a thermogravimetric system. The evolution of the structure was investigated by means of X-ray
diffraction after cooling down of the films. It was found that (1) the nanocrystalline y-Al,03 phase in the
films is thermally stable up to 1000°C even after 5 h of annealing, (2) the nanocrystalline 6-Al,03; phase
was observed in a narrow time and temperature region at >1050°C, and (3) annealing at 1100°C for 2 h
resulted in a dominance of the a-Al; 03 phase only in the films with a sufficient thickness.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

Alumina (Al,03) is an electrically and thermally insulating
ceramic material which exhibits excellent chemical inertness, and
high optical transparency. It occurs in several transient metastable
(X, K, M, ¥, 9, and 0) phases and one thermodynamically stable
a phase with high melting point (2047 °C) [1] and relatively high
hardness (21 GPa) [2]. The number of metastable phases occurring
with increasing annealing temperature up to the formation of the
stable a-Al; 03 phase and the temperature range of their existence
depend on both the composition and the structure of the initial
material (diaspore, gibbsite, tohdit, boehmite, bayerite) [3]. The
lowest formation temperature of the a-Al,03 phase (700-800°C)
is achieved for the diaspore which possesses almost perfect hcp
structure as a-Al,0s.

In recent years, a great effort has been devoted to the depo-
sition of thin ceramic films with the thermodynamically stable
a-Al; O3 phase atlow substrate temperatures Ts < 700 °C. The indus-
try demands to deposit wear-resistant a-Al, O3 coatings on cutting
tools made of high-speed steel which does not allow exceed 550 °C
due toits thermal degradation. The deposition of a-Al, O3 thin films
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at low temperatures is also needed in other applications, e.g. in the
depositions of coatings on heat-sensitive substrates.

Based on the processing of the bulk a-Al,03 material three
ways to produce thin ceramic films with the a-Al,03 phase at
reduced temperatures have been proposed and tested: (1) the for-
mation of a-Al,03 films at low substrate temperatures Ts <700 °C
under ion bombardment of the growing film [4], (2) the epitaxial
growth of a-Al,03 thin films on a Cr,03 template which crystal-
lizes isostructurally to the a-Al,03 phase with less than 5% in the
lattice mismatch [5-8], and (3) the formation of Al-Me-0 systems
in which selected metals Me are added, e.g. Cr forming (Cr,Al),03
solid solution [9-12].

For the fabrication of the a-Al;05 thin ceramic films different
deposition methods are used: (1) chemical vapor deposition (CVD)
from gas phase [13-17], (2) evaporation from a melted Al mate-
rial [4,18-20], and (3) sputtering of a solid Al target [5,21-34]. It
was found that formation temperatures of individual Al,03 phases
depend not only on the substrate temperature Ts used in the depo-
sition of the Al,0s3 films but also on the energy delivered to the
growing film by bombarding ions and condensing atoms. This
energy is determined by many process parameters which decide
on the Al,03 crystallization. Therefore it is difficult to compare
experimental data obtained in different experimental devices.

The y-Al,03 phase can be synthesized at a relatively low sub-
strate temperature Ts < 550°C. However, the formation of a-Al,03
requires deliver a sufficient amount of energy to the growing alu-
mina film or an additional energy during post-deposition thermal
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Fig. 1. (a) Electrical connection of dual magnetron system to the floating power supply

the deposition of Al,05 thin films.

annealing. The ion bombardment (non-equilibrium process) is usu-
ally used to deliver the energy during the growth of the film and
the heating (equilibrium process) is used to transform metastable
Al,03 phases to a-Al,03 during the post-deposition annealing.
To convert the y-Al,03 to a-Al,03 phase an activation energy of
546 kJ/mol has been reported [35].

Although the deposition of the «-Al,03 films at low sub-
strate temperature has already been achieved there are still many
open questions as to the formation and thermal stability of the
metastable polymorphs of alumina. Thermal stability of metastable
Al,03 phases such as k-Al,03 [16,36], y-Al,03 [36-38] and an
amorphous Al,03 phase [37,38] has been investigated in detail.
It was found that (1) the metastable Al,03 phases convert to the
stable a-Al,03 phase during thermal annealing between 1000 °C
and 1100°C[16,36-40], (2) different metastable phases are formed
during thermal annealing depending on the structure of the
as-deposited film [37,38], and (3) the a-Al, 03 phase nucleates pref-
erentially at film defects and crack network [16].

Despite a lot of information on the deposition process and prop-
erties of alumina films the isothermal aspect of thermal stability of
the metastable phases is often missing. The aim of this article is to
synthesize crystalline y-Al,03 films using dual magnetron sput-
tering and to investigate thermal stability of these films during
post-deposition thermal annealing in air at various annealing tem-
peratures and, especially, at various annealing times. The influence
of the film thickness on the y- to a-Al,03 transformation is also
discussed.

2. Experimental

The Al, 05 films were reactively sputtered in an Ar + O, mixture
using a dual magnetron system (DMS) consisting of two mag-
netrons in the closed magnetic field configuration, each tilted to
the vertical at an angle of 20° and equipped with Al targets (99.5%
purity) of diameters of 50 mm. The dual magnetron system was
supplied by a DC pulse power supply RMP-10 (Hiittinger Electronic)
in the bipolar mode at a repetition frequency of 20 kHz. The power
supply was floating (not grounded). The electrical connection of the
DMS to the power supply and the characteristic voltage Uq =f(t) and
current Iy =f(t) waveforms are given in Fig. 1.

The Al, O3 films were reactively deposited on Si(1 0 0) substrates
(20mm x 20 mm x 0.38 mm and 20 mm x 5 mm x 0.38 mm) in the
oxide mode of sputtering. The following deposition conditions
were used: the discharge current Iy, =3 A, the target power den-
sity W =42W/cm? averaged over the negative voltage pulse,
the substrate temperature Ts =500 °C, substrate held at the float-
ing potential Up, the substrate-to-target distance ds_¢=110mm,
the oxygen partial pressure po, =0.2Pa and the total pressure
pr=15Pa.
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Measurements of thermal stability of the Al,03 films during
the post-deposition thermal annealing in air were carried out at
temperatures ranging from 700°C to 1150 °C and annealing times
up to 5h using a Setaram thermogravimetric system TAG 2400
with a heating rate of 10°C/min and a cooling rate of 30°C/min.
The thickness of the films and the macrostress o generated in
them were measured by a stylus profilometer Dektak 8. The
macrostress o was evaluated from the bending of a thin Si plate
(20mm x 5 mm x 0.38 mm) using the Stoney’s formula. The struc-
ture of the films was characterized by the glancing incidence X-ray
diffraction (GIXRD) at an incident angle of 0.75° using a PANalytical
X'Pert PRO diffractometer. The surface morphology of the films was
observed by an optical microscope. The elemental composition of
the films was measured by a PANalytical wavelength dispersive X-
ray fluorescence (WDXRF) spectrometer MagiX PRO equipped with
a 4kW Rh-target X-ray tube, analytical software SuperQ v4.0 used
for data collection and FP-MULTI software used for calibration and
data analysis. A pure solid-state Al,03 sample was used as a calibra-
tion standard. Analytical results for element concentrations were
obtained with a relative accuracy of 10% compared to RBS analysis
of selected samples. Mechanical properties of the Al,05 films were
determined from the load vs. displacement curves measured by a
Fischerscope H100 microhardness tester with the Vicker’s diamond
indenter at a load of 10 mN.

3. Results and discussion

To investigate thermal stability of alumina films containing the
v-Al,03 phase ~300 nm and ~1200 nm thick films were reactively
deposited in the oxide mode of sputtering on the Si(100) sub-
strates held at the floating potential and the substrate temperature
Ts=500°C with the deposition rate ap~5nm/min. The elemen-
tal composition of the films, characterized by the atomic ratio
Al/0=37.6/62.3=0.60, was found to be close to the stoichiometric
composition within the accuracy of the WDXRF method applied.
The GIXRD analysis revealed that the as-deposited films are char-
acterized by three broad peaks with maxima located at 26 ~37.5°,
46° and 67°, see Figs. 2 and 3. These maxima indicate that the films
contain small y-Al;03 nanograins with the (311),(400)and (440)
orientations. No other crystalline phases were detected in these
films. This finding, however, does not exclude that some amount of
an amorphous alumina phase can be present in the films besides
nanocrystalline y-Al,03. Furthermore, both the ~300 nm thick and
the ~1200nm thick films are characterized by a relatively low
compressive macrostress o ~ —1.0 GPa and —0.5 GPa, respectively.
Hardness H=13 GPa, effective Young's modulus E*=140 GPa and
elastic recovery We =65% are typical values of these as-deposited
alumina films with the thickness h ~ 1200 nm. The measured value
of hardness is higher than that reported for completely amorphous
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Fig. 2. GIXRD patterns of ~1200 nm thick Al, O3 films as a function of the annealing
temperature T, at a constant annealing time t, =5 h. Peaks denoted as ‘s’ and ‘h’ are
reflections from the substrate and substrate holder, respectively.

alumina films (7-9 GPa [41],9-10GPa [42], 10 GPa [37]) but is con-
currently lower than that reported for highly crystalline or textured
v-Al,03 films (17-20 GPa [41], 20 GPa [42]). This indication points
out that our as-deposited films may contain amorphous alumina
as well. Unfortunately, transmission electron microscopy, being
able to identify an amorphous phase unambiguously, could not be
carried out in this study.

3.1. Effect of annealing temperature on the structure evolution

Thermal stability of the alumina films containing the nanocrys-
talline +y-Al,O3 phase and the temperature, at which this
metastable phase converts to the thermally stable «-Al,03 phase,
were studied in the ~1200 nm thick films. The as-deposited films
were thermally annealed to different values of the annealing tem-
perature T, ranging from 700°C to 1150 °C for a duration of 5h to
determine the evolution of the film structure with increasing T,.
Results of this experiment are summarized in Fig. 2.

From Fig. 2 it is seen that (i) with increasing T, the number
of nanograins with the (311), (400) and (440) crystallographic
orientations slightly increases and new nanograins of the y-Al;03
phase with the (22 0)and (2 2 2) orientations appear, (ii) the first a-
Al,03 nanograins crystallize during annealing at T, ~1050°C and
simultaneously the reflections of the metastable 6-Al,03 phase are
detected, (iii) the films annealed at T, ~1100°C are composed of
a mixture of large a-Al,03 grains and small 6-Al,03 nanograins,
and (iv) alumina films with a well-crystallized a-Al,03 phase are
formed at T, =1150°C. The formation of alumina films with a pure
a-Al;,03 phase at T, =1150°C agrees well with data reported by
other authors [35,38]. The formation of the 6-Al,03 phase during
thermal annealing has already been reported by Eklund et al. [38]
for films which besides the -y-Al,03 phase contained also an addi-
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tional amorphous phase in the as-deposited state. Edlmayr et al.
[37] observed the formation of the 8-Al,03 phase during thermal
annealing of the films with the similar as-deposited structure but
they could not absolutely exclude also the formation of the 6-Al, 03
phase due to the similar JCPDS standard peak positions.

The most important finding of our experiment is the fact that the
alumina films containing the nanocrystalline y-Al, 03 phase can be
reactively sputtered already at Ts =500 °C and are thermally stable
up to ~1000 °C for the 5 h annealing.

3.2. Effect of annealing time on the structure evolution

For the structure conversion not only the magnitude of T,
but also the annealing time t; is of a key importance. There-
fore, the evolution of the structure of the sputtered alumina films
was investigated in detail as a function of the annealing time.
The thermal annealing of the thicker (~1200 nm) and the thinner
(~300 nm) alumina films with the y-Al, 03 phase was performed at
T,=1100°C when a strong crystallization of the a-Al,03 phase of
the thicker films occurs (see Fig. 2). Obtained results are displayed
in Fig. 3.

Fig. 3 clearly shows that the annealing time t, strongly influ-
ences the structure of the alumina films at the temperature
T, =1100°C, which is close to that corresponding to the y — « tran-
sition. The heating to 1100 °C and immediate cooling down to room
temperature (t, =0h) does not significantly affect the structure of
both as-deposited films (Fig. 3a and b). On the other hand, the
annealing for t;>1h leads to a formation of the thermally sta-
ble a-Al,03 phase. These changes are more pronounced for the
thicker (~1200 nm) films in which the structure is o-Al,03 domi-
nant already after t; =2 h. In case of the thinner films (~300 nm) the
intensities of the reflections assigned to a-, 8- and y-Al,03 phases
are roughly comparable even after t, =5 h, which indicates that the
crystallization rate of the thinner films is slower than that of the
thicker ones but the lower intensities of the reflections due to a
smaller irradiated film volume must also be taken into account.

Similar phenomenon has been observed in the investigation of
the crystallization of TiO, films when the intensities of reflection
peaks increased considerably slower in thinner films compared to
thicker ones during thermal annealing [43]. Moreover, the evolu-
tion of the structure of the thicker alumina films with increasing
t, (Fig. 3a) shows that the nanocrystalline Al, 053 films can be com-
posed of a mixture y- and 0-Al;03 nanograins in a narrow interval
of t, at a given value of T,. The narrow interval of the co-existence
of the nanocrystalline y- and 6-Al,03 phases in sputtered alumina
films can be probably a reason for a different phase composition of
Al; 03 films reported in literature.

3.3. Film cracking during thermal annealing

The surface morphology of the ~1200 nm thick alumina films in
the as-deposited state and after the thermal annealing at T; =900 °C
and T, =1100°C for t; =5h is shown in Fig. 4. As can be seen from
Fig. 4a the surface of the as-deposited films exhibits no visible
defects. The annealing at 900 °C (Fig. 4b) results, however, in the
occurrence of parallel cracks in the films. Since no phase transfor-
mations are observed at this value of the annealing temperature
(see Fig. 2) these cracks arise most likely as a consequence of
increasing thermal stresses due to different thermal expansion
coefficients of the film o and the substrate «s. The annealing at
1100°C leads to the formation of a denser crack network which
can be attributed to the conversion of the y-Al,03; phase into
the a-Al;03 phase having a different mass density (0,-a1,0, =

3.62 g/cm3 VS. Pa-Al0; =3.99 g/cm3) [44]. These cracks are of
random directions in contrast to those in Fig. 4b. The film
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Fig. 3. GIXRD patterns of (a) thicker (~1200 nm) and (b) thinner (~300 nm) Al,Os films as a function of the annealing time t, at a constant annealing temperature T, =1100°C
(ta=0h denotes the increase of the annealing temperature to 1100°C and immediate cooling down to RT).

Fig. 4. Photographs of the surface morphology of ~1200 nm thick Al, 03 films (a) in the as-deposited state and after thermal annealing at (b) 900°C and (c¢) 1100°C for 5 h.

Scales are given in wm units.

cracking caused by the phase conversion occurs just at temper-
atures exceeding 1000°C due to a high thermal stability of the
v-Al; 03 phase. These observations are consistent with the results
reported by other authors [36,37,39].

The film cracking during thermal annealing is a serious problem
for potential industrial applications. To avoid cracking it is neces-
sary to form nanocrystalline y-Al, O3 already during its growth. The
formation of the nanocrystalline film by a thermal annealing of the
amorphous as-deposited Al,03 film is not a correct approach for
applications. No change of the film structure is necessary in whole
range of operating temperatures. Recently, it has been shown that
nanocrystalline films with the y-Al, 053 structure can be prepared
in Al-Ti-O system at substrate temperatures Ts < 500 °C [45]. In this
case no cracking should be expected due to a good thermal stability
of the nanocrystalline 'y-Al, 03 phase up to ~1000 °C. Moreover, the
Al-Ti-O films with the y-Al,03 structure exhibit a high hardness
H~25GPa.

4. Conclusions

Thermal stability of magnetron sputtered alumina thin films
containing the vy-Al,03 phase during post-deposition thermal
annealing in air at various temperatures and annealing times was
systematically investigated. Main results of the structure evolution
of the Al,03 films can be summarized as follows:
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1. As-deposited films contain a nanocrystalline y-Al,03; phase.
Even very thin films with a thickness of about 300 nm are of
the same structure. No thermodynamically stable a-Al, 03 phase
was found in these films.

2. The nanocrystalline y-Al,03 phase is thermally stable up to
~1000°C even after 5 h of the annealing.

3. The a-Al,03 phase starts to crystallize at T, ~1050°C. The
crystallization of «-Al,03 phase significantly improves with
increasing the annealing time t,.

4. A nanocrystalline 8-Al,03 phase forms at T, > 1050°C but the
time and temperature region of its existence is very narrow.

5. The ~1200 nm thick alumina films are dominantly composed
of the a-Al,03 phase after annealing at T, =1100°C for 2 h; the
thinner (~300 nm) films contain -, 6- and a-Al,03 phases of a
comparable amount even after 5 h of annealing.

6. The film annealing at T; =1100°C, which is close to the y— a
phase transition, results in the film cracking due to a different
density of y and « phases.
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This article reports on interrelationships between x-ray structure, mechanical properties, coefficient
of friction w, and wear coefficient k of ~3000 m thick nc-TiC/a-C nanocomposite films sputtered
using unbalanced magnetron from a composed C/Ti target (@ =100 mm); here nc and a denotes the
nanocrystalline and amorphous phase, respectively. It is shown that (1) u and k of the nc-TiC/a-C
nanocomposite film strongly depend not only on its hardness H but also on its effective Young’s
modulus E*=E/(1-17); here v is the Poisson s ratio, (2) the nc-TiC/a-C nanocomposite films with
C/Ti> 1.5 and the ratio H*/ E*? (characterizing the resistance of film to plastic deformation) ranging
from ~0.2 to ~0.3 exhibit the lowest values of u and k, and (3) w increases with increasing load
L of the testing ball. The main result of this investigation is the finding that the achievement of the
lowest value E* at a given value of H is of key importance in the formation of films with the lowest
values of coefficient of friction u and wear coefficient k. © 2010 American Vacuum Society.

[DOL: 10.1116/1.3294717]

I. INTRODUCTION

Recently, it was found that the addition of selected metal
(Me) atoms into amorphous carbon (a-C) and amorphous
carbon containing hydrogen (a-C:H) films not only reduces
the macrostress o generated in the Me/a-C and MeC/a-C
composite films during growth but also (i) results in an in-
crease in the film hardness H in the case if Me atoms form
hard MeC grains, (ii) improves the film toughness, and (iii)
enables to produce thicker films with thickness 4 greater than
1000 nm. These findings stimulated an intensive develop-
ment of new group of thick (=1000 nm) Me/a-C and
MeC/a-C composite coatings with (i) relatively high
(>10 GPa) hardness H, (ii) low (=1 GPa) compressive
macrostress o, and (iii) low values of coefficient of friction
w (=0.1) and wear coefficient k (=1 X 107 mm?/N m)."*’
Different Me atoms were incorporated in the g-C film and
the following composite systems were investigated: (i)
nc-MeC/a-C composite films with
Me=Ti,|~+6810.1116.18,1921-232528-44 W,56:8,12,14,19.20,26.28
Mo,lg’19 and Nb;g"&19 (ii)) Me/a-C composite films with
Me=Cu,'”** $i,”"**" and AL;* (iii) MeC/Ag with Me=Ti,
w2 (iv) nc-compound/a-C, e.g., WS,/a-C and
MoS,/a-C.%

As expected, it was found that low values of u (=0.1)
and k (=1X 1077 mm?/N m) of the film depends not only
on the kind and the amount of metal Me atoms added to a-C
film but also on the process conditions used in its prepara-
tion. Therefore, the following correlations were investigated

“Electronic mail: musil @kfy.zcu.cz
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in detail: (i) the mechanical properties versus the process
parameters;28 (ii) the coating microstructure, the mechanical
properties versus tribological propertie:s;29’31’35’38’39’45’47 (iii)
the tribological properties versus the electrical properties;29
(iv) chemical bonding versus tribological properties;*>* (v)
the mechanical properties versus the tribological
properties.48 The results of these investigations disclose
many interesting relationships between the physical proper-
ties of the film and its mechanical properties and tribological
behavior but are still insufficient to define the condition un-
der which the MeC/a-C film will exhibit the lowest values of
o and k.

Up until now, little attention was devoted to the effect of
plastic/elastic properties of the film on its tribological
properties.3’4 The plastic/elastic properties depend on both
the hardness H and the effective Young’s modulus E* and
can be easily determined using nanoindentation measure-
ments. Measured values of H and E* permit to calculate the
ratio H3/ E*2, which gives an information on the resistance of
the material to plastic deformation; for more details, see Ref.
49. The ratio H3/ E*? is an important parameter in the inves-
tigation of correlations between the mechanical and tribo-
logical behaviors of coatings. The plastic deformation is re-
duced in materials with high hardness H and low modulus E*
because low modulus E* allows the given load to be distrib-
uted over a wider area. Therefore, it is reasonable to expect
that w and k of the coatings could be improved when its
effective Young’s modulus E* is reduced.

Correlations between mechanical and tribological proper-
ties of the film are very important for an assessment of its
quality. Recently, the relation between mechanical and tribo-

©2010 American Vacuum Society 244
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logical properties was investigated for the Cu/a-C composite
film.*® It was found that (i) w of the Cu/a-C film decreases
with increasing ratio H3/E*?, (ii) the Cu/a-C films with H
>10 GPa and H?/E*>=0.2 GPa exhibit the lowest values
(=0.1) of u and the lowest values (=2 X 10~/ mm?/N m) of
k (measured using WC ball at the load L=2 N), and (iii)
high values of H and H/E*? do not ensure that the lowest
values of u and k can be achieved. The last finding indicates
that there is an optimum value of the ratio H3/E*? which
results in the lowest values of w and k of the film. Therefore,
in the formation of film with lowest values p and k, not only
the optimum value of the ratio H*/E*? is important but also
the film structure, elemental, and phase composition which
must result in such values of H and E*, which give the op-
timum ratio H3/E'2. Besides, the high ratio H’/E*
=(.2 GPa, necessary to reach the lowest values of u and k,
indicates that the well lubricating and wear-resistant films
should exhibit the lowest value of E* at a given H. Such
films are well resilient because they exhibit the high resis-
tance to plastic deformation (H3/E*>=0.2 GPa). This con-
clusion is in full agreement with the prediction of (i) Mat-
thews and co-workers > who claimed that the
nanocomposite coatings with a large H/E" ratio (the value of
this ratio is not defined), i.e., the nanocomposites with a
sufficiently high hardness H (to resist to plastic deformation),
but with a low elastic modulus E*, can exhibit improved
toughness and reduced wear and (ii) Lewin er al.* who
claimed that the wear properties of coatings are optimized
when the H/E™" ratio is highest (again, the value of this ratio
is not defined). In summary, it can be concluded that rhe
tribological behavior of solid lubricant coatings is deter-
mined by a combined action of H and E*.

Up until now, values of u and k are correlated with con-
tents of individual phases in the nanocomposite coating, its
structure (amorphous, nanocrystalline), carbon bond coordi-
nation (sp?,sp?), and its hardness H. All papers published
until now, with exclusion of a few papers,“’45’47‘48’50’55 de-
vote no attention to the role of the effective Young’s modulus
E*, and the ratios H/E* and H?/ E*? on the tribological prop-
erties of wear-resistant and self-lubricating coatings. No
trends between u and k of the coating and its H, E*, and the
ratios H/E* and H/E*> were reported so far. Martinez-
Martinez et al.*’ even said that the wear resistance of the
nanocomposite TiC/a-C coatings is controlled by the friction
of the tribological system rather than mechanical properties
of the coating such as hardness, toughness, or resilience. On
the contrary, Leyland and Mathews ! reported on the sig-
nificance of H/FE ratio and optimization of hardness H and
elastic modulus E£* in wear control of hard carbon and related
coatings and claim that often wear properties are optimized
when the ratio H/E™ is highestsz’53 but gives no information
on the magnitude of E*. Lindquist ez al® investigated tribo-
logical properties of TiC and TiAIC nanocomposite coatings
and found that a higher friction coefficient (0.22) of the TiC
coating is achieved at the higher ratio H>/E*?=0.54 and a
lower u=0.1 of the TiAIC coating which contradicts with the
prediction of Mathews and co-workers.”**
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At present, no clear information on the effect of E*, and
ratios H/E* and H*/E*? on w and k of the TiC/a-C coating
is available. The paper in Ref. 48 clearly showed that w and
k of the a-C/Cu composite film decrease with increasing
ratio H3/E*2. This result is in an excellent agreement with
the prediction of Matthews and co-workers. >4 However,
the paper48 did not show what should be H and E* of the film
which results in an optimum ratio H>/ E*? ensuring the low-
est values of u and k. This is an open problem which is the
subject of the investigation reported in this article.

This article is devoted to a detailed investigation of physi-
cal, mechanical, and tribological properties of the TiC/a-C
composite film. The attention is concentrated on the effect of
the effective Young’s modulus E* on the coefficient of fric-
tion u and wear coefficient k of the TiC/a-C composite film.
The main aim of this study is to demonstrate that (1) u and
k of the TiC/a-C self-lubricating film correlates well with its
mechanical properties, namely, with H and E; (2) there is an
optimum H*/ E*? ratio which ensures that the a-C/TiC nano-
composite film exhibits the lowest values of u and k; (3)
a-C/TiC nanocomposite film composed of nanograins em-
bedded in the a-C matrix can exhibit a low value of E*
ensuring high values of the ratio H/E*>0.1.

Il. EXPERIMENT

The TiC/a-C films were prepared by dc magnetron sput-
tering of C (99.99 at. %) target of 100 mm in diameter in Ar
using a round unbalanced planar magnetron. The target was
fixed to the magnetron by the titanium rings with seven inner
diameters @;,=52, 57, 60, 63, 66, 72, and 80 mm. Different
diameters @, were used to control the amount of Ti in the
film. The films were sputtered onto unheated Si (100) plate
substrates (20 X 20X 0.381 mm? for H, E*, and M measure-
ments and 35X 5% 0.381 mm?® for the macrostress measure-
ments) under the following conditions: discharge current I,
ranging from 0.5 to 2.5 A, substrate-to-target distance d
=60 mm, argon pressure p=1 Pa, and deposition rate ap
ranging from ~17 to ~150 nm/min. The thickness % of the
TiC, film was varied from 2700 to 3200 nm. More details on
the experimental device are given in Ref. 48.

The structure of films was determined by x-ray diffraction
using a Dron 4.07 diffractometer in the Bragg—Brentano con-
figuration with Cu Ko (A=0.154 187 4 nm) radiation. To
avoid a strong reflection from Si substrate the slightly asym-
metrical diffraction geometry was used. The mechanical
properties of films, i.e., the microhardness H and the effec-
tive Young’s modulus E* were evaluated from the load ver-
sus displacement curves determined by a computer con-
trolled microhardness tester Fisherscope H 100 equipped
with the Vicker’s diamond indenter. The mechanical proper-
ties of films were measured at low values of the indenter load
L=30 mN to ensure that the ratio d/h=0.1 what is neces-
sary condition to eliminate the effect of the substrate in in-
dentation measurements; here d is the depth of diamond tip
impression and £ is the thickness of film. The values of H
and E* of the film are measured with accuracy of =10%. The
film thickness and macrostress o generated in the film during
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FiG. 1. Evolution of structure of TiC/a-C film with increasing C/Ti ratio.
The dotted lines show positions of x-ray reflections from a powder TiC
standard.

its growth were determined from the electromechanical De-
ktak 8 Profilometer analysis. The elemental composition of
films was determined by x-ray fluorescence (XRF) measure-
ments with accuracy of £10%. The coefficient of friction u
of all TiC/a-C films was measured on a ball on disk tribom-
eter (CSM Instruments) in ambient air with a WC ball (@
=6 mm) under the load L=2 N load at velocity v
=0.05 m/s and sliding distance /=1000 m. The wear coef-
ficient k of TiC/a-C films was measured under the same
conditions as those used in the friction tests. The wear loss,
defined as volume loss per sliding distance, was measured
using the Dektak 8 Profilometer. To show the effect of L on
friction, u of a-C film containing 0.3 at. % Ti was measured
under different loads L ranging from 0.5 to 5 N.

Ill. RESULTS AND DISCUSSION
A. Structure of films

The structure of the TiC/a-C film strongly depends on
C/Ti ratio, see Fig. 1. The TiC/a-C films with C/Ti=1.54
are polycrystalline films characterized with (111), (200) and
(220) x-ray reflections. The polycrystalline TiC/a-C films
gradually change with increasing C/Ti ratio, first to nano-
crystalline films and later at high C/Ti ratios to amorphous
films. The doted vertical lines in Fig. 1 show no change in
the angle 2 theta of x-ray reflection from TiC grains with
increasing C/Ti. It means that the sputtered films are not
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single phase TiC, films but they are TiC/a-C composite
films. The nanocrystalline nc-TiC/a-C films are composed of
the TiC nanocrystals embedded in the a-C matrix. The inten-
sities of x-ray reflections from the nanocrystalline films de-
crease and broaden with increasing C/Ti ratio up to their full
disappearance in a broad x-ray amorphous peak of the a-C
phase. The broadening of x-ray TiC reflection lines is a result
of reducing the size d of TiC grains with increasing C/Ti
ratio, see Table I.

The size d of the TiC grains and the C/Ti ratio, i.e., the
amount of TiC phase and a-C phase in the film, determine its
microhardness H and effective Young’s modulus E*. There-
fore, H and E* can be easily controlled by x-ray structure of
film, see Fig. 1. Besides, it is well known that changes in the
x-ray structure of film results not only in changes in its
physical properties but also in changes in its functional prop-
erties. Therefore, it is reasonable to expect that also u and k
of the TiC/a-C film will strongly depend on its structure.

B. Friction and wear

Basic mechanical properties of thin films are the micro-
hardness, H, and the effective Young’s modulus, E*=E/(1
—12). The ratio H>/ E*? characterizes the resistance of film to
plastic deformation. The resistance of the film to plastic de-
formation is higher, the higher is the H*/E*? ratio. It means
that the likelihood of plastic deformation is reduced in ma-
terials with high hardness H and low modulus E*. Usually, a
low E* becomes desirable as it allows the given load to be
distributed over a larger area,*>>°

Recently, it was shown that well lubricating and wear-
resistant coatings, i.e., the coatings with low values of w and
k should be more resistant to plastic deformation. It was
found that u and k increase with increasing H>/E*? ratio.*®
However, it is not clear whether the H>/E*? ratio can be
increased unlimited or if there is an optimum ratio H3/E*? at
which the lubricating and wear-resistant coatings exhibit
minimum values of u and k? The answer to this question is
a task of this investigation. The values H and E* of sputtered
films are controlled by the film structure as determined by x
rays, see Fig. 1 and Table 1.

TaBLE L. Thickness /, mechanical and tribological properties of TiC/a-C composite films with x-ray structure displayed in Fig. 1. (The asterisk denotes the
film relative to which the increase in H/E*> and H/E* is calculated. These two films are compared in the text.)

Increase in

h o D k H E* w, H/E*? H?/E?
C/Ti (nm) (GPa) (nm) i (10”7 mm3/N m) (GPa) (GPa) (%) (GPa) H/E (GPa) H/E
37.7 3100 —0.8 0.12 0.9 154 124.1 69.8 0.24 0.124 2.9X 1.8X
9.1 3200 —-1.2 0.08 1.2 15.5 138.2 66.1 0.195 0.112 2.3X 1.6X
3.5 3000 —-1.5 1 0.08 3.1 18.2 150.8 69.6 0.27 0.121
2.5 3100 -1.9 0.16 4.2 21.8 162.8 76.6 0.39 0.134
1.5 2700 —1.4 12 0.27 319 25.6 191.0 76.3 0.34 0.134
0.86 2700 -0.3 0.25 9 164 230.6 517 0.083 0.71 " 1*
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FiG. 2. Coefficient of friction u of TiC/a-C film as a function of (a) H and (b) E™.

1. Interrelationships between film structure,
mechanical properties, friction, and wear

The structure of film is well indicated by the C/Ti ratio, as
shown in Fig. 1. The TiC/a-C films with C/Ti=?2 are poly-
crystalline composite films. On the contrary, the TiC/a-C
films with x=2 are nanocrystalline composite films, which
gradually transform to amorphous films at C/Ti> 10. There-
fore, it is interesting to compare the values of w and k of
TiC/a-C films with C/Ti=2 and C/Ti=2.

Dependences of u and k as function of H and E* are
displayed in Figs. 2 and 3. These figures show that the value
of E* is of key importance because (1) u and k can exhibit
different values at the same value of H, (2) the lowest values
of w exhibit nc-TiC/a-C films with H ranging from ~12 to
~19 GPa and E* ranging from ~110 to ~150 GPa, and (3)
the lowest values of k exhibit nc-TiC/qa-C films with lowest
values of H and E*. The nc-TiC/a-C films with H ranging
from ~12 to ~19 GPa and E* ranging from ~110 to
~150 GPa, exhibit low values of u (~0.07—~0.15) and
low values of k [(~0.9—~3) X 10”7 mm?/N m]. This range
of values of E* and H also shows that there is an optimum
range of the ratio H3/E*? ranging from ~0.15 to ~0.30 and
H/E" ranging from ~0.11 to ~0.13.

Very recently, Lindquist et al.® showed that also the
TiAIC nanocomposite coatings with u=~0.1 exhibit H>/E*?
=0.23 (lying just in the range we found for the nc-TiC/a-C
film) while the TiC coating with higher u (0.22) exhibits a
higher ratio H*/ E*?=0.54. This result is in a good agreement
with our finding, i.e., with the fact that (i) there is an opti-
mum range of the H*/ E*? ratio in which the lowest values of
w and k can be achieved and (ii) the ratio H°/E*> cannot be
increased unlimited. Also, it is worthwhile to note that the
wear-resistant coatings with values of the ratio H>/E*? lying
in the optimum interval exhibit also a minimum erosion re-
sistance. This fact is confirmed by experiments of Wei’’ who
found that the erosion resistance of Ti—Si—C-N coatings de-
creases with increasing H>/E*? ratio and the lowest erosion
resistance was achieved when the ratio H3/E*2=0.216.

Usually, the wear-resistant coatings reported in literature
are characterized by a low ratio H/E*=0.1. It means that
these coatings can be optimized as to achievement of the
lowest values of u and k if the value of E™ is reduced and the
ratio H3/E*? increased to a value of =0.1. The ratio H/E*
=(.1 seems to be a good indicator for the coatings with
lowest values of w and k. However, the ratio H°/E* is a
more sensitive parameter controlling changes in u and k, see

a) b)
4- 4-
x — 3] [ f — 3 []
Te S E .
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FiG. 3. Wear coefficient k of TiC/a-C film as a function of (a) H and (b) E*.
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FIG. 4. (Color online) Coefficient of friction u of a-C film with 0.3 at. % Ti
and hardness H=14 GPa as a function of sliding distance / at different loads
L of testing WC ball.

Table I. The increase in the ratio H>/ E*? above ~0.3 already
results in no further decrease of u and k due to strong
changes in the film structure.

The effect of ratios H/E* and H*/E*? on u and k is illus-
trated in Table I. Two films with approximately the same
hardness H=15.4 GPa (x-ray amorphous with H/E*>0.1)
and H=16.4 GPa (well crystalline with H/E*<0.1) are
compared The nc-TiC/a-C film with H/E*>0.1 exhibits
compared to the TiC/a-C film with H/E*<0.1 (1) much
lower values of u and k, (2) considerably lower (0.54X)
value of E*, and (3) strong increase (2.9X) in the resistance
of film to plastic deformation characterized by increase in (i)
the H*/E*? ratio and (ii) the elastic recovery W, of film. The
low value E*=124 GPa of nc-TiC/a-C film with H/E"
>0.1 results in its improved resilient behavior which is char-
acterized by a relatively high value of the ratio H/E*
=0.24. We believe that the improved resilient behavior of
film is the right way in the development of new advanced
well lubricating, wear-resistant, and erosion-resistant coat-
ings. Again, it is necessary to underline that so far the lowest
values of u and k exhibit nc-TiC/a-C films with hardness H
ranging from ~12 to ~20 GPa only.

Also, it is worthwhile to note that ~3000 nm thick
nc-TiC/a-C films exhibit relatively low (<1.5 GPa) com-
pressive macostress o. It is favorable for the film adhesion
and is a good indicator that the measured hardness H of film
is (i) the inherent property of film material not influenced by
o and (ii) the values of H and E* measured by indentation
are correct values.

2. Effect of load of testing ball on measured value
of coefficient of friction

It is well known that the friction coefficient w of the film
depends not only on its structure and mechanical properties
but also on the material and the load L of the sliding partner
(testing ball). For instance, u of the TiC/a-C film strongly
decreases with increasing L, see Fig. 4. From this figure it is
clearly seen that the measured values of w of the same
TiC/a-C film can differ more than two times according to
the value of load L used in measurement. Therefore, u of
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different films can be compared only in the case if the films
are measured under the same load L of the testing ball.

Similar decrease in u with increasing L is reported, e.g.,
for MoS, films™ or Mo-Se—C films.” This decrease in M
with increasing L was explained using the Hertzian contact
model (smooth balls and flat substrates loaded below the
elastic limit) and is well predicted by the formula in which
woe L3 %8 Using this proportionality, the coefficient of fric-
tion u of the film measured under different load L of testing
ball can be compared.

Also, it is worthwhile to note that the measurement of u
depends not only on the material of testing ball, the velocity
of its movement, its load L, and the atmosphere selected in
the test but also on the mechanical properties of the substrate
(H,,E,); the index s denotes the substrate. Therefore, in our
study only one Si(100) substrate was used to avoid the effect
of substrate on the measured values of u and k. At high loads
L the cracking of the film occurs.”® It was found that the ratio
E*/E;=1.3 is the necessary condition to avoid the film
cracking.56

At present, it is relatively difficult and sometimes even
impossible to compare w and k of different tribological coat-
ings because not all parameters of the tribological tests are
reported in published papers. Therefore, the comparison of
the measured wu of different solid lubricating films may be
often incorrect and confusing.

IV. CONCLUSIONS

Detailed investigation of the correlations between the
x-ray structure, elemental, and phase composition of
~3000 nm thick TiC/a-C composite films, their mechanical
properties (H, E*, and W,), u, and k give a new insight on
the design of well lubricating and wear-resistant coatings.
The a-C/nc-TiC nanocomposite films with (i) the low effec-
tive Young’s modulus E* and the microhardness H
<20 GPa satisfying the condition that the ratio H/E*>0.1
and (ii) the ratio H3/E*? ranging from ~0.15 to ~0.30 ex-
hibit lowest values of w (=0.1) and k (=2
X 1077 mm?/N m).

The finding that the amorphous/nanocrystalline composite
film composed of the nc grains embedded in the amorphous
matrix exhibit low values of E* satisfying condition H/E*
>0.1 is of great scientific and practical importance. This
finding opens a new way in the formation of advanced func-
tional coatings with unique properties, and particularly in the
development of new well lubricating and well wear-resistant
protective coatings exhibiting simultaneously high hardness
and high toughness.
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Available online 18 July 2010 The paper reports on preparation of ~3000 nm thick a-C coatings containing Mo, interrelationships between

their mechanical properties, a coefficient of friction pand wear rate k and the effect of Mo content in the a-C
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values of p~0.07 and k~10~7 mm?/Nm measured with WC ball at the rotation speed v=0.05 m/s, total
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sliding length 1=1000 m and the load L=2 N.

© 2010 Elsevier B.V. All rights reserved.

1. Introduction

In recent years, a great attention was devoted to the investigation
of tribological properties of amorphous carbon (a-C) coatings
containing selected elements. For instance, the following systems
were investigated in details: a-C/Ti [1-13], a-C/W [14-17], a-C/Nb
[16,18,19], a-C/Mo [18,19], etc. These studies contain many important
relations between the physical and the tribological properties. However
the present knowledge in this field is still insufficient to define correctly
the conditions under which a-C/Me composite coatings exhibit the
lowest values of the coefficient of friction pLand the wear rate k.

Very recently, it has been shown that p and k of a-C coatings
containing a small amount of Cu [20] or Ti [21] correlates well with
mechanical properties of the composite. Particularly, correlations of p
and k with the hardness, H, the effective Young's modulus, E*, the ratios
H3/E** and H/E* and the elastic recovery W, are interesting. It was found
that a high hardness H alone is not a sufficient condition to achieve a
minimum value of pand k. The coatings with the ratio H3/E* ranging
from ~0.15 to ~0.3, H/E*>0.1 and W.>70% exhibit low values of n
(<0.1) and low values of k (<0.5x 10~ % mm>/Nm) [21,22]. Besides it,
there was shown that two-phase, amorphous coatings composed of a
small amount of nanograins (one phase) dispersed in the amorphous
matrix (second phase) and called the Dispersed Nanograins/Amorphous
Matrix (DNG/AM) nanocomposite coatings, are very elastic due to a low
value of E* at H/E* >0.1. The key advantage of the DNG/AM

* Corresponding author. Institute of Physics, Academy of Sciences of the Czech
Republic, Na Slovance 2, CZ-182 21 Praha 8, Czech Republic.
E-mail address: musil@kfy.zcu.cz (J. Musil).
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nanocomposite coatings is their resilient behaviour which allow the
development of hard and tough coatings with strongly suppressed
brittleness [22].

The aim of this article is to show that the conclusions given above are
valid also for other elements incorporated into a-C matrix. This article
reports on the mechanical and tribological properties of a-(CMo)
composite coatings.

2. Experimental

The Mo-C thin coatings were non-reactively sputtered from a
composed C/Mo target composed of C (99.99 at.%) round plate
(=100 mm) covered by Mo ring (&100 mm/J;,) fixed to the
cathode of DC unbalanced magnetron (UM) by a stainless steel fixing
ring. The content of Mo in Mo-C coatings was controlled by the inner
diameter &, of Mo ring, see Fig. 1. The Mo-C coatings were sputtered in
a pure argon onto unheated Si(100) substrates with two dimensions:
(1) 20x20x0.381 mm> for mechanical and tribological tests and
(2) 35x5x0.381 mm? for measurement of the coating macrostress o
evaluated from the substrate bending. For sputtering of Mo-C coatings
the following process parameters were used: discharge current
Iq=0.5A and 1A, substrate at a floating potential Us=Uy, argon
pressure p=1 Pa, substrate-to-target distance ds_. =60 mm with the
coating deposition rate ap ranging from 25 to 150 nm/min.

The structure of coatings was determined by X-ray diffraction (XRD)
using a Dron 4.07 diffractometer in the Bragg-Brentano configuration
with CuKoe (A =0.1541874 nm) radiation. To avoid a strong reflection
from Si substrate the asymmetrical diffraction geometry was used.
Surface morphology was determined by the high resolution scanning
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Fig. 1. Content of Mo and ratio C/Mo as a function of inner diameter &, of Mo ring at
two values of discharge current I4=0.5 (squares) and I4=1 A (triangles).

electron microscope (FE SEM) with focused ion beam (FIB) DualBeam
FEI Quanta 3D FEG. RMS roughness was meassured by the AFM Bruker
Nanos. The mechanical properties of coatings, the microhardness, H, the
effective Young's modulus, E¥, and the elastic recovery W, were
evaluated from the load vs. displacement curves determined by a
computer controlled microhardness tester Fischerscope H 100 equipped
with the Vicker's diamond indenter. The mechanical properties of the
coatings were measured at a low value of the indentor load L=30 mN to
ensure that the ratio d/h<0.1 which is a necessary condition to
eliminate the effect of the substrate on indentation measurements; here
d is the depth of the diamond tip impression and h is the thickness of
coating. The values of H, E* and we were measured with the accuracy +
10%. The coating thickness h and the macrostress o generated in the
coating during its growth were determined from the electro-mechanical
Dektak 8 Profilometer analysis. The elemental composition of coatings
was determined by X-ray fluorescence (XRF) and RBS measurements
with the accuracy + 10%. The coefficient of friction pLof all Mo-C coatings
was measured using a ball-on-disk tribometer (CSM) in ambient air
with a WC ball (& =6 mm) rotating at radius r=3 mm under the load
L=2 N at the velocity v=0.05 m/s and the sliding distance | = 1000 m
(53 052 revolutions). The wear rate k of the coatings was measured
under the same conditions as those used in the friction tests. The wear
loss, defined as the coating volume loss per the sliding distance 1, was
measured by the Dektak 8 Profilometer.

3. Results and discussion

3.1. Deposition rate, structure, surface morphology, mechanical and
tribological properties

The deposition rate ag depends on the power Py = I3Uq4 delivered to
the magnetron and the content of Mo incorporated into Mo-C coating,
see Fig. 2. The deposition rate ap decreases with increasing &;, of Mo
ring, i.e. with a decreasing amount of Mo in the coating, due to a lower
sputtering yield +y of C compared to Mo (yc=0.2, Ymo =0.9 [23]). As
expected, ap increases with increasing lq, i.e. with increasing power Py
delivered to the magnetron.

The structure of Mo-C coating strongly depends on the amount of
Mo incorporated in it. The evolution of the XRD patterns from the Mo-
C coating, sputtered at I4=0.5 with an increasing amount of Mo is
displayed in Fig. 3. The XRD patterns show that

1. The Mo-C coatings with high (>40at.%) content of Mo are
crystalline. Their phase composition gradually changes from a pure
polycrystalline Mo film containing 100 at.% Mo and characterized
with (100), (211) and (220) reflections through (Mo,C) solid
solution coatings first to well crystalline y-Mo,C/(Mo,C) composite
coatings at ~70 at.% Mo and then to nanocrystalline (nc-) 6-MoCq 75/
a-(Mo,C) composite coatings with <57 at.% Mo content.
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Fig. 2. Deposition rate aq of Mo-C films as a function of inner diameter @;,, of Mo ring at
two values of discharge current I4= 0.5 (squares) and Is=1 A (triangles).

2. Mo-C films with Mo content lower than ~28 at.% are X-ray
amorphous a-(C,Mo) films.

Both the structure and the phase composition of the coating, which
are controlled by the amount of Mo in the coating, strongly influence
properties of Mo-C films what is shown below.

Typical evolution of the surface morphology of Mo-C coatings with
increasing content of Mo is displayed in Fig. 4. This figure shows that
the surface of coating is smoothened when the content of Mo
increases. The 6-MoCy7s/a-(C,Mo) coating composed of &-MoCop 75
nanograins embedded in a-(C,Mo) matrix exhibits a lower surface
roughness compared to that of the a-(C,Mo) coating. It indicates, that
not only Mo content but also the microstructure of a-(C,Mo) coating
influences its surface roughness.

Basic mechanical properties of thin coatings are the microhardness,
H, the effective Young's modulus, E*=E/(1—1?) and the elastic
recovery We; here E is the Young's modulus and v is the Poisson's ratio.
All these three quantities — H, E* and W - are displayed as a function of
Mo content in the Mo-C coating in Fig. 5a and b, respectively. From Fig. 5
it is seen that the dependence of H and E* with increasing Mo content
in the Mo-C coating is more complicated than that of W.. The elastic
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Fig. 3. Evolution of XRD patterns from Mo-C coatings, sputtered I4=0.5 A, with
increasing content of Mo. S denotes reflection from the substrate.
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recovery W, almost continuously decreases with an increasing
amount of Mo in the coating. On the contrary, H strongly depends on
the coating crystallinity and its phase composition: (i) amorphous a-(C,
Mo) coatings exhibit the lowest hardness H~ 10 GPa, (ii) nc-6-MoCy 75/
a-(CMo) are approximately two times harder (~23 GPa) and have
almost the same H as well crystallized y-Mo,C/(Mo,C) containing ~
70 at.% Mo and (iii) (Mo,C) solid solution coatings produced at ~77 at.%
Mo exhibit much lower (~17 GPa) H approaching to that of pure
crystalline Mo coatings.

The following issues are of fundamental importance for tribological
behaviour of the coating [21]: (1) C-Mo coatings with Mo content lower
than 57 at% exhibit the ratio H/E™>0.1 and (2) the amorphous a-(C,Mo)
coatings exhibit (i) the lowest value of the effective Young's modulus
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Fig. 6. Coefficient of friction p (full symbols) and wear rate k (open symbols) as a
function of amount of Mo in C-Mo coatings sputtered at two values of discharge current
I4=0.5 A (squares) and I;=1 A (triangles).
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and (b) effective Young's modulus EX,

E*<150 GPa and (ii) the highest values of the elastic recovery We>70%.
Moreover, it is worthwhile to note that W, of coatings with Mo content
ranging from 10 to 67 at.% can be slightly increased if higher I, i.e. a more
intensive magnetron discharge, is used in sputtering of the coating.

The values of p and k of the a-(C, Mo) coating, measured at load
L=2 N in ambient air with a WC ball (d =6 mm) and sliding distance
1=1000 m, as a function of Mo content is displayed in Fig. 6. This figure
shows that both pand k strongly increase for coatings containing more
than 10 at.% Mo. This increase of p and k is caused by the change of
mechanical properties of the coating as shown below. The a-(C,Mo)
coatings exhibit a compressive macrostress o ranging from —0.6
to —1.1 GPa. No relation between the macrostress o in the a-(CMo)
coating and its tribological properties was found.

Table 1

3.2. Interrelationships between mechanical properties, coefficient of
friction and wear

Interrelationships between the p (open symbols) and k (full
symbols) and the hardness, H, and the effective Young's modulus, E¥,
of the a-(C,Mo) coatings are displayed in Fig. 7 and summarized in
Table 1. From this figure it is seen that while p is almost independent
on both H and E*, k decreases with increasing both H and E* to a
minimum value. It indicates that there is an optimum value of H at
which both p and k are minimal. More information on correlations
between y, k and H, E*, We. H/E and I—l3/E*2 are given in Table 1.

From Table 1 it is seen that (1) X-ray amorphous (XRA) coatings,
probably composed of a low amount of small nanograins of carbides
dispersed in a-C matrix, exhibit the lowest values of pLand k, (2) both p
and k decrease with increasing ratio H/E* and the decrease of k is much
stronger than the decrease of pand (3) the decrease of pand k correlates
well with increasing (i) elastic recovery W, of coating and (ii) resistance
to plastic deformation, i.e. with increasing ratio H3/E*2, but only if the
value of the effective Young's modulus E* is sufficiently low and the ratio
H/E* >0.1.The increase of H and H3/E"<2 which results in the decrease of
H/E", see for instance the coating with C/Mo = 2.5, does not ensure the
lowest values of pand k due to high values of E*, It means that there is an
optimum interval of H, E*, H3/E** which ensures that pand k of the
coating are minimal. A similar result was already found for the a-C/TiC
composite coatings [12].

3.3. Loading-unloading curves of a-(C,Mo) coatings

The loading-unloading curves determined during indentation
measurements of mechanical properties illustrate well the plastic-
elastic properties of Mo alloyed carbon coatings, see Fig. 8. Generally, the
elasticity of the coating increases when the area between loaded and
unloaded curve decreases. Fig. 8a illustrates the effect of decrease of E*
at the same value of H and Fig. 8b illustrates the effect of the decrease of
E* at different values of H on the plastic—elastic properties of the coating.
In both cases the elasticity of the coating increases with decreasing E*
and increasing H/E ™ ratio, see Table 1. The coating with the highest value
of W, exhibits the lowest values of p and k. This experiment clearly
shows that the increase of H is not a sufficient condition to reduce p.and
k of the coating. Obtained results indicate that the resilience behaviour
of the coating is of key importance for the reduction of pand k.

4. Conclusions

The article presents results of a detailed investigation of the corre-
lations between the mechanical and tribological properties of a-(C,Mo)

Mechanical and tribological properties of ~3000 nm thick coatings sputtered at I;= 0.5 A on Si(100) substrate and measured at a load L=30 mN and 2 N, respectively, as a function
of at.% Mo added in a-C and X-ray structure (XRA, crystalline). The coefficient of friction pand wear k was measured using WC ball and sliding distance 1 = 1000 m. The XRD patterns

from these coatings are displayed in Fig. 3.

C/Mo Mo[at.%] ag [nm/min] X-ray structure o [GPa] H [GPa] E* [GPa] We [%] H3/E™ [GPa] H/E* w k [10”7 mm>/Nm]
49.0 2 26.4 XRA —0.8 13.5 101 74.7 0.24 0.134 0.075 1.34
323 3 30.1 XRA —0.9 11.8 90 73.9 0.20 0.131 0.077 1.51
15.7 6 32.6 XRA —0.8 143 116 70.5 0.22 0.123 0.079 1.53
9.0 10 40.3 XRA —0.6 11.0 95 67.9 0.15 0.116 0.090 2.88
53 16 43.7 XRA —09 11.9 106 65.6 0.15 0.112 0.100 9.73
25 28 40.8 XRA —1.1 14.7 135 63.7 0.18 0.109 0.440 -
13 44 47.0 nc- —0.8 22.7 204 65.8 0.28 0.111 - -
0.7 57 58.0 nc- —0.6 24.5 238 62.6 0.26 0.102 - -
04 69 82.5 Crystalline 0.1 23.8 246 60.0 0.22 0.097 - -
03 77 80.6 nc- —0.8 16.2 181 54.1 0.13 0.090 - -

0 100 108.7 Crystalline 0.2 15.9 213 48.1 0.09 0.075 - -

The mark — denotes that pand k could not be evaluated due to partial cracking of testing coating.
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Fig. 8. Loading-unloading curves of selected a-(C,Mo) coatings: a) coatings with the
same H and b) coatings with different H. Mechanical parameters of coatings are given in
Table 1.

thin coatings non-reactively sputtered from the composite C/Mo target.
Obtained results can be summarized as follows.

1. The sputtered C coatings containing less than 28 at.% Mo are 220 X-
ray amorphous a-(C,Mo) coatings.

2. The a-(CMo) with Mo content lower than 10 at.% coatings exhibit low
(<0.1) values of the coefficient of friction pand low (<5x10~7 mm?/
Nm) values of the wear rate k.

3. The values of p and k decrease with increasing H/E™ and H3/E*
ratio. However, the H3/E*2 ratio cannot be increased unlimitedly.

74

There is an optimum interval of the ratio 1-13/E*2 which ensures that
pand k of the coating are minimum.

4. The a-(CMo) coatings with low value of E* satisfying condition H/
E*>0.12 exhibit high values of the elastic recovery W, >70%.
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3.3.1 C-I: Properties of nanocrystalline AI-Cu-O films reactively sputtered by DC pulse
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The article reports on the effect of the addition of copper in the Al;05 film on its mechanical and optical
properties. The Al-Cu-O films were reactively co-sputtered using DC pulse dual magnetron in a mix-
ture of Ar+0,. One magnetron was equipped with a pure Al target and the second magnetron with a
composed Al/Cu target. The amount of Al and Cu in the Al-Cu-O film was controlled by the length of
pulse at the Al/Cu target. The Al-Cu-O films with <16 at.% Cu were investigated in detail. The addition
of Cu in Al,03 film strongly influences its structure and mechanical properties. It is shown that (1) the

i‘lzi’(;t;fs:ed films structure of Al-Cu-O film gradually varies with increasing Cu content from y-Al, 03 at 0 at.% Cu through
Cu addition (Alg_2y,Cusy)012 nanocrystalline solid solution to CuAl,04 spinel structure, (2) the Al-Cu-0 films with
Mechanical properties >3 at.% Cu exhibit (i) relatively high hardness H increasing from ~15 GPa to ~20 GPa, (ii) enhanced elas-
Elasticity tic recovery W, increasing from ~67% to ~76% with increasing Cu content from ~5 to ~16 at.% Cu and

(iii) low values of Young's modulus E* satisfying the ratio H/E*>0.1 at >5at.% Cu, and (3) highly elastic
Al-Cu-0 films with H/E*>0.1 exhibit enhanced resistance to cracking during indentation under high

Resistance to cracking
Pulse reactive sputtering

load.

© 2011 Elsevier B.V. All rights reserved.

1. Introduction

The Al-Cu-O thin films represent a huge potential for many
new industrial applications such as p-type CuAlO, transparent
conductive oxides (TCO) [1], buffer layers for growth of films
on incompatible substrates [2], nanocomposites with enhanced
mechanical properties [3] or selective solar absorbers in solar
collectors [4]. Also, photocatalytic activity of spinel CuAl,04
nanoparticles was demonstrated [5]. Using different methods and
preparation conditions either single phase CuAl,04 [6] and CuAlO,
[7,8] compounds or Cu/Al,05 [3] and Cu/CuAl,04 [4] nanocompos-
ites were prepared.

Very often Al-Cu-O films are prepared by sputtering. Lan et al.
used RF sputtering of a ceramic CuAlO, target to investigate the
influence of the partial pressure of oxygen on electrical resistivity
and transparency of Cu-Al-0 TCO films [9]. Ong et al. used the reac-
tive co-sputtering of Al and Cu targets to prepare p-type Cu-Al-O
TCO films and investigated the effect of the Cu/Al ratio on their
properties [10]. Alkoy et al. deposited the copper oxide and copper
aluminum oxide thin films by pulsed magnetron sputtering of pow-
der targets [7]. Shy et al. prepared CuAlO, thin film by rapid thermal
annealing (RTA) of the reactively sputtered Al,03/Cu,O/sapphire

* Corresponding author. Tel.: +420 377632200; fax: +420 377632202.
E-mail address: musil@kfy.zcu.cz (J. Musil).

0169-4332/$ - see front matter © 2011 Elsevier B.V. All rights reserved.
doi:10.1016/j.apsusc.2011.10.039
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structure [8]. Tsuboi et al. investigated the effect of Cu/Al ratio
on composition and structure of reactively sputtered Cu-Al-O
films [11]. No investigation of mechanical properties of reactively
sputtered Al-Cu-0 films was, however, carried out so far. This
investigation is a subject of this article.

The aim of our study is to reactively sputter AI-Cu-0 films with
different content Cu and to investigate the effect of the addition
of Cu in the Al, 03 film on its structure, mechanical properties and
resistance to cracking during indentation under high load. The main
task of this investigation is to find out if Cu added in the Al,03 can
reduce the brittleness of Al,03 film and enhance its resistance to
cracking.

2. Experimental details

The Al-Cu-O films were reactively sputtered by a dual mag-
netron in an Ar+ 0, sputtering gas mixture. The dual magnetron
consists of two magnetically closed magnetrons with targets of
50 mm in diameter and tilted with respect to the vertical axis at
an angle of 20°. One magnetron is equipped with target made of
pure Al, the second magnetron with a composed Al/Cu target, see
Fig. 1. The Cu content in the film is controlled by the length of neg-
ative voltage pulse 74, at the Al/Cu target in the range from 8 to
32 s; the content of Cuin the film increases with increasing length
of Tajcy pulse. The dual magnetron was supplied by a floating DC
pulse power supply RMP-10 (Hiittinger Electronic, Inc.) operated
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. @50 mm
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Fig. 1. Geometry and dimensions of composed Al/Cu target used in dual magnetron.

in bipolar mode at a repetition frequency f; =25 kHz. Typical time
dependence of the discharge voltage Uy =f(t) and current I =f{t)
waveforms for tajjcy =24 ps are given in Fig. 2.

The Al-Cu-O films were deposited on Si (100) substrates
(20mm x 20 mm x 0.38 mm and 35 mm x 5mm x 0.38 mm) in the
oxide mode of sputtering. The following deposition conditions were
used: the discharge power averaged over pulse period Py, = 1.2 kW,
the substrate temperature Ts = 500 °C, the substrate bias Us = Ug, the
substrate-to-target distance ds_¢ = 110 mm, the oxygen partial pres-
sure po, = 0.2Pa and the total pressure pr = par + po, = 0.5Pa;
here Uy is the floating potential.

The thickness of the film and the macrostress o generated in it
during its growth were measured by a stylus profilometer Dektak
8. The macrostress o was evaluated from the bending of a thin Si
plate (35 mm x 5 mm x 0.38 mm) using the Stoney’s formula. The
structure of films was characterized by glancing incidence X-ray
diffraction (GIXRD) at angle of 0.75° using a PANalytical X'Pert
PRO diffractometer. The elemental composition of the films was
measured by a PANalytical X-ray fluorescence (XRF) spectrometer
MagiX PRO calibrated using results obtained from the Rutherford
Backscattering Spectroscopy (RBS) of selected samples. The accu-
racy of the measurement of the elemental composition is denoted
by error bars in Fig. 3. The surface morphology of films was inves-
tigated using scanning electron microscope FEl QUANTA 200 in the
ESEM regime enabling to study nonconducting films. Mechanical
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Fig. 3. Elemental composition of Al-Cu-O film sputtered at f; = 25 kHz as a function
of Tajjcy. Open symbols indicate elemental composition of stoichiometric Al O3 and
CuAl;04 compounds.

properties of Al-Cu-O films were determined from the load vs.
displacement curves measured by a Fischerscope H-100 micro-
hardness tester with the Vicker’s diamond indenter at the load
L=20mN. The resistance of the film to cracking was determined
by generation of cracks during penetration of the diamond inden-
ter into the film under high load L=1N [12]. The optical properties
of films, i.e. the film transparency T, index of refraction n and
the extinction coefficient k, were investigated in the visible (VIS)
and near infrared (NIR) regions between 300 and 2000 nm, using
a variable angle spectroscopic ellipsometry (VASE) using the J.A.
Woollam Co. Inc. instrument. The optical properties were evaluated
from reflections at incident angles 65°, 70° and 75°. The measured
data were fitted using the VASE software and the optical model of
the system composed of the c-Si substrate and the Al-Cu-0 layer
described by a Cauchy dispersion formula and surface roughness
layer [13].
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Fig. 2. Current I4(t) and voltage Uq(t) waveforms measured with respect to ground potential at (a) Al target and (b) Al/Cu target of dual magnetron operated at the repetition

frequency f; =25kHz, pulse period T=1/f; =40 s, 71 =16 s and tajcy =24 ps.
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Fig. 4. Evolution of GIXRD patterns from the Al-Cu-O film on Si (100) substrate
withincreasing Cu content. Reflections from CuAl, 04 and y-Al, O3 powder standards
are also given for better structure evaluation. The letter s denotes the reflection from
the substrate.

3. Results and discussion
3.1. Elemental composition

The elemental composition of Al-Cu-0O film is controlled by
the length of negative voltage pulse T c, at the Al/Cu target. The
Cu content in the Al-Cu-O film increases with increasing Taycy
and reaches ~16at.% at tajcy =32 ps, see Fig. 3. On the contrary,
the content of Al in the Al-Cu-O film decreases with increasing
Taljcu- The accuracy of measurement of the elemental composition
is (i) marked by error bars and (ii) slightly less than 4+-10%. Insuffi-
cient accuracy of our measurements is very probably a reason why
the elemental composition of the pure Al,05 film prepared in our
experiment differs from the theoretical one.

The addition of Cu in the Al,03 film, however, strongly influ-
ences its structure and thus also its properties as shown below.

3.2. Structure and phase composition

The structure of Al-Cu-O films was characterized by GIXRD
technique at the incident angle 0.75°, see Fig. 4. From this figure
it is seen that all sputtered films are nanocomposite films com-
posed of nanograins embedded in amorphous (a-) matrix. Pure
Al, 03 films are nc-y-Al,03/a-Al,03 composites characterized by
broad, low-intensity (311), (400) and (440) reflections from -
Al,03 nanograins superposed on a broad amorphous peak; more
details are given in the paper [14]. The addition of Cu in the
Al,05 film results in a gradual shift of (311), (400) and (440)
reflections of y-Al,03 phase to lower angles 26 up to positions
corresponding to (220), (311), (511) and (440) reflections of
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CuAl,04 phase. As the macrostress o in the films does not change
with increasing Cu content (see Table 1) this shift indicates that
Cu atoms are dissolved in y-Al,03 grains and the (Alg_3y,Cusy)012
nanocrystalline solid solution is formed; the formula for the solid
solution describes correctly changes in the Al-Cu-O0 film but does
not show which Cu atoms substitute for Al and which atoms are
in vacant interstitial sites. However, there are also other facts. The
intensity of y-Al,03 (4 00) reflection decreases with increasing Cu
content in the film and almost disappears at >16at.% Cu. A new
CuAl;04 (220) reflection rises at ~6at.% Cu and increases with
increasing Cu content. Also, the asymmetry of the CuAl;04 (311)
peak to higher 260 angles indicates the co-existence of CuAl,04
(311)and (Alg_3x,Cusy)017 nanograins. All these facts indicate that
the structure of Al-Cu-0 films with <10at.% Cu is very complex
and probably nc-(Alg_,y,Cusy)012/a-(Al-Cu-0) nanocomposite is
formed. The confirmation of this statement needs further and more
detailed investigation, which is not, however, the subject of this
article. More details on the formation of y-alumina films can be
found in the following papers [15-20]. The Al-Cu-O films contain-
ing >16 at.% Cu are nc-CuAl,04/a-(Al-Cu-0) nanocomposites.

Also, it is worthwhile to note that all ~2000 nm thick Al-Cu-0O
films exhibit almost the same value of the compressive macrostress
o~ —2 GPa. It indicates that changes of properties of Al-Cu-0 films
with different Cu content, particularly their mechanical properties
(H, E*) can be explained by changes of their structure.

3.3. Mechanical properties

Mechanical properties of the coating are the hardness H and the
effective Young’s modulus E*. Mechanical behavior of the coating
is characterized by the elastic recovery We, the ratio H/E* [21] and
the ratio H3/E*2 which is proportional to a resistance of the mate-
rial to plastic deformation [22]. The plastic deformation is reduced
in materials with high hardness H and low modulus E*. Therefore,
a low modulus E* is desirable as it allows the given load to be dis-
tributed over a wider area and this way increases the resistance of
the coating against cracking.

The addition of Cu in Al,03 film strongly influences its struc-
ture, elemental and phase composition and so also its mechanical
properties. Therefore, it is possible to investigate the mechani-
cal properties as a function of Cu content in the Al,03 film. The
measured dependences of H, E*, We and the ratio H/E* of sput-
tered Al-Cu-O films as a function of the Cu content are given in
Table 1 and displayed in Fig. 5. All values increase with increasing
Cu content. However, there is a great difference in a gradient of
the increase of H and E*, W, and H/E* ratio at Cu content >2 at.%.
The Al-Cu-O films with Cu content <2 at.% exhibit low values of
H~ 8 GPa and E*~ 100 GPa what corresponds well to their almost
X-ray amorphous structure [18]. The hardness H strongly increases
with increasing Cu content at >2at.% Cu. On the contrary, the
increase of E*is slower. It results in the increase of (i) the ratio
H/E*>0.1 and (ii) the elastic recovery W, > 70% what plays a deci-
sive role in enhancement of the resistance of the Al-Cu-O film to
its cracking as shown below.

3.4. Resistance of film to cracking

The resistance of the AI-Cu-0 film to cracking can be enhanced
in the case when the effective Young’s modulus E* at a given hard-
ness H is reduced and thus the applied load L is distributed over
lager area. It is achieved in the case when the ratio H/E*>0.1, the
film exhibits a high elastic recovery W, and the plastic deformation
of film is reduced. This statement can be confirmed by the gen-
eration of cracks in the film during a penetration of the diamond
indenter into it under a high load L.
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Table 1

1765

Hardness H, effective Young’s modulus E*, elastic recovery We, H/E* and H3|E*2 ratio of the Al-Cu-O films with different Cu content and macrostress o generated in them

during sputtering. All values were measured at the diamond indenter load L=20 mN.

Film Cu (at.%) h (nm) H (GPa) E* (GPa) We (%) H/E* H?[E*? (GPa) o (GPa)
1 16.0 3080 20.1 151 76.0 0.133 0.36 -1.79
2 9.7 2070 18.5 143 74.8 0.129 0.31 -2.20
3 6.2 2020 16.7 135 71.0 0.124 0.26 224
4 49 1990 16.2 134 70.1 0.121 0.24 -2.15
5 3.3 1900 14.5 130 66.6 0.112 0.18 -2.32
6 2.0 1930 10.0 111 57.5 0.090 0.08 223
7 1.7 2080 8.3 98 53.6 0.085 0.06 -1.80
8 0.0 2520 7.3 100 49.4 0.073 0.04 -0.40
h is the thickness of film.
(a) The film cracking induced by the diamond impression under
H 225 225 E* high load L was investigated in detail in [12]. It was shown that
L the resistance of the film to cracking depends on many parameters,
[GPa] 20.0 /.——'U _'200 [GPa] particularly on the hardness H, effective Young’s modulus E* of both
175 _— H L 175 the film and the substrate, the H¢/E¢* and HsEs™ ratio, the thickness
15.0 E/:“'D DR [ 150 h of film and the macrostress o in it; here the index f and s denotes
_._..—-——- L the film and the substrate, respectively. This way it is possible to
12.5 i 125 find correlations between the mechanical properties of the film and
10.0 - - 100 its resistance to cracking. The resistance of the Al-Cu-O film to
7510 [ 75 cracking was tested by indentation at high load L=1 N. The results
s of this test are summarized in Fig. 6.
5.0 [P 50 Fig. 6illustrates the effect of the amount of Cuadded in the Al;03
2.5 - 25 film on its cracking during loading by the diamond indenter. It is
iy " 0 seen that only the pure Al,03 film and the Al-Cu-0 film with 2 at.%
0.0 25 50 7.5 10.0 12.5 15.0 17.5 Cu exhibit clear radial cracks. No cracks are formed in the films with
a higher (>2 at.%) Cu content. It indicates that the incorporation of
(b) Cu [at.%)] Cu in Al,03 enhances the resistance of Al-Cu-O to cracking. How-
H/E* W ever, the amount of Cu incorporated in the film has to overpass a
_'90 e critical value what ensures that the film is (i) highly elastic (high
-80  [%] We >60%) and (ii) well resistant to plastic deformation (H/E* > 0.1,
.-—-""—_. [ 70 H3/E*2>0.1). As seen in Table 1 high values of We and H/E* are main
: parameters characterizing films with enhanced resistance to crack-
_l:l,_...---l:l—--—"‘t| _‘60 ing. These requirements meet the nc-(Alg_y,Cuszy)012/a-(Al-Cu-0)
-50 composite films with >2 at.% Cu.
"""""""""""""""""" '_40 Besides high values of H/E*>0.1 and W.>60% an impor-
: tant role in the resistance of the film to cracking plays also
_'30 the macrostress o generated in it during its growth [12]. The
L 20 effect of o on the resistance of Al-Cu-O films to cracking is
[ 10 illustrated in Fig. 7. The macrostress o was controlled by the
] L total pressure pr = par +Po, of sputtering Ar+0, gas mixture.
0-000 5 2-5 5-0 7-5 16 0 12- B 15; 0 17- 50 As expected, the film sputtered at lower value of pr exhibits a

Cu [at.%]

Fig. 5. (a) Hardness H and effective Young’s modulus E* and (b) elastic recovery We
and H/E* ratio of Al-Cu-O film as a function of Cu content.

higher o. The nc-(Alg_oy,Cusy)012/a-(Al-Cu-0) composite films
with higher compressive stress ¢ exhibits no cracks. On the con-
trary, nc-(Alg_»x,Cuszy)012/a-(Al-Cu-0) composite films with the
same content of Cu and lower macrostress o exhibit clear radial
cracks. This fact indicates that a higher compressive macrostress

Content Cu in at.%

2.0

3.3

9.7

c)

d) e)

Fig. 6. SEM images of diamond indenter impression into (a) nc-(y-Al,03)/a-Al;03 and (b)-(d) nc-(Alg_2x,Cusx)012/a-(Al-Cu-0) composite films created under load L=1N.

Mechanical properties of these films are given in Table 1.
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o =-2.2 GPa

c=-1.5GPa

a)

b)

Fig. 7. SEM images of diamond indenter impression into nc-(Alg_2x,Cusy )01z /a-(Al-Cu-0) composite films with almost the same (~6.4 at.%) Cu content but with (a) high
o0 =-2.2GPa and (b) low ¢ = —1.5 GPa compressive macrostress formed under load L=1N. Mechanical properties of these films are given in Table 2.

Table 2

Hardness H, effective Young’s modulus E*, elastic recovery We, H/E* and H? |[E*2 ratio of nc-(Alg_x,Cusy )012/a-(Al-Cu-0) composite films with different macrostress o generated
in them during sputtering. All values were measured at the diamond indenter load L=20 mN.

Film pr (Pa) Cu (at.%) h (nm) H (GPa) E* (GPa) We (%) HJE* H3/E*2 (GPa) o (GPa)
3 0.5 6.2 2020 16.7 135 71.0 0.124 0.26 —2.24
9 1.5 6.5 1850 19.4 170 70.0 0.114 0.25 -1.50

helps to close cracks in the film after de-loading of diamond inden-
ter. Table 2 shows that both films exhibit almost the same values of
We and H3/E*2 (resistance to plastic deformation) but very differ-
ent values of E* and H/E*. It indicates that a greater role of the H/E*
ratio compared to the H3/E*2 ratio in determination of resistance
of film to cracking. The nc-(Alg_»x,Cusy)012/a-(Al-Cu-0) compos-
ite film with higher H/E* and lower E* exhibits no cracks. It is very
probable that the lowest absolute value of E* is a key parameter
which decides about resistance of the film to cracking. This ques-
tion needs a special investigation which is not, however, the target
of this paper.

3.5. Optical properties

The transmittance T, index of refraction n and extinction coef-
ficient k of the Al-Cu-O films with different Cu content were

T 100
[%]
804

60+

40 -

204

16.0 at. % of Cu

0 * T * L] o T o T T
300 400 500 600 700 800
A [nm]

Fig. 8. Transmittance T of Al-Cu-O films containing different amount of Cu
deposited on microscopic glass substrates vs. wavelength XA of the incident elec-
tromagnetic wave.
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measured in detail, see Figs. 8 and 9. Fig. 8 displays T as a function
of the wavelength X. This experiment clearly shows that the trans-
parency T of the Al-Cu-O films strongly decreases with increasing
Cu content and the films with >16 at.% Cu are opaque. Fig. 9 displays
the evolution of the index of refraction n and the extinction coeffi-
cient k measured at A =550 nm as a function of Cu content; to see
correlations with mechanical properties the hardness H of Al-Cu-0
films is also displayed. All three quantities n and k and H increase
with increasing at.% Cu. Increase of H is due to the change of the
structure of nanocrystals from vy-Al,03 through (Alg_x,Cusy)O12
to CuAl, 0y, see Fig. 4.

The index of refraction n=1.53 of pure Al,05 film corresponds
to that already reported for the Al,05 film by Vitanov [23]. The
n=1.96 of the film with the highest Cu content can be consid-
ered as the refractive index of the nanocrystalline CuAl,04 phase

H n k
[GPa]
204 20- 0.1
18 . H
16] 18- —&

] A/——D
14'. 1n 0.01
124 1.6 K
10

8-'14,-4'
L/

o N O
M|
-
%]

1

— 17—~ 1E-4
50 7.5 10.0 125 15.0
Cu [at. %]

Fig.9. Index of refraction n and extinction coefficient k measured at A =550 nm and
hardness H of Al-Cu-0 film as a function of Cu content.
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(see the elemental composition in Fig. 3). The extinction coeffi-
cient k increasing with increasing Cu content can be explained by
increasing number of electronic states (localized on Cu atoms)
around the Fermi level: note the y-Al,03 band gap >6eV [23] and
the CuAl,04 band gap of 2.1 eV [24]. Also, it is worthwhile to note
that a loss of the Al-Cu-0 film transparency Tat >10 at.% Cu content
in the film is compensated by the increase of its hardness H up to
18-20 GPa and increased resistance to cracking as shown in section
3.4 due to increase of (i) elastic recovery Wk, (ii) ratio H/E* and (iii)
the H3/E*2 characterizing the film resistance to plastic deformation.
Therefore, we can conclude that the amount of Cu added in Al,03
film is very efficient tool for the control of structure, physical and
functional properties of the AlI-Cu-O films.

4. Conclusions

Main results of our study of the effect of Cu addition in the
Al,05 film reactively sputtered by the DC pulse dual magnetron
sputtering on its structure and properties can be summarized as
follows:

1. The Al-Cu-O films with <16at.% Cu are nanocomposite films
composed of nanograins embedded in a-(Al-Cu-O) matrix.
The structure of nanograins continuously varies from y-Al,03
through (Alg_»x, Cusy )01, to CuAl,04. Changes in the film struc-
ture strongly influence its properties.

2. The addition of Cu in the Al,03 film strongly increases its hard-
ness H. However, the effective Young's modulus E* strongly
increases for <3.5 at.% only and thus these Al-Cu-O films exhibit
the ratio H/E* < 0.1. The increase of E*is strongly slowed down in
the Al-Cu-O films with >3.5 at.% and it results in increase of (i)
the ratio H/E*>0.1, (ii) the elastic recovery W, >70% and (iii)
resistance of the film to cracking.

3. The Al-Cu-O films containing ~16 at.% Cu have high hardness
H~20GPa, low Young’s modulus E*~ 150 GPa, very high elas-
tic recovery W, =77% and exhibit the enhanced resistance to
cracking due to high ratio H/E*>0.1.

4. The film resistance to cracking was determined using the inden-
tation test, i.e. it was assessed from (i) cracks created by the
diamond indenter at a high load L=1N and (ii) correlations
between cracking and H, E*, W and H/E* of the Al-Cu-O
film.

5. The amount of Cu added in the Al,05 film is an efficient tool for
controlling of the structure, mechanical and optical properties
of the Al-Cu-0 film.
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The article reports on structure, transparency and mechanical properties of Zr-Al-O oxide thin films with
Zr/Al>1 produced by reactive DC pulse dual magnetron sputtering. Special attention is devoted to the forma-
tion of transparent Zr-Al-0 oxide films in the transition mode of sputtering and their unique properties. It is
shown that (i) the transparent Zr-Al-O films can be deposited in the transition mode of sputtering with a
high deposition rate ap achieving up to 80 nm/min at relatively low value of the magnetron target power
density W ~45 W/cm?, (ii) the Zr-Al-0 films sputtered in the transition and oxides mode of sputtering
are highly elastic and exhibit relatively high hardness (typically H~18 to 19 GPa), low effective Young's
modulus E* satisfying the ratio H/E*>0.1 and high elastic recovery W, up to 78%, and highly elastic Zr-Al-
0 oxide films with H/E*>O.1 exhibit an enhanced resistance to cracking.

© 2011 Elsevier B.V. All rights reserved.

1. Introduction

It is well known that oxide films can be easily prepared in the
oxide mode (OM) of sputtering [1-5]. However, the main problem
of this preparation is an extremely low deposition rate ap=ap i
owm- Therefore, a huge effort is concentrated on the deposition of stoi-
chiometric, highly transparent oxide films in the transition mode
(TM) of sputtering where these films can be prepared at much higher
deposition rate ap i, TM>ap in om [6-14]. This article demonstrates
not only a possibility of a high-rate deposition of the transparent
Zr-Al-0 oxide films in the transition mode of sputtering but also
their unique properties characterized by a relatively high hardness
H ranging from ~18 to ~19 GPa, high hardness H to the effective
Young's modulus E* ratio H/E*>0.1 and high value of the elastic re-
covery W.>70%; here E*=E/(1—v?), E is the Young's modulus
and v is the Poisson's ratio. The Zr-Al-0 films with H/E*>O.1 and
W, >70% exhibit enhanced resistance to cracking.

2. Experimental

The Zr-Al-0O thin films were reactively sputtered in an Ar+ O,
mixture using a dual magnetron equipped with a composed ZrAl tar-
gets (& =50 mm) consisting of Al circular plate (99.99 at.%) fixed
with a Zr (99.9) ring of inner diameter @, =20 mm and closed
magnetic field B. This geometrical arrangement of composite target
made possible to form Zr-Al-0 films with the ratio Zr/Al>1. The

* Corresponding author.
E-mail address: musil@kfy.zcu.cz (J. Musil).
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magnetron was operated in ac pulse mode generated by a pulse
power supply DORA MSS-10 with an output power 10 kW (made by
DORA Electronics in Poland). The repetition frequency f; of pulses
was 2 kHz and the ac frequency inside pulses was 56 kHz. The magne-
tron discharge current Iy was controlled by the duty cycle T/T; here T
is the length of pulse and T= 1/, is the repetition frequency of pulses.
The Zr-Al-O films were sputtered under the following conditions:
discharge current Iq;=2 A averaged over the pulse period T, sub-
strate bias voltage Us=Ug, substrate temperature T,=500°C,
substrate-to-target distance ds_ =80 mm, variable values of the
partial pressure of oxygen po, and constant value of the total pressure
Pr=DPar+ Po,= 1 Pa; here Uy is the floating potential.

The film thickness h was measured using a stylus profilometer
DEKTAK 8. The film structure was characterized using an XRD spec-
trometer PANalytical X Pert PRO in Bragg-Brentano configuration
with CuKa radiation. The elemental composition was determined
by X-ray Fluorescence (XRF) spectroscopy with PANalytical XRF Spec-
trometer MagiX PRO. Mechanical properties were determined from
load vs. displacement curves measured by a microhardness tester
Fischerscope H100 with a Vicker's diamond indenter at a load
L=10 mN. For all sputtered films the ratio d/h of diamond depth
impression d to the film thickness h was less than 0.1. The ratio d/h
for the most soft film was 0.1. It indicates that the measured hardness
H of our films is not influenced by the substrate. The transparency of
Zr-Al-O0 films was measured in the range from 300 to 800 nm using a
spectrometer Specord M400. The resistance of the film to cracking
was investigated in a bending test. The principle of the bending test
is shown in Fig. 1. The film was deposited on a Mo strip
(80x15x0.1 mm?) and the coated strip was bended up to its crack-
ing in a bending apparatus.
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Fig. 1. (a) Schematic illustration of bending test used to induce cracks in film deposited on
metallic strip. @y and Ty are the diameters of moving and fixed cylinder, respectively.

3. Results and discussion
3.1. Reactive sputtering of transparent oxide film in transition mode

The evolution of the partial pressure of oxygen po, and the film
deposition rate ap, measured in the reactive magnetron sputtering
of Zr-Al-0 films from composed AlZr targets, with increasing flow
rate of oxygen ¢, are displayed in Fig. 2. As expected, in the metallic
mode (MM) of sputtering po, is zero =0 because all oxygen is sorbed
by sputtered Zr and Al atoms. In the transition mode po, gradually in-
creases with increasing ¢o, because (1) the surface of metallic targets
are rapidly covered by an oxide, (2) the sputtering of atoms from targets
is reduced due to the decrease of sputtering yield (Ya>Yz:>Yzr-a1-0)
and (3) all surfaces in the deposition chamber made of stainless steel
are already oxidized and the excess of oxygen occurs. Despite the last

a
Po, 1.0
[Pa]
' 0.8
0.6
0.4
0.2
metallic mode A 4
0.04 —— 24A->A3 .
0 2 4 6 8 14
d;oz[sccm]
b
ap IL1
[nm/min] 200 ———u__ 2 3
A O0—a0
150
4
a

100+ 5/
u}
501 6/

¢02[sccm]

Fig. 2. Evolution of (a) po, in deposition chamber and (b) ap of Zr-Al-O films sputtered
atTs=500°C, Iga=2 A, Us=Up, ds _ =80 mm and pr= par + po, = 1 Pa as a function of
flow rate of oxygen &o,.
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fact, a sufficient amount of the atomic oxygen No has not been available
to form with sputtered Zr and Al atoms stoichiometric fully transparent
oxide films in the whole region of TM. The amount of Np generated in
the magnetron discharge depends on (i) the degree of ionization of
the oxygen gas, i.e. on the intensity of the magnetron discharge, and
(ii) on the amount of oxygen, i.e. on the oxygen flow rate ¢o,, intro-
duced in the deposition chamber. In our case fully transparent Zr-
Al-O films sputtered in the TM of sputtering are formed at
$o,<5.5 sccm, see Table 1 and Fig. 3. The transparency of the Zr-Al-O
films sputtered in the OM of sputtering is very similar to that of films
sputtered in the TM of sputtering; transparency curves of films sputtered
in TM and OM of sputtering are overlapping. It indicates that in our case
the deposition rate ap of transparent films almost does not influence
their transparency.

3.2. Transparency of Zr-Al-0 films

The measured transparency T of the Zr-Al-0 films sputtered on a
glass substrate is displayed in Fig. 3. From this figure it is seen that
the film transparency decreases when po, decreases and the operating
point on the curve po, = f(do,) approaches to the MM of sputtering —
compare the transparency T of the film no. 5 with that of the film no. 4.
It is due to the excess of (Al 4 Zr) metal atoms and the deficiency O
atoms needed to form stoichiometric Al,O5 and ZrO, oxides. At first,
the Al,O3; oxide is formed because of a higher negative enthalpy
AHap,03 = — 1678.2 kJ/mol of the Al,05 oxide compared to the enthal-
py AHz;0,= —1101.3 k]/mol of the ZrO, oxide.

3.3. Structure of Zr-Al-0 films

The structure of sputtered Zr-Al-O films strongly depends on the
partial pressure of oxygen po, and the film deposition rate ap, see
Fig. 4. The films deposited in the metallic mode (MM) of sputtering
at very low (<0.01 Pa) value of po, are two-phase nc-/a- composites:
nc-h-Zr(101)/a-Al,03 composite films; here nc- and a- are the nano-
crystalline and amorphous phases, respectively, and h is hexagonal
phase. All available atomic oxygen O is bonded to Al and as the result
a-Al,03 phase is formed. Films produced at po, ranging from ~0.02 to
~0.06 Pa are two-phase a-/a- composites, i.e. a-ZrO,/a-Al,03 amor-
phous composite films, because the energy Wedelivered to the growing
film in this region of po, is insufficient to form a crystalline ZrO, phase.
The energy W¢ delivered to the growing films held on a floating poten-
tial is very roughly proportional to the energy Wy delivered to the mag-
netron discharge. Under this assumption however, the energy Ws
gradually increases with increasing po, and at po,>0.1 Pa when the en-
ergy W is already sufficient for the crystallization of the ZrO, phase,
nc-/a- composites, i.e. nc-t-Zr0O,(101)/a-Al,03 composite films, com-
posed of one crystalline and one amorphous phase are formed; here t-
is the tetragonal phase. We believe that the nc-t-ZrO,/a-Al,03; compos-
ite films are composed of ZrO, grains surrounded by the amorphous
Al,O3 phase. These composite films are highly elastic and exhibit a
high resistance to cracking.

3.4. Mechanical properties of Zr-Al-0 films

The measured mechanical properties of the coating are its hardness
H and the effective the effective Young's modulus E* = E/(1 —v?); here
E is the Young's modulus and v is the Poisson's ratio. Mechanical
behavior of the coating is characterized by the elastic recovery W,, the
ratio H/E® [15] and the ratio H3/E*2 [16] which is proportional to a
resistance of the material to plastic deformation [17]. The plastic
deformation is significantly reduced in materials with high hardness H
and low modulus E*, This means that a low modulus E* is very desirable
as it allows the given load to be distributed over a wider area and to in-
crease the resistance of coating against cracking.
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Table 1

Deposition conditions used in formation of Zr-Al-0 films, their (i) deposition rate ap at the substrate-to-target distance ds =80 mm, (ii) optical transparency, and the power P
and the energy Wy delivered to the magnetron discharge. Constant deposition conditions: Is;=2 A, T, = 500°C, pr = par+ Po, =1 Pa.

Film no. bo, Po, Mode P.y ap ap/Pay tp Wy h Transparency
[sccm] [Pa] [kW] [nm/min] [nm/min kW] [min] 1l [nm]

1 0.0 0.00 MM 222 208 94 6 133 1250 Opaque

2 6.0 0.01 MM 2.06 190 92 10 20.6 1900 Opaque

3 7.0 0.03 MM 2.02 190 94 10 20.2 1900 Opaque

4 6.3 0.06 ™ 1.90 123 65 13 24.7 1600 Semi-transparent

5 55 0.10 ™ 1.80 80 44 20 36.0 1600 Transparent

6 4.7 0.15 ™ 1.62 37 23 30 48.6 1100 Transparent

7 4.4 0.20 ™ 1.46 18 12 60 87.6 1100 Transparent

8 5.1 0.30 OM 135 4 3 120 162.0 1000 Transparent

9 13.1 1.00 oM 1.80 3 2 480 864.0 1350 Transparent
MM, TM and OM denote the metallic, transition and oxide mode of sputtering, respectively. P,, is the power averaged over pulse period T=1/f..

The measured dependences of H, E* and W, as a function of partial
pressure of oxygen po, are displayed in Fig. 5. In this figure also the
ratio H/E™, calculated from measured values of H and E*, is given and
intervals po, corresponding to MM, TM and OM of sputtering are clear-
ly denoted. From Fig. 5 it is seen that all quantities (H, E*, W,) includ-
ing the ratio H/E" increase with increasing Po, and reach a maximum
in the TM of sputtering. This increase of H and E* is connected with
(i) the reduction of the amount of free Zr; atoms in the coating,
(ii) the gradual conversion of the three-phase a-Al,Os3 + a-Zr;0,/Zr;
composite first to the two-phase a-ZrO,/a-Al,0; composite composed
of two amorphous phases and later to the c-ZrO,/a-Al,03 composite
composed of one crystalline and one amorphous phase at po,~0.1 Pa
and (iii) the formation of harder c-ZrO, phase substituting the softer

T 100,
[%]

80 1

60_

40

20 1

300 400 500 600 700 800
A [nm]
Fig. 3. Transmittance T of Zr-Al-O films deposited at different values of ¢, on micro-

scopic glass substrates vs. wavelength \ of the incident electromagnetic wave. Numbers
of individual curves correspond to the films defined in Table 1.
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Fig. 4. Evolution of the structure of Zr-Al-O films with increasing partial pressure of
oxygen po, and decreasing deposition rate ap of film.
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a-ZrO, phase; here Zr =Zr, + Zr, is the total amount of Zr in the film,
Zry are atoms forming Zr;0, oxide and Zr, are free atoms.

The most important finding is, however, the fact that the ratio
H/E*, which increases with increasing Po,, exceeds the value 0.1
approximately at po,~0.1 Pa and is greater than 0.1 at pp,>0.1. The
films with H/E*>0.1 exhibit unique property — in our case the high
elasticity characterized by a high value of elastic recovery W.. Fig. 5
clearly shows a step increase of the elastic recovery W, of films, pro-
duced already in a high-pressure part of the TM and the whole OM
of sputtering, from ~55 to ~77% with the ratio H/E® increasing above
0.1; the film elasticity increases by ~40%, see Table 2. This increase of
W, is due to a low value of E* and results in a dramatic increase of
the resistance of films with H/E*>0.1 against cracking, see Fig. 5.

3.5. Resistance against cracking of Zr-Al-0 film during its bending

The resistance of the film to cracking was investigated by its bend-
ing along a cylinder (& =25 mm). For this test the Zr-Al-O film was
deposited on Mo strip (80x15x0.1 mm?). The formation of cracks
in film during bending the film/substrate couple is illustrated in
Fig. 6. In this figure the surface morphology of (i) Mo strip prior to
film deposition, (ii) as-deposited 3300 nm thick Zr-Al-O film with
low hardness H=7.1 GPa, low ratio H/E*=0.06 and low W, = 44%
and (iii) film morphology after bending the film/substrate couple to
angle o = 30° are compared. Cracks created in the film during bending
are clearly seen. It means that bending test can be used to assess the
resistance of the film against cracking.

H/E*<0.1 H/E*>0.1
mode of sputtering
MM‘; ™ 5 oM W, %)
I We 480
Yy ——
; i lincrease of film elasticity
E*[GPa] H[GPa]-it----- - HET {60
200 + 20
J a0
150 - 157
420
100 4 10 -
0T o3 do

Fig. 5. Evolution of H, EY, We, H/E* of Zr-Al-0 films with increasing partial pressure of
oxygen po, used in their sputtering at Ts = 500°C, I =2 A, Us = Ug, ds _ (=80 mm and
Pr=DPar+Po,=1Pa.
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Table 2
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Deposition conditions, thickness h, deposition rate ap, elemental composition, mechanical properties (H, E*, H/EY, We) of Zr-Al-0 films with Zr/Al>1 sputtered in different modes
of sputtering at the substrate-to-target distance d _ ;=80 mm and formation of cracks in bending as a function of ¢, and po,. Constant deposition conditions: I4; =2 A, T;=500°C,

pr=par+po,=1Pa.

Filmno. bo, Po, Mode h ap 7r Al 0 H E* H/E* We Cracks at o
[scem] [Pa] [nm] [nm/min] [at.%] [at.%] [at.%] [GPa] [GPa] [%]
1 0 0 MM 1250 208 51 37 12 11 137 0.08 60 35°
2 6 0.01 MM 1900 190 46 30 24 104 133 0.08 47 35°
3 7 0.025 MM 1900 190 32 18 50 124 146 0.085 55 40°
4 6.3 0.055 ™ 1600 123 19 11 70 134 155 0.086 58 40°
5 5.5 0.1 ™ 1600 80 19 10 71 19.3 163 0.118 74 No?*
6 4.7 0.15 ™ 1100 37 19 8 73 184 152 0.121 77 No?
7 4.4 0.2 ™ 1100 183 20 7 73 183 150 0.122 78 No?*
8 5.1 03 oM 1000 42 20 7 73 183 151 0.121 77 No*
9 13.1 1.0 OM 1350 2.8 24 1 75 15.1 142 0.106 73 No?
MM, TM and OM denote the metallic, transition and oxide mode of sputtering, respectively.
2 Means no cracks up to bending angle oc = 180°.
Surface of
ter bendi =30°
film: after bending to a. =30

Mo strip prior to film deposition as-deposited on Mo strip cracks perpendicular to direction of bending

a b c

[—T T}

m
0.1

9
0x.

direction of bénding
b o

100,0um:

Fig. 6. Surface morphology of (a) Mo strip prior to film deposition, (ii) as-deposited 3300 nm thick Zr-Al-O film with low hardness H=7.1 GPa, low ratio H/E*=0.06 and low
W, =44% and (iii) film morphology after bending the film/substrate couple along steel cylinder of diameter @ = 25 mm to angle o = 30°. Photos were in back scattering electrons

(BSE) mode.

Results of bending tests are summarized in Table 2. From Table 2 it
is seen that the resistance of film to cracking depends on the ratio
H/E* and the elastic recovery We. It was found that highly elastic
films with high ratio H/E*>0.1 and high W.>70% are more resistant
to cracking compared to films with low ratio H/E*<0.1 and low
W,.<70%. It is due to the fact that the material with H/E*>O.1, which
exhibits a lower value of E* at a given hardness H, is much more elastic
compared to the film with H/E*<0.1, distributes the applied load over
a wider area and this way strongly increases the resistance of the coat-
ing against cracking. The films with low E*, high ratio H/E*>0.1 and
high W,.>70% exhibit no cracks even after bending at cc=180°. This
finding is of great importance for many applications.

4. Conclusions

Main results of our study of reactive sputtering of the Zr-Al-O com-
posite films with Zr/Al>1 by DC pulse dual magnetron equipped with
composed Al/Zr targets in a mixture of Ar+ O, and their properties
can be summarized as follows.

1. Transparent Zr-Al-O films can be deposited in the TM of sputtering
with up to more than one order of magnitude higher deposition rate
compared with that of transparent Zr-Al-O films deposited in the
OM of sputtering, i.e. ap in TM>ap in om- Transparent Zr-Al-0 films
sputtered in the TM of sputtering are crystalline with a strong
t-Zr0O,(101) preferred crystallographic orientation.

2. Transparent Zr-Al-O films sputtered in TM of sputtering exhibit rel-
atively high hardness H=18-19 GPa, low effective Young's modulus
E* satisfying the ratio H/E*>0.1 and high value of elastic recovery
We>70%.
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3. Transparent Zr-Al-O films with H=18-19 GPa, H/E*>0.1 and
W,>70% exhibit strongly enhanced resistance to cracking in bend-
ing. No cracks occur in ~1600 nm thick Zr-Al-0O film deposited on
Mo strip after bending along a SS cylinder of diameter 25 mm even
at angle oo =180".

4. Hard coatings with low E* can be based not only on oxides as shown
in this article but also on nitrides [18], carbides [19] and other
compounds.
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The article reports on dc pulsed reactive sputtering of two-phase single layer Al-O-N nanocomposite films using
dual magnetron in a mixture of N, + O, with pulsed inlet of oxygen. Two kinds of nanocomposite films were
sputtered: (1) nc-AIN/a-(Al-O-N) film and (2) nc-(y-Al,03)/a-(Al-O-N) nanocomposite film; here nc- and a-
denotes the nanocrystalline and amorphous phase, respectively. The transition from the nc-AIN/a-(Al-O-N)
nanocomposite to the nc-(y-Al,03)/a-(Al-O-N) nanocomposite was controlled by the length of the period of
oxygen pulses To,. It was found that both nanocomposites are highly elastic films with relatively high
hardness H= 15 to 20 GPa, low effective Young's modulus E* satisfying the condition that the ratio H/E* >0.1,
high elastic recovery W.>60% and high resistance to cracking in bending. Correlations between the film
structure and its mechanical properties are discussed in detail.

© 2012 Elsevier B.V. All rights reserved.

1. Introduction

AION is the aluminium oxynitride spinel ceramic material which
exhibits technologically interesting physical properties, particularly
optical, mechanical and thermal properties [1-7]. These properties
of the Al-O-N material such as thermal, chemical and mechanical
stability, refractive index, band-gap, transparency can be controlled
and optimized by its elemental composition. Therefore, the Al-O-N
material is successfully used in many applications, for instance, as
transparent armor, military aircraft and missile domes, IR and laser
windows, etc. The Al-O-N is produced not only as a bulk material [1,2]
but also as thin films and coatings [3-7]. The Al-O-N thin films are used
for optical applications, optoelectronic and microelectronic devices,
the Al-O-N coatings as protective coatings against wear, diffusion and
corrosion [3].

The Al-O-N material is a very complex system and not all correla-
tions between the mechanical and optical properties and its elemental
and phase composition were found. Our study is concentrated on a
systematic investigation of the mechanical properties of the Al-O-N
coatings only. For enhancement of the mechanical properties of the
Al-O-N coating is very important in the relation between its hardness
H and the effective Young's modulus E* because the ratio H/E™ makes
it possible to assess a toughness of the coating by measurement of
a resistance of the coating to cracking; here E*=E/(1—v?), E is
the Young's modulus and v is the Poisson's ratio. A formation of
hard coatings with enhanced toughness is now a new task in the
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development of new generation of hard coatings [8-12]. No such
investigation was performed so far. Up to now, an attention was
devoted mainly to the increase of H of the AION material by its
incorporation in nanomultilayers, e.g. ZrN/AION [5], VN/AION [6].

A simple way on how to increase the hardness H of the Al-O-N
coating is to control its structure. Therefore, a main attention in our
study was concentrated on the structure, hardness H, effective Young's
modulus E, elastic recovery W, of the Al-O-N coating and the relation
between the ratio H/E™ and the cracking of the coating during bending.
The Al-O-N coating is a two-phase nc-grains/a-matrix nanocomposite
composed of nanocrystalline grains embedded in the amorphous
matrix. H and E* of the Al-O-N coating is determined by its structure
which is controlled by the relative content of the nanocrystalline and
amorphous phase.

This article reports on new single-layer nc-AlN/a-(Al-O-N) and
nc-(y-Al;03)/a-(Al-O-N) two-phase composite thin films composed
of either AIN or Al,03 nanograins embedded in an X-ray amorphous
(Al-O-N) matrix which were reactively sputtered by DC pulsed dual
magnetron in a mixture of N, + O, gases. The main aim of this inves-
tigation is to determine the mechanical properties (the hardness
H and the effective Young's modulus E*) and mechanical behavior
(the elastic recovery W, and the ratio H/E*) of these nitride/oxide
and oxide/oxide nanocomposite films and to find conditions under
which the hard Al-O-N nanocomposite films resistant to cracking in
bending can be formed.

2. Experimental

The Al-O-N films were reactively sputtered using a DC pulsed dual
magnetron, operated in a bipolar mode and equipped with Al targets
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Fig. 1. (a) Schematic illustration of bending test used to create cracks in the film
deposited on a metallic strip. @ and Q. is the diameter of moving and fixed cylinder,
respectively.

(@ =50 mm), in a mixture N, 4+ O, gases. During the film deposition
the nitrogen N, gas was introduced continuously and the O, gas in
pulses into the deposition chamber. The pulsing of oxygen enabled to
form AIN nanocrystals due to lower affinity of N to Al (the formation
enthalpy of the AIN nitride AHa;y = —318.6 kJ/mol [13]) compared to
that of O to Al (AHap03 = — 1678.2 kJ/mol [13]). The AIN nanocrystals
were embedded in the amorphous Al,03; matrix and the nc-AlN/a-
Al,03 nitride/oxide nanocomposite film was formed.

The dual magnetron was supplied by an Advanced Energy pulsed
power supply at a repetition frequency f,=100 kHz, the magnetron
current I4; =3 A averaged over the pulse period T=1/f; and the duty
cycle T/T=0.5 in bipolar mode; here 7 is the length of the magnetron
pulse. The pumping speed v of the deposition chamber is approximately
33 1/s. The sputtering process was carried out as follows. At first, prior
to the magnetron discharge ignition Ar gas was introduced in the
deposition chamber at a flow rate ¢ = 20 sccm. Then, the discharge
was started and held at the argon pressure pa,= 1 Pa. Then the argon
was fully replaced with nitrogen and held at the pressure py,=1Pa
with a flow rate ¢y, =27 sccm. The oxygen was introduced in pulses
with the oxygen pulse-on time To, =2 s and the repetition frequency
fi 02=1/Toy increasing with increasing oxygen flow rate ¢o, from
0 (pure nitride film) to 5 sccm (pure oxide film); here To, is the period
of oxygen pulses. The oxygen pulse-on time To, =2 s was kept con-
stant. Films were deposited on a floating substrate, i.e. at the substrate
bias Us = Ug, two values of the substrate temperature Ts = RT (unheated
substrates) and T;=500 °C, the substrate-to-target distance ds.=
100 mm and the partial pressure of nitrogen pn2 =1 Pa; here Ug is the
floating potential and RT is the room temperature. The Si(100) plates
(20x20x0.3 mm?> for XRD measurements and 30x5x0.3 mm? for
the measurement of a macrostress o in the film), microscopic glass
(25x25x 1 mm? for the measurement of an optical transparency) and
Mo strips (80 % 15x 0.1 mm? for the measurement of a resistance of the
film to cracking) were used as substrates.

T =RT
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The film thickness h was measured using a stylus profilometer
DEKTAK 8. The film structure was characterized using an XRD spec-
trometer PANalytical X Pert PRO in Bragg-Brentano configuration
with CuKa radiation. The elemental composition was determined by
X-ray Fluorescence (XRF) spectroscopy with PANalytical XRF Spec-
trometer MagiX PRO. Mechanical properties were determined from
load vs. displacement curves measured by a microhardness tester
Fischerscope H100 with a Vicker's diamond indenter at a load L=
30 mN. The transparency of Al-O-N films was measured using a
spectrometer Specord M400. The resistance of the film to cracking
was investigated in a bending test. The principle of the bending test
is shown in Fig. 1. The film was deposited on a Mo strip (80x
15x0.1 mm?) and the coated strip was bended along a fixed cylinder
of diameter J¢. up to angle a at which cracks in the film occurred. The
bending of the coated strip was performed in a bending apparatus
developed in our labs.

3. Results and discussion
3.1. Structure of sputtered films

3.1.1. Effect of substrate temperature

The structure of the Al-O-N film depends on the period To, of
oxygen pulses and the substrate temperature Ts used in the film
sputtering, see Figs. 2 and 3. Fig. 2 compares the structure of Al-O-N
films sputtered on unheated substrates (U;=RT) and the substrates
heated at T,=500°C. The films deposited on heated substrates
exhibit a lower crystallinity (lower intensities of X-ray reflections)
compared to those deposited on the unheated substrate. It is due to a
release of oxygen from the chamber walls heated by a hot substrate
holder, enhanced dissociation of O, on the surface of heated sub-
strates, incorporation of more O into the film and by the formation
of a higher amount of the a-Al,05; phase in the film at T,=500 °C.
Moreover, it is worthwhile to note that already a small amount of
oxygen contained in a residual atmosphere of the deposition chamber
after its evacuation to a base pressure po and/or evolved from the
chamber walls at Ts=>500 °C is sufficient to react with sputtered Al
Therefore, a good reproducibility of properties of the AI-O-N films
sputtered under the same conditions is difficult problem; the film
properties are strongly influenced by the value of residual pressure
Po, i.e. by the efficiency and time of the evacuation of the deposition
chamber, and the state of chamber walls prior to the film deposition.
Therefore, a longer series with finer steps in Top was prepared to see
better the evolution of the film structure, see Fig. 3.

3.1.2. Effect of duty cycle of oxygen pulses

The structure of the Al-O-N film strongly depends on a duty cycle of
the oxygen pulses To2/Toy, i.e. on the amount of oxygen incorporated
in the film. The films produced at To,/To; =1 (the deposition at
continuous inlet of oxygen) are nc-(y-Al,03)/a-(Al-O-N) composites.

T =500°C
S "o Toz Toz [8]
— e .
_ p— : 01 20
S .
R L 0.08 25
= — '
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Fig. 2. XRD patterns of Al-O-N films sputtered on glass substrate as a function of repetition frequency of oxygen pulses f; o, at To, =2 s and two values of the substrate temperature

Ts=RT (unheated substrate) and Ts=500 °C.
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Fig. 3. Evolution of XRD patterns of Al-O-N films, sputtered at Us= Uy and Ts =500 °C, with increasing repetition frequency of oxygen pulses f; o,.

The films produced at To,/To; =0 (deposition in pure nitrogen) are
crystalline c-AIN films. The addition of oxygen O in the c-AIN film
(0<Tp2/Toz<1) results in the formation of nc-AIN/a-(Al-O-N) compos-
ite films which gradually change first to fully amorphous a-(Al-O-N)
films at To,/To2=~0.2-0.25 and then to nc-(y-Al;03)/a-(Al-O-N) com-
posite films when the ratio Toy/To» increases to 1, see Fig. 3. These
changes of the structure of the Al-O-N film result in strong changes of
its mechanical properties.

3.2. Mechanical properties of Al-O-N films

Mechanical properties of the film are the hardness H and the
effective Young s modulus E*. Mechanical behavior of the film is
characterized by the elastic recovery We, the ratio H/E* [14-16] and
the ratio H3/E*2 [17]. The ratio H/E™ is proportional to a fracture
toughness of the film [10,11]. The ratio H*/E*2 is proportional to a
resistance of the material to plastic deformation. It means that the
films with enhanced resistance to cracking and plastic deformation
should have low values of E*. This statement was already confirmed
for the Al-Cu-O films [10] and for the Zr-Al-O films [11]. It was found
that the films with H/E*>0.1 are highly elastic (W.>60%) and
exhibit an enhanced resistance to cracking. The main aim of the
present investigation is to find if also the Al-O-N films can be highly
elastic and can exhibit an enhanced resistance to cracking.

TS [°Cl
W, [%] 0, s 030 g+
80
70, L0.25
604 oz
L0.20
504
40+ L0.15
304
201 L0.10
10
£0.06
0 0.00

w 40 25 20 15 12 10 8 5 2
Period of oxygen pulses T, [s]

Fig. 4. W, and H/E™ of the AI-O-N films sputtered at T, =RT and 500 °C as a function of
period of oxygen pulses To,.
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The hardness H, effective Young's modulus E* and elastic recovery
W, of Al-O-N films sputtered on unheated substrates (Ts=RT) and
heated (Ts; =500 °C) substrates were measured in detail. The evolu-
tion of the H/E* ratio and W, of the Al-O-N films sputtered at T;=RT
with increasing frequency of oxygen pulses f. o =1/To; is displayed
in Fig. 4; the thickness h and values of H and E* of these films are given
in Table 1. From this figure it is seen that the Al-O-N films sputtered
at T, ranging from ~12 to ~25 s exhibit (1) high ratio H/E*>0.1 and
(2) high value of the elastic recovery W.>60%, i.e. the properties we
wanted to find. The values of the ratio H/E* and W, of the Al-O-N films
grow with increasing substrate temperature Ts.

The formation of the Al-O-N films with high values of H/E* and W,
is a result of the change of their structure with increasing amount of
oxygen added in N, + O, sputtering gas mixture, see Fig. 2. To obtain
the Al-O-N films with maximum hardness H, H/E"< >0.1 and W.>60%
the relative amount of the nc-AIN phase and the a-(Al-O-N) phase in
the nc-AIN/a-(Al-O-N) composite film needs to be optimized. It can
be achieved by the control of the amount of oxygen added into N, +
0, mixture, see Fig. 5. The hardness H of the AI-O-N films sputtered
on the substrate held on a floating potential (Us = Ug) increases with
increasing substrate temperature Ts; compare the values of H of the
Al-O-N films sputtered on the unheated (T; =RT, Table 1) and heated
(Ts=500 °C, Table 2) substrate.

Fig. 5. shows correlations between the mechanical properties
(H, E*) and H/E™ ratio of the AlI-O-N films sputtered at T =500 °C and
their structure. From this figure the following important issues can
be drawn: (1) the nc-AIN/a-(AI-O-N) and nc-(7y-Al,03)/a-(Al-O-N)

Table 1

Thickness h, hardness H, effective Young's modulus E*, H/E"< and H3/E*2 of the Al-O-N
films reactively sputtered in N, -+ O, mixture on unheated substrate (T;=RT) as a
function of the period between oxygen pulses Tp, at a constant length of the oxygen
pulse To,=2s5.

Toz h H £ We H/E H3/E*2
[s] [nm] [GPa] [GPa] [%] [GPa]
o 3100 6.7 108.7 453 0.062 0.025
40 2600 8.9 117.2 52.9 0.076 0.051
25 2900 105 1214 57.6 0.086 0.079
20 3100 155 127.9 66.8 0.121 0.228
15 2900 13.8 118.0 65.0 0.128 0.225
10 2500 9.7 104.0 53.2 0.093 0.084
2 1200 10.8 83.4 59.7 0.116 0.144
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Fig. 5. H, E*, W, and H/E” of the Al-O-N films sputtered at T; =500 °C as a function of oxygen duty cycle Toy/To.

nanocomposite films have a higher hardness H compared with that of
the c-AIN (sputtered at To,/To, = 0) and amorphous a-(Al-O-N) films
(sputtered at Top/Toz ranging from ~0.18 to ~0.3), (2) two kinds of
the nanocomposite films with H/E*>0.1 are formed: (a) the nc-AIN/
a-(Al-0-N) nanocomposite films in the interval To,/To; ranging from
~0.1 to ~0.18 in which the hardness H is almost constant and the
effective Young's modulus E* decreases and (b) the nc-(y-Al,05)/a-
(Al-O-N) nanocomposite films at To2/To2>0.3, and (3) the Al-O-N
films with H/E* > 0.1 exhibit a high elastic recovery W, > 60%.

Correlations between values of H, E¥, We, H/E*, H3/E*2, macro-
stress o of the Al-O-N films sputtered at Si(100) substrate and cracks
generated in the Al-O-N sputtered on Mo strip during bending are
given in Table 2. The following facts should be underlined: (1) nc-
AIN/a-(Al-O-N) and nc-(y-Al,03)/a-(Al-O-N) composite films with
H/E*>0.1 exhibit relatively high hardness H=~15 to ~18 GPa, (2)
the hardness H of the nc-AIN/a-(Al-O-N) composite increases with
increasing ratio Toy/Top, i.e. with decreasing content of the nc-AIN
phase, and the hardness H of the nc-(vy-Al,03)/a-(Al-O-N) composite
increases with the ratio Toy/Toy increasing above 0.3, i.e. with
increasing content of nc-(y-Al,03) phase, and (3) the hardness H of
the a-(AI-O-N) films is low of about 10 GPa only; these films exhibit
low elastic recovery W.<50%, H/E*<0.1, low resistance to plastic
deformation (H?*/E*2<0.1) and low compressive macrostress O.
The incorporation of the nanocrystalline phase in the amorphous
a-(Al-0-N) matrix strongly increases H, W, H/E* and H3/E*2, ie.
increases the resistance of the film to plastic deformation and its
resistance to cracking in bending. It is of great importance for many
applications.

Table 2

3.3. Resistance of Al-O-N films to cracking in bending

The resistance of the Al-O-N film to cracking was investigated
by the bending of Mo strip (80 x 15x 0.1 mm?) coated with sputtered
Al-O-N film along the fixed cylinder of diameter @ =25 mm. The
resistance of the film to cracking is assessed from the angle o at
which macrocracks in the film occurred. The higher angle o, the
higher is the resistance of the film to cracking. This method is based
on the assumption that the adhesion of the film to Mo strip is good. It
was found that (i) the resistance of the film to cracking depends on
the ratio H/E® and the elastic recovery W, and (ii) all Al-O-N films
with H/E*>0.1 and high W.>60% resist well to cracking in bending.
This fact is illustrated in Fig. 6 where the Al-O-N films with H/E*<0.1
and H/E*>0.1 are compared. Cracks perpendicular to the direction
of bending of the coated strip are produced in the X-ray amorphous
a-(Al-0-N) film with H/E*<0.1. No cracking of the nc-nitride/a-oxide
composite film with H/E*> 0.1 takes place when the Mo strip covered
by this film is bended along a fixed SS cylinder of diameter 25 mm up
to angle oo =180° <. Recently, similar results were obtained also for
the sputtered Zr-Al-O films with H/E*<0.1 and H/E*>0.1 [11].

In some cases, however, also the Al-O-N films with H/E*<0.1 exhibit
no cracking in bending, see Table 2. The reason why no cracks occur in
the film with H/E*<1 is not clear. Typical example is the film sputtered
at T;=500 °C without inlet of oxygen (Top,=c in Table 2). This
film despite low H=9.6 GPa, low E"=138 GPa, i.e. H/E*=0.07, and
relatively low W, = 50% does not crack on the Mo strip in bending up to
180 °C. As shown in Fig. 2 this film is nitride/oxide composite. It
indicates that the resistance of the film to cracking is controlled also

Thickness h, hardness H, effective Young's modulus E*, H/E* and H3/E"F2 of Al-O-N films reactively sputtered in N, + O, mixture on heated substrate (Ts=500 °C) as a function of
the period between oxygen pulses To; at a constant length of the oxygen pulse To, = 2 s. The Mo strip coated with Al-O-N film was bended along cylinder @¢. =25 mm up to angle
a= 180" if no cracks occurred.

>k *

Toz h H E W, H/E H3/E*2 o Cracks a Structure

[s] [nm] [GPa] [GPa] [%] [GPa] [GPa] [deg]

oo 2900 9.6 138 50 0.070 0.047 —047 No c-AIN/(a-Al;05)?

20 2900 16.1 160 62 0.101 0.164 —0.50 40 nc-(AIN)/a-(Al-O-N)
18 2900 17.3 150 67 0.115 0.229 —0.55 No "

16 2700 153 160 62 0.096 0.141 —043 40 "

14 2700 184 136 75 0.135 0.335 —0.58 No "

12 3300 18.2 135 74 0.135 0.332 n.m. No "

10 2900 10.8 122 52 0.089 0.086 —0.18 40 a-(Al-O-N)

8 2800 9.9 119 50 0.083 0.068 —0.14 No "

6 1700 186 173 66 0.108 0.217 —1.60 No ne-(y-Al,05)/a-(Al-0-N)
4 1500 20.3 176 69 0.115 0.268 —2.20 No "

2 1700 183 172 67 0.106 0.206 —2.10 n.m. "

n.m. = not measured.
2 a-Al,03 phase is formed in reaction of Al atoms with oxygen contained in a residual atmosphere.
" The film was delaminated from the Mo strip.
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as-deposited

H/E" = 0.089 H/E" = 0.089
Structure: a-(Al-O-N) a-(Al-0-N)

cracks
at o, = 40°

after bending

H/E" =0.135 H/E"=0.108
nc-AlN/a-(Al-O-N) ne-(y-Al,0;3)/a-(Al-O-N)

no cracks no cracks
up to a. = 180° up to o, = 180°

Fig. 6. Typical photos of surface morphology of the Al-O-N films with H/E*<0.1 and H/E®>0.1 deposited on Mo strip in the as-deposited state and after bending.

by the amount of individual phases in the composite material. There-
fore, further investigation is needed to confirm this hypothesis.

4. Conclusions

Main results of our study of mechanical properties of the Al-O-N
nanocomposite films reactively sputtered in a mixture of N;+ O,
using a pulse injection of oxygen can be summarized as follows.

1. The pulsed injection of oxygen into nitrogen gas during the reactive
sputtering of pure Al target enables to form two kinds of single layer
nanocomposites: (1) nc-nitride/a-oxide nanocomposite with a low
O content and (2) nc-oxide/a-oxide nanocomposite with a high O
content composed of the nc-AIN phase or the nc-(y-Al,03) phase
embedded in the amorphous (Al-O-N) phase, respectively. In the
transition between the nc-nitride/a-oxide and the nc-oxide/a-oxide
nanocomposite films the X-ray amorphous a-(Al-O-N) films are
formed. Relative content of individual phases in the nanocomposite
was controlled by the period To, between pulses at constant length
of oxygen pulse To; =2s.

2. The addition of the nanocrystalline phase in an amorphous matrix
strongly increases the hardness of the nanocomposite material
compared with the amorphous material. Both the nc-nitride/a-oxide
and the nc-oxide/a-oxide nanocomposite films exhibit relatively
high hardness H= 15 to 20 GPa, low Young's modulus E* satisfying
the ratio H/E*>0.1 and high elastic recovery W.>60%. On the
contrary, the X-ray amorphous a-(Al-O-N) films exhibit much lower
hardness H~ 10 GPa, low ratio H/E*<0.1 and low W =~ 50%.

3. Hard nanocomposite films with H/E*>0.1 deposited on the Mo
strip resist well to cracking in bending.
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4. The hard Al-O-N nanocomposite films with hardness H ranging

from ~15 to ~20 GPa, H/E*>0.1 and W.>60% deposited on the
0.1 mm thick Mo strip which did not crack during bending along
the fixed cylinder of diameter 25 mm up to angle 180° were
successfully prepared.
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The paper reports on the structure, mechanical and optical properties of sputtered Zr-Al-O films. The Zr-Al-O
films with Zr/Al>1 and Zr/Al<1 were prepared by a reactive sputtering using ac pulse dual magnetrons. The
magnetrons were equipped with a target composed of Al plate (& =50 mm) fixed to the magnetron cathode
by a Zr fixing ring with inner diameter &J;,. The content of Al in the Zr-Al-O film was controlled by @;,. It
makes possible to control effectively the structure of the Zr-Al-O film determined by a mixture of the crystalline

K ds: . .
Zrei/ X/I(I)Sﬁlm ZrO, phase and the amorphous Al,03 phase. The effect of Al content on the structure, mechanical and optical
Structure properties of the Zr-Al-0 film is investigated in detail. It was found that (i) the Zr-Al-O films with Zr/Al<1

are X-ray amorphous and exhibit low hardness (H<13 GPa), an effective Young's modulus E* resulting in a
low H/E"<0.1 ratio and low elastic recovery W.<60 and (ii) the Zr-Al-O films with Zr/Al>1 are crystalline
and exhibit high hardness (H=18 to 19 GPa), an E* satisfying a high H/E*>0.1 ratio, high W, up to 78% and

Mechanical properties
Resistance to cracking
Optical properties

Reactive magnetron sputtering

strongly enhanced resistance to cracking during bending even for thick films up to 5 pm.

© 2012 Elsevier B.V. All rights reserved.

1. Introduction

It is well known that the addition of one or several elements in a
base material is a very effective method used to influence its structure
and phase composition and thereby its properties. There are many
papers demonstrating this fact. For illustrating this phenomenon we
present several examples. The addition of Al in the HfO, film im-
proves the thermal stability of an (HfO;); _x(Al,03)y film due to the
increase of its crystallization temperature T.. On the other hand,
the addition of Zr in the HfO, film decreases the thermal stability of
(HfO,)1 _x(Zr0O,)x film due to decreasing T in consequence of a
strong tendency of the ZrO, oxide to form a crystalline phase [1].
The addition of a small amount of Si (<10 at.%) in the TiN film can
strongly increase the hardness Ti-Si-N film due to its conversion
from the one-phase TiN material in a two-phase nc-TiN/a-SisN4
nanocomposite material composed of TiN nanograins surrounded by
a tissue amorphous SisN4 phase [2]; here nc- and a- denotes the
nanocrystalline and amorphous phase, respectively. On the other
hand, the addition of a high amount of Si (>20 at.%) in the MeN
film can considerably increase the resistance of a two-phase nc-TiN/
a-SisN4 nanocomposite material to oxidation due to the dominance
of the a-Si3sN4 phase in the nanocomposite over the nc-TiN phase
[3]. The addition of several elements in alloys are used to form

* Corresponding author.
E-mail address: musil@kfy.zcu.cz (J. Musil).

0257-8972/$ - see front matter © 2012 Elsevier B.V. All rights reserved.
doi:10.1016/j.surfcoat.2012.07.017
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equiatomic amorphous solid solution films with enhanced mechani-
cal properties and high corrosion and wear resistance [4-6]; these
coatings are called as multi-element or high entropy alloys (HEA), ni-
trides and carbides. Recently, the addition of Cu in Al,O3 [7], Al in
ZrO, [8] and N in Al,Os [9] was used to enhance the resistance of
Al-Cu-0, Zr-Al-0 and AI-O-N films to cracking.

As to the last application, i.e. the improvement of the film resis-
tance to cracking by the addition of a selected element, many ques-
tions remain open so far. For instance, the enhanced resistance of
the Zr-Al-0 films was demonstrated only for the films with a high
ratio Zr/Al>1. However, there is also the question if the Zr-Al-O
films with a low ratio Zr/Al<1 can exhibit the enhanced resistance
to cracking. Therefore, the investigation of mechanical and optical
properties of the Zr-Al-0 films with low ratio Zr/Al<1 and their resis-
tance to cracking is the main aim of this paper. The mechanical and
optical properties of the Zr-Al-0 films with Zr/Al<1 to Zr/Al>1 are
compared in detail, and the very different resistance to cracking is
explained by their strongly different mechanical properties.

2. Experimental

The Zr-Al-O thin films were reactively sputtered in an Ar+ O,
mixture using a dual magnetron equipped with Zr-Al targets (& =
50 mm) composed of the Al circular plate (99.99 at.%) fixed with
two Zr (99.9 at.%) rings of inner diameter @, =20 and 24 mm
and operated in a closed magnetic field B. The Zr-Al-O films with
Zr/Al<1 and Zr/Al>1 were sputtered from targets fixed with the Zr
fixing ring of inner diameter @, z-=24 and 20 mm, respectively.
The magnetron was operated in an ac pulse mode generated by a
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Fig. 1. (a) Schematic illustration of bending test used to induce cracks in the film
deposited on metallic strip. @, and Dy is the diameter of the moving and fixed
cylinder, respectively.

pulse power supply DORA MSS-10 with an output power 10 kW
(made by DORA Electronics in Poland). The repetition frequency f;
of pulses was 2 kHz and the ac frequency inside pulses was 56 kHz.
The magnetron discharge current Iy was controlled by the duty
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Fig. 2. The elemental composition of the Zr-Al-O films with (a) low ratio Zr/Al<1 and
(b) high ratio Zr/Al> 1 sputtered on Si(100) substrate at Us=Ug, Ts=500 °C, pr=1 Pa
and Ig,=1 and 2 A, respectively, as a function of partial pressure of oxygen pg,. MM,
TM and OM are the metallic, transition and oxide modes of sputtering, respectively.
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cycle T/T; here 7 is the length of pulse and T=1/f; is the repetition
frequency of pulses. The Zr-Al-O films were sputtered under the fol-
lowing conditions: discharge current Iq;=1 and 2 A averaged over
the pulse period T, substrate bias voltage Us= Uy, substrate tempera-
ture T, =500 °C, substrate-to-target distance d,_=80 mm, variable
values of the partial pressure of oxygen po, and constant value of
the total pressure pr=par+pPo2=1 Pa; here Uy is the floating
potential.

The film thickness h was measured using a stylus profilometer
DEKTAK 8. The film structure was characterized using an XRD spec-
trometer PANalytical X Pert PRO in Bragg-Brentano configuration
with CuKa radiation. The elemental composition and density was de-
termined by X-ray Fluorescence (XRF) spectroscopy with PANalytical
XRF Spectrometer MagiX PRO. The density of the film was determined
by weighting. The density of the film was calculated from the mea-
sured weight of the substrate with and without the film. Mechanical
properties, i.e. the microhardness H, the effective Young's modulus
E* and the elastic recovery We, were determined from load vs. dis-
placement curves measured by a microhardness tester Fischerscope
H100 with a Vickers diamond indenter at a load L=10 mN; here
E*=E/(1-v?), E is the Young's modulus, v is the Poisson's ratio,
We=A;/(A1+A2), A; and A, are the elastic energy and the plastic
(dissipated) energy, respectively, applied to the film during the load-
ing of the diamond indenter. For all sputtered films the ratio d/h of
the diamond depth impression d in the film surface to the film thick-
ness h was less than 0.1. The ratio d/h for the softest film was 0.1. It
indicates that the measured hardness H of our films is not influenced
by the substrate. The transparency of Zr-Al-0 films was measured in
the range from 300 to 800 nm using a spectrometer Specord M400.
The resistance of the film to cracking was investigated in a bending
test. The principle of the bending test is shown in Fig. 1. The film
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Fig. 3. (a) The deposition rate ap and (b) density p of the Zr-Al-O films with low ratio
Zr/Al<1 and high ratio Zr/Al>1 sputtered on Si(100) substrate at Us=Ug, Ts=
500 °C, pr=1 Pa and I4,=1 and 2 A, respectively, as a function of partial pressure
of oxygen po;.
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Fig. 4. The structure of the Zr-Al-0 films with (a) low ratio Zr/Al<1 and (b) high ratio
Zr/Al>1 sputtered on Si(100) substrate at Us=Ug, Ts=500 °C, pr=1 Pa and lg;=1
and 2 A, respectively, as a function of partial pressure of oxygen pog.

was deposited on a Mo strip (80x15x 0.1 mm?) and the coated strip
was bent up to its cracking point in the bending apparatus developed
in our labs.

3. Results
3.1. Elemental composition

The evolution of the elemental composition in the Zr-Al-O films
with low Zr/Al<1 and high Zr/Al>1 reactively sputtered using ac
pulsed dual magnetrons is displayed in Fig. 2. In this figure modes of
sputtering in which films were prepared are also denoted. It can be
seen that most of the films, which were sputtered in the transition
mode (TM) of sputtering and the oxide mode (OM) of sputtering,
have almost the same elemental composition. The transition mode of
sputtering corresponds to a range of the partial pressure of oxygen
Poz at which there is a deficiency of atomic oxygen in the discharge nec-
essary to form stoichiometric oxides. The deposition rate ap of the Zr-
Al-O films decreases with increasing pop, but it is higher for the Zr-
Al-O films with high ratio Zr/Al>1, see Fig. 3a. The Zr-Al-O films
with high ratio Zr/Al>1 are also denser than the Zr-Al-O films with
low ratio Zr/Al<1, see Fig. 3b. It is due to the different structure of the
Zr-Al-0 films with low Zr/Al<1 and high Zr/Al>1 ratio and a higher
Zr content in the Zr-Al-O films with high Zr/Al>1 ratio. The films
containing a lower amount of the amorphous Al,0s phase, i.e. the Zr-
Al-O films with high ratio Zr/Al> 1, are denser.

3.2. Structure

The structure of the sputtered Zr-Al-0O film strongly depends on its
elemental and phase composition, i.e. on the Zr/Al ratio and the partial
pressure of oxygen po, used in its deposition. The Zr-Al-0 films with
ratio Zr/Al<1 sputtered in the metallic mode (MM) of sputtering are
crystalline. The increase of po; results in (i) the formation of Zr and Al
oxides and (ii) the gradual change of the crystalline film (po;=0)
through the crystalline/amorphous composite (po,=0.04 Pa) to the
X-ray amorphous film (po,>0.06 Pa), see Fig. 4a. The X-ray amorphous
film mainly consists of the a-Al,03 phase because (i) the free oxygen is
preferentially bounded to Al compared to Zr due to a higher negative
formation enthalpy AH of the Al,O3 oxide compared to that of the
Zr0, oxide (|AHapos = —1678.2 kJ/mol|>|AHz0, = —1101.3 kJ/mol|
[10]) and (ii) a low ratio Zr/Al<1 resulting in a low content of the
ZrO, oxide phase in the film compared to the content of the a-Al,05
phase; no reflections from the ZrO, phase are seen due to a low ratio
Zr/Al<1. It is also possible that the amorphous Al,O3 acts as a template

Fig. 5. Photo of the HRTEM image of the cross-section of the 1600 nm thick Zr-Al-O film on Si(100) substrate with Zr/Al>1 taken in the middle between the film surface and the
film/substrate interface. The Zr-Al-O film with H=19.2 GPa, E*=163 GPa, We=74% and H/E* =0.118 is a composite composed of ZrO, nanograins embedded in the amorphous
matrix. (a) Schematic of the film/substrate couple, (b) the HRTEM image of the cross-section microstructure in the square marked in Fig. 5a and (c) the Fast Fourier Transformation
(FFT) image in the place of HRTEM image.
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for the formation of the nanoscale ZrO, and forces the ZrO, into an
amorphous state. On the other hand, the Zr-Al-O film with high ratio
Zr/Al>1 is the nc-ZrO,/a-Al,0;3 composite film containing ZrO,
nanograins embedded in the amorphous Al,03 matrix as can be seen
in Fig. 4b and Fig. 5 where the photo of a cross-section of this film is
given. Fig. 4b also clearly demonstrates that the film crystallinity of
the Zr-Al-O film with high ratio Zr/Al>1 improves with increasing
Poz and decreasing deposition rate ap.

3.3. Microstructure

Typical microstructure of the Zr-Al-O film with Zr/Al> 1 (film no.5 in
Fig. 4b) approximately in the middle between the film surface and the
film/substrate interface is displayed in Fig. 5. Fig. 5a denotes the place
(red square) in which the microstructure was investigated. Fig. 5b dis-
plays HRTEM image of the film microstructure in this place. From
Fig. 5b it is seen that nanograins in the film are surrounded by an
amorphous phase and have different crystallographic orientation. Most
of the nanograins would be oriented in one crystallographic direction
as it indicates a strong t-ZrO, (101) preferred crystallographic orienta-
tion shown in Fig. 4b what was not demonstrated by HRTEM so far.
The existence of nanocrystalline regions in the film is, however, observed
by a Fast Fourier Transformation (FFT) image performed for the crystal-
line phase, see Fig. 5c. The finding that the Zr-Al-O film with Zr/Al>1 is
the composite composed of nanograins dispersed in amorphous matrix
is of fundamental importance because the nanocomposites of this type
exhibit enhanced mechanical properties.

3.4. Mechanical properties

The mechanical properties of the coating are its hardness H and
the effective Young's modulus E* =E/(1-v?); here E is the Young's
modulus and v is the Poisson's ratio. The mechanical behavior of the
coating is characterized by the elastic recovery W,, the ratio H/E*
[7-9,11] and the ratio H*/E*2 which is proportional to a resistance
of the material to plastic deformation [12,13]. The plastic deformation
is significantly reduced in materials with high hardness H and low
Young's modulus E* due to their enhanced elasticity which occurs
only in the case when the material or coating exhibits a high ratio
H/E*>0.1; more details are given in references [8,9]. Recently, the va-
lidity of this statement was confirmed also for the Zr-Si-O coatings
[14]. It means that a low modulus E* is very desirable as it allows
the given load to be distributed over a wider area and to increase
the resistance of the coating to cracking.

The measured dependences of H, E* and W, of the Zr-Al-0 film
with a low ratio Zr/Al<1 and a high ratio Zr/Al>1 as a function of par-
tial pressure of oxygen po; are displayed in Fig. 6a and b, respectively.
In these figures also the ratio H/E*, calculated from measured values
of H and E¥, is given and intervals po, corresponding to the metallic
(MM), transition mode (TM) and oxide mode (OM) of sputtering
are clearly denoted. A comparison of Fig. 6a and b clearly shows
that the mechanical properties of the Zr-Al-O film with Zr/Al<1
and Zr/Al>1 strongly differ. The Zr-Al-O films with Zr/Al<1 are
softer and less elastic and exhibit a low ratio H/E*<1 compared to
the Zr-Al-0 film with Zr/Al>1. This difference is a consequence of
different structure of the film with Zr/Al<1 and Zr/Al>1, see Fig. 4,
which results in different mechanical behaviors of the Zr-Al-0 film
with low ratio Zr/Al<1 and high ratio Zr/Al> 1. Key parameters decid-
ing on the mechanical behavior of the Zr-Al-O film are its elastic re-
covery W. and the H/E* ratio. Recently, it was shown that an
enhanced mechanical behavior, particularly the enhanced resistance
to cracking, exhibits the hard highly elastic (W.>60%) films with
low effective Young's modulus E* satisfying the ratio H/E*>0.1 only
[8,9]. These requirements, however, do not meet relatively soft
(H=12 GPa), X-ray amorphous Zr-Al-O films with Zr/Al<1; these
films easily crack. On the other hand, the hard Zr-Al-O film with
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Zr/Al>1, H=~18 to 19 GPa, H/E*>0.l and W.>60%, produced in
a wide range of po, marked in yellow in Fig. 6b, exhibit the enhanced
resistance to cracking, see next section.

3.4.1. Resistance to cracking

The resistance of the film to cracking was investigated by bend-
ing of the metallic strip coated by the film along a fixed cylinder
(=25 mm). For this test the Zr-Al-0 film was deposited on a
Mo strip (80x 15x 0.1 mm?). The formation of cracks in the film
during the bending of the film/substrate couple is illustrated in
Fig. 7. In this figure the surface morphology of two films after bend-
ing are compared: (1) the Zr-Al-O film with a low ratio Zr/Al<1
and (2) Zr-Al-0 film with a high ratio Zr/Al> 1. The main parame-
ters of both films are given in Table 1.

As expected the X-ray amorphous Zr-Al-0 film with low ratio
Zr/Al<1 and low values of (i) We~44% and (ii) H/E*z0.0G ratio
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Fig. 6. Hardness H, effective Young's modulus E* elastic recovery W, and H/E” ratio of
the Zr-Al-0 films with (a) low Zr/Al<1 and (b) high Zr/Al>1 sputtered on Si(100)
substrate at Us=Ug, Ts=500 °C, pr=1 Pa, and Ig,=1 and 2 A, respectively, as a func-
tion of partial pressure of oxygen po». MM, TM and OM are the metallic, transition and
oxide modes of sputtering, respectively.
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a Zr/Al <1
cracks at a = 30°

e T T e 1T —

b Zr/Al > 1
no cracks at a = 180°

Fig. 7. Surface morphology of (a) the Zr-Al-0 film with Zr/Al<1 and (b) the Zr-Al-O
film with Zr/Al>1 after bending of the film/substrate couple along the steel cylinder
of diameter @ =25 mm to angle a=30° and 180°, respectively. Photos are images in
a back scattering electrons (BSE) mode.

easily cracks already at small bending at o~ 30°. On the other hand,
the Zr-Al-O composite film with Zr/Al>1 and high values of (i)
W,.~75% and (ii) H/E* ~0.118 ratio, composed of nanograins em-
bedded in the amorphous matrix, exhibits an enhanced resistance
to cracking; no cracks in the film occurred after bending at =
180° even in thick films up to 5 um. It is due to the fact that the
hard film with H/E* > 0.1, which exhibits a low value of E* satisfying
the high ratio H/E*> 0.1, is highly elastic compared to the film with
the low ratio H/E* <0.1, which distributes the applied load over a
wider area and thereby strongly increases its resistance to cracking.

The structure of the Zr-Al-0 film with a low ratio Zr/Al<1 and a
high ratio Zr/Al>1 also strongly differ, see Fig. 8. The structure of
the Zr-Al-O film with Zr/Al<1 is X-ray amorphous. On the other
hand, the Zr-Al-O film with Zr/Al>1 exhibits a clear t-ZrO, (101)
preferred crystallographic orientation. It indicates that the mechani-
cal properties of the film and its mechanical behavior, particularly
its resistance to cracking, are strongly influenced by the incorporation
of nanograins in the amorphous matrix. At present, the optimization
of these properties remains, however, an open problem. It is very
probable that the optimization of the film properties will depend on
the ratio of the amount of the nanocrystalline phase and the amount
of the amorphous phase, the separation distance between the nano-
crystalline regions, their crystallographic orientations and dimen-
sions. This investigation is now under way in our labs.

Table 1

Thickness h, deposition rate ap, hardness H, effective Young's modulus E" elastic re-
covery W, and H/E* ratio of the Zr-Al-O film with low Zr/Al<1 and high Zr/Al>1
ratio, and the angle o of bending of Mo strip coated with the film used in the assess-
ment of its resistance to cracking.

*

Zr/Al h ap H E W. HE" « Cracks
[nm] [nm/min] [GPa] [GPa] [%] [deg]

<1 2200 66 123 147 52 0084 30 Yes

>1 5000 63 179 152 75 0118 upto180 No
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Fig. 8. The XRD patterns of the Zr-Al-0O film with (i) Zr/Al<1 and low ratio H/E*<O.1
and (ii) Zr/Al>1 and high ratio H/E*>0.1. The surface morphology of these films
after bending of the film/Mo strip couple is shown in Fig. 7.
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Fig. 9. Transmittance T of the Zr-Al-0 films with (a) low Zr/Al<1 and (b) high
Zr/Al>1 ratios as a function of wavelength N\ of incident electromagnetic wave. Numbers

of individual curves correspond to the films with different elemental composition and
mechanical properties given in Table 2.
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Table 2

Elemental composition, mechanical properties and visual transparency of Zr-Al-O films used for measurements of their transmittance spectra at the wavelength \ of incident electromagnetic

waves ranging from 300 to 800 nm.

Film h Zr Al 0 Free Zr* H E* W, H/E* Visual transparency
no. [nm] [at.%] [at.%] [at.%] [at.%] [GPa] [GPa] [%]

Zr/Al>1

4 1600 24 12 64 1 134 155 58 0.086 Semi-transparent
5 1600 23 11 66 No 19.3 163 74 0.118 Transparent

6 1100 24 10 66 No 184 152 77 0.121 Transparent

7 1100 23 10 67 No 183 150 78 0.122 Transparent
Zr/Al<1

10 3100 10 30 60 2 125 145 55 0.086 Semi-transparent
11 1600 8 30 62 No 12.2 140 53 0.087 Transparent

12 1600 9 29 62 No 12.6 143 54 0.088 Transparent

13 2200 10 28 62 no 115 135 54 0.085 Transparent

3.5. Optical properties

The transparency T was measured for both kinds of Zr-Al-O films
with a low Zr/Al<1 and a high Zr/Al> 1 ratio, see Fig. 9. The transparen-
cy T of the Zr-Al-O film is determined by the amount of free Zr and Al
atoms in the film. It means that the transparency T of the film strongly
depends on the partial pressure of oxygen po, and the discharge current
Iq2 used in its sputtering. Both parameters po, and Iy, determine the
mode of sputtering and the excess amounts of free Zr and Al atoms
that occur in the transition mode (TM) of sputtering close to the metal-
lic mode (MM) of sputtering where there is a deficiency of the atomic
oxygen to form both stoichiometric Al,O3 and ZrO, oxides. Free Zr
atoms will be present in the film in the case when the amount of atomic
oxygen will be higher than that necessary to form the stoichiometric
Al,O3 oxide with all Al atoms and insulfficient to form the stoichiometric
Zr0, oxide with all Zr atoms, see Table 2. It is the case of the Zr-Al-O
films denoted as the film no.4 and the film no.10. The accuracy of the
determination of the free Zr atoms is limited by the accuracy of mea-
surement of the elemental composition in the film and values of the
free Zr atoms in the film given in Table 2 are therefore of informative
value only. The mechanical properties and the ratio H/E* of tested Zr-
Al-0 films with low Zr/Al<1 and high Zr/Al>1 ratio and the informa-
tion about their visual transparency are also given in Table 2.

The visual transparency of the Zr-Al-O film decreases with in-
creasing number of free Zr atoms. The films no. 4 and 10 are
semi-transparent. A lower transparency of the film no.4 and slower
increase of T with increasing N\ compared with the film no.10 is prob-
ably due to a scattering of the light at nanocystalline regions incorpo-
rated in the amorphous Al,O3; matrix.

4. Conclusions

The main results of the investigation of the Zr-Al-0 films reactive-
ly sputtered using dual magnetrons which are reported in this paper
can be summarized as follows:

1. The addition of Al in ZrO, strongly influences the structure and
properties of Zr-Al-0 films.

2. The content of Alin the Zr-Al-O film is a crucial parameter which de-
cides on its properties. The Zr-Al-0 films with Zr/Al<1 are soft films
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with X-ray amorphous structure, low elastic recovery (W.<60%) and
H/E*<O.1. On the other hand, the Zr-Al-0 films with Zr/Al>1 are
highly elastic, crystalline hard films with H/E*>0.1.

3. The hard Zr-Al-0 films with Zr/Al> 1, low effective Young's mod-
ulus E* satisfying the ratio H/E*> 0.1 and W, > 60% exhibit strong-
ly enhanced resistance to cracking. The enhanced resistance to
cracking was found also in thick films with the thickness, h=
5000 nm, which was the maximum thickness of sputtered films.

4. The Zr-Al-0O nanocomposite films with enhanced resistance to
cracking are composed of nanograins incorporated in the amor-
phous Al,03 matrix.

5. The X-ray amorphous Zr-Al-O films are very brittle and easily
crack.
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Abstract

The article reports on correlations between the process parameters of reactive pulsed dc magnetron sputtering, physical properties and the
photocatalytic activity (PCA) of TiO, films sputtered at substrate surface temperature Ty, < 180 °C. Films were deposited using a dual magnetron
system equipped with Ti (@50 mm) targets in Ar + O, atmosphere in oxide mode of sputtering. The TiO, films with highly photoactive anatase
phase were prepared without a post-deposition thermal annealing. The decomposition rate of the acid orange 7 (AO7) solution during the
photoactivation of the TiO, film with UV light was used for characterization of the film PCA. It was found that (i) the partial pressure of oxygen p,
and the total sputtering gas pressure prare the key deposition parameters influencing the TiO, film phase composition that directly affects its PCA,
(i1) the structure of sputtered TiO, films varies along the growth direction from the film/substrate interface to the film surface, (iii) ~500 nm thick
anatase TiO; films with high PCA were prepared and (iv) the structure of sputtered TiO, films is not affected by the substrate surface temperature
Turt When Tg,r < 180 °C. The interruption of the sputtering process and deposition in long (tens of minutes) pulses alternating with cooling pauses
has no effect on the structure and the PCA of TiO, films and results in a decrease of maximum value of T, necessary for the creation of
nanocrystalline nc-TiO, film. It was demonstrated that crystalline TiO, films with high PCA can be sputtered at T, < 130 °C. Based on obtained

results a phase zone model of TiO, films was developed.
© 2007 Elsevier B.V. All rights reserved.
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1. Introduction

In recent years, a great attention has been devoted to the
titanium dioxide (TiO,) due to its excellent chemical stability,
high refractive index, nontoxicity, and good mechanical
hardness. Besides, the TiO, films can exhibit excellent
photocatalytic and superhydrophilic properties [1,2] after UV
light irradiation. The TiO, exists in three different crystalline
forms (anatase, rutile and brookit) [3], among which the anatase
phase is referred to be the most photoactive phase [4]. The
photoactivation of TiO, by the UV light irradiation results in the
formation of electron-hole pair that diffuses to the surface. A
favorable chemical potential of the electron-hole pair enables to
form highly reactive hydroxyl radicals ("OH) on the surface of
TiO, material in reactions with the water molecules, see Fig. 1.

* Corresponding author. Tel.: +420 37763 2200; fax: +420 37763 2202.
E-mail address: musil@kfy.zcu.cz (J. Musil).
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Here, a comparison of the potential of e-h pair versus standard
hydrogen electrode (SHE) and basic reactions are given. The
hydroxyl radicals ("OH) very quickly oxidize and decompose a
wide range of organic pollutants. Therefore, the photoactivity of
TiO, films can be utilized in many applications, such as self-
cleaning, antifogging, antibacterial and self-sterilization pro-
cesses and in removal of organic pollutants from surfaces,
dissociation of water, and in production of hydrogen [5].

There are several drawbacks that limit a wider utilization
of the TiO, photocatalyst. One of very difficult problems is
the formation of photoactive TiO, coatings on thermally
sensitive substrates, e.g., polymer foils or polycarbonate, at
Tours < 200 °C. Among many deposition methods [7-14], the
magnetron sputtering is very promising one for the large-area
deposition of thin, high quality, photoactive, crystalline anatase
TiO, films at low values of Ty, <200°C [4,7,13-16].
However, the deposition of crystalline photoactive TiO, films
without the substrate heating or a post-deposition thermal
annealing has not been fully mastered yet [12—18].
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Fig. 1. The principle of photocatalytic processes and formation of highly
reactive radicals on the surface of TiO, film and electron-hole potential related
to standard hydrogen electrode (SHE) [5,6].

Recently, it has been shown, that the magnetron sputtering of
crystalline TiO, films with anatase structure at low values of
Towr and without the high temperature post-deposition
annealing is possible only in the oxide mode of sputtering
[13,14,19]. In the transition mode of sputtering, when
significantly higher deposition rates ap of films compared to
those of films produced in the oxide mode can be achieved
[20,21], (i) a strong suppression of highly photoactive anatase
phase in the film takes place and (ii) amorphous films or films
with rutile phase exhibiting a weak PCA are formed. The
formation of TiO, films with anatase phase and high PCA in the
transition mode of sputtering is possible only at 7y > 200 °C or
in the case when TiO, film sputtered at 7 < 200 °C is after
sputtering thermally annealed at 7, > 200 °C, i.e. the two-step
process is used [13—15,18].

The main aim of this study is (i) to find optimum conditions
of sputtering of TiO, films in oxide mode, which ensures that
TiO, films with anatase phase and high PCA will be formed at
Tyurr < 180 °C and (ii) to produce thin (<1000 nm) crystalline
TiO, films with high PCA. Correlations between the deposition
parameters and the structure of TiO, films sputtered at high
repetition frequency f, = 350 kHz [22] are discussed in detail.

2. Experimental

A pulsed dual magnetron in a closed magnetic field
configuration equipped with Ti (99.5) targets (@50 mm) was
used for a reactive sputtering of transparent TiO, films in the
Ar + O, mixture [23]. The magnetrons were supplied by a
pulsed Advanced Energy Pinnacle Plus + 5 kW power supply
unit operating in asymmetric bipolar mode at the repetition
frequency f. =350 kHz with duty cycle ©/T=0.5 and the
average pulse magnetron current I, kept at 3A and pulse power
densities Wy, ranging from 60 to 70 W cm 2 according to
deposition conditions used; Wy, was averaged over the whole
target area. The high repetition frequency of pulses
fr =350 kHz ensured a strong improvement of (i) the efficiency
of deposition process and (ii) the PCA of sputtered TiO, films
[22]. Films were sputtered in the oxide mode on unheated glass
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(25 mm x 25 mm x 1 mm) substrates located at the substrate
to target distance d, =100 mm with the deposition rate
ap ~ 10 nm/min. The substrate surface temperature T, was
measured by thermostrips (Kager GmbH, Germany). T, was
lower than T+ < 180 °C in all experiments. More details on
the measurement of Ty, are given in Ref. [13]. A
contamination of TiO, films by the Na* ions diffusing from
the soda-lime glass and deteriorating their PCA recently
observed in [24] can be neglected in our case, due to the low
process temperature. This fact was verified on TiO, films
deposited on Na* free Si substrates.

The phase composition of films was determined by the X-ray
diffraction (XRD) analysis using a PANalytical X’Pert PRO
diffractometer working in Bragg-Brentano geometry with Cu
Ka (40 kV, 40 mA) radiation. The structure development along
the growth direction was characterized by irradiation of film at
the glancing incidence angles « ranging from 0.5° to 1.5°. The
thickness of films was measured by a stylus profilometer
DEKTAK 8 with the resolution of 1 nm. The surface roughness
R, was measured by an atomic force microscopy (AFM) in non-
contact mode using an AFM-Metris-2000. The measurements
were performed in ambient atmosphere at room temperature.

The PCA of TiO, film was determined from a decomposition
of acid orange 7 (AO7) organic dye solution (Fluka Chemie
GmbH). This dye exhibits a very good stability against UV light
irradiation [25]. The TiO, films were (i) immersed in the AO7
solution with initial concentration cy=0.01 mmol/l in the
distilled water (volume V =10 ml) and (ii) irradiated by the
UV light (PHILIPS TL-DK 30 W/05, W, = 0.9 mW/cm > at
A =365 nm) for 5 h. The changes in the dye concentration were
determined every hour by measuring of the magnitude of the dye
absorption at A =485nm (absorption maximum for AQO7)
calibrated on the dye concentration by spectrometer SPECORD
M400 (Carl Zeis Jena). The decomposition rate constant k,, that
characterize the PCA, is defined by the following equation [26]:

c(tir) = coe e,

where cq and c(#;,) are the initial concentration of the dye and its
concentration after UV light irradiation for a given time ¢,
respectively. A plot of In(cy/c) as a function of time #;, repre-
sents a straight line with slope of k. More details on the
decomposition of AO7 solution and the measurement of the
PCA of TiO, films are given in Refs. [25-27].

3. Results and discussion

Recently, it was reported that TiO, films with dominant
anatase phase and high PCA can be created at Tg,s < 180 °C
but only in the oxide mode of sputtering [13,14,19]. However,
conditions under which such films can be created are not
mastered yet. Therefore, this article is devoted to an
investigation of the correlations between the deposition
parameters and the structure and the PCA of TiO, films
created in the oxide mode. There are three main parameters
which strongly influences the structure and the PCA of TiO,
films: (i) total pressure of sputtering gas pr which controls the
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Fig. 2. Evolution of XRD patterns from 500 nm thick TiO, films sputtered with ap, ~ 10 nm/min in the oxide mode of sputtering at T+ < 180 °C, with increasing

Po, at four values of pr=0.5, 0.9, 1.5 and 2 Pa.

energy of particles incident on the growing film through control
of their mean free path [18], (ii) partial pressure of oxygen pg,
which influences plasmo-chemical processes and (iii) the film
thickness # which determines the total energy delivered to the
film during its growth. The production of TiO, films with
anatase phase and high PCA at different combinations of pr,
Po, and h is discussed in detail.

3.1. Effect of prand po,

3.1.1. Structure

The structure of sputtered 500 nm thick TiO, films strongly
depends on both pg, and pr, see Fig. 2. From this figure it is
seen that (i) TiO, films are composed of a mixture of
R(110)+ A(101) phases and the crystallinity of anatase
phase improves with increasing pg, if they are sputtered at
pr > 0.5 Pa, (ii) the content of rutile phase in film decreases
with increasing pr and (iii) TiO, films sputtered at high total
pressures pt > 1.5 Pa exhibit already a pure anatase phase. The
rutile is a high temperature TiO, phase and therefore higher
activation energy is needed for its formation in comparison with
the anatase phase. The deterioration of the crystallinity of the
rutile phase with increasing pr is thus caused by higher losses of
particles energy in collisions.

3.1.2. Photocatalytic activity (PCA)

The PCA of TiO, film is characterized by the decomposition
rate constant k. of a solution of the AQ7. The partial pressure of
oxygen po, and the total working pressure pr also strongly
influence the PCA of sputtered TiO, films. The typical
evolution of the PCA for 500 nm TiO, films with increasing
Po,/pr ratio is displayed in Fig. 3. The PCA of TiO, films
improves with increasing pr. The improvement of the PCA
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correlates well with the decrease of (1 1 0) rutile XRD peak
intensity and the increase of (1 0 1) anatase XRD peak, see
Fig. 4. The effect of a surface morphology of TiO, film on the
PCA can be neglected because all films sputtered at pp =0.9
and different p,, exhibited similar surface roughness
R, =6 nm. Slight increase of surface roughness was observed
with increasing pr. The highest PCA is observed for pure
anatase films and rutile phase should be suppressed in the films
in order to obtain high photoactivity.

Obtained results are summarized in a schematic diagram,
see Fig. 5. This diagram illustrates the evolution of structure of
TiO; films sputtered in oxide mode and their PCA as function of
pr and the ratio po,/pr. The diagram is valid for thick
(>500 nm) TiO, films sputtered at low temperatures
Tours < 180 °C. Here, it is necessary to note that properties
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Fig. 3. The PCA of 500 nm thick TiO, films sputtered in the oxide mode of
sputtering at T, < 180 °C as a function of ratio Po,/pr for four values of
pr=0.5,0.9, 1.5 and 2 Pa.
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Fig. 4. Evolution of anatase and rutile phase and PCA characterized by the acid
orange 7 decomposition rate constant &, for 500 nm thick TiO; films sputtered at
pr=0.9 Pa with increasing p,/pr ratio.

of thin (<500 nm) TiO, films strongly differ from those of thick
(>500 nm) TiO, films.

3.2. Effect of film thickness

The structure of TiO, film strongly depends on its thickness
h [19]. To investigate the effect of film thickness /4 on the
structure and the PCA in detail, the TiO, films with / ranging
from 100 to 3000 nm were prepared. The development of
structure of TiO, films, sputtered in the oxide mode at four
combinations of po, and pr (i) po, = 0.3 Pa and three values of
pr=0.75, 0.9 and 1.5 Pa and (ii) Po, = 1 Pa and pr =2.0 Pa,
with increasing & is shown in Fig. 6.

p=0.75Pa, p,,=0.3Pa

intensity [cps]

intensity [cps]

35 40 45 50 55
20 [deg]

25 30

Pr A N
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rutile + anatase
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Fig. 5. Schematic illustration of evolution of phase composition and PCA of
~500 nm thick TiO, films sputtered on glass substrates at Ty, ~ 180 °C in
(po,/pr, pr) coordinate system.

The same trend in development of film structure
with increasing & is observed for all sputtered TiO, films.
The increase of & leads to the improvement of film
crystallinity and to a gradual conversion of amorphous films
(h < hyin =~ 100 nm) at first, to films with a mixture of rutile
and anatase phase and then to films (k> 200 nm) with
dominant anatase phase. Further increase in & leads to next
improvement of crystallinity of anatase phase in films with
h > 500 nm. Here, the A,;, denotes the thickness of amorphous
interlayer on the substrate/film interface and the pure anatase
phase is observed at & > hgip > hpin. No rutile phase was
detected even in very thin films sputtered at pr =2.0 Pa and
Po, = 1.0 Pa.
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Fig. 6. Development of XRD patterns from TiO, films, sputtered in the oxide mode at ap ~ 10 nm/min and Ty, ~ 180 °C, with increasing thickness & for different

combinations of pr and po, .
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Fig. 7. PCA of TiO, films sputtered in the oxide mode of sputtering at
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The effect of film thickness /& on the PCA of TiO, films is
summarized in Fig. 7. From this figure is seen that the PCA
improves with increasing 4 and pt. The improvement of the
PCA with increasing h is due to (i) improvement of
crystallinity of anatase phase, (ii) increase of the volume of
surface layer with anatase phase and (iii) increase of film
surface roughness that positively influences the PCA due to the
increase of area of the film surface [19]. The saturation of the
PCA with increasing h takes place for all TiO, films, but at
different h according to a combination of deposition
conditions. The films sputtered at pt=2.0 Pa exhibit very
fast saturation of the PCA at 2 =~ 500 nm and also the highest
values of k.. These TiO, films with £ > 500 nm exhibit only a
slight improvement of the PCA with increasing /4. This result
indicates that the formation of charge carriers and their
transport to the film surface, that influences the PCA, goes on
in ~500 nm layer under the film surface only. This means that
thickness of several hundreds nm is sufficient to achieve high
values of the PCA for TiO, films sputtered at T, = 180 °C.
This finding agrees well with results obtained by Eufinger et al.
[16], who reported that the saturation of the PCA exhibit the
films with 4 = 300-350 nm. The shift of the saturation of the
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PCA to higher % in our study can be explained by changes in
phase composition of the film during its low-temperature
growth.

3.2.1. Structure development along growth direction

For thick (>1000 nm) TiO, films it is important to know the
structure distribution along the film thickness, i.e. along
direction of the film growth. This information can give XRD
measurement performed at small glancing angles. The XRD at
different glancing angles « makes it possible to determine
phases in the TiO, film in different distances from the film
surface. The angle « was varied in the interval from 0.5° to 1.5°.
Using this method structure of 1000 nm thick TiO, film was
investigated in detail. Results of measurements are given
in Fig. 8. The measurement performed at o =0.5° gives
information on the film structure in the subsurface layer (to the
depth ~400 nm from the surface). On the contrary, XRD
patterns measured at & = 1.5° gives information from the whole
volume of 1000 nm thick film; amorphous background from the
glass substrate is also detected at @ = 1.5°. The intensity of
rutile peak increases with increasing «. It means that the rutile
phase is in a region near to the film/substrate interface and its
amount in the film surface region decreases with increasing
h depending on the p1. The anatase phase dominates all the
analyzed films.

3.2.2. Phase zone model for TiO, films
The results displayed in Fig. 8 clearly show that the growth

of TiO, films on glass substrate can be divided into four

zones, see Fig. 9. Here, a schematic illustration of the structure
evolution in the TiO, films sputtered at T,s ~ 180 °C is shown.

The structure evolution is represented by four zones.

1. Zone 1 represents the amorphous a-TiO, films. Thin a-TiO,
films with & < hpin(Tsurr) < 500 nm are formed at pr < p;.
Thicker a-TiO, films are created at pt > p; and the thickness
h of these films increases with increasing p because the
energy E delivered to the growing film decreases due to the
particles collisions and is insufficient to stimulate the film
crystallization [7].

p.=2.0Pa, p,,=1.0Pa

no rutile structure detected

o [deg]
500 —
) 2 —0.5
400 % —0.75
= —1.0

20 [deg]

20 [deg]
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Fig. 8. XRD patterns from 1000 nm thick TiO, films measured at glancing angle « ranging from 0.5° to 1.5°.
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Fig. 9. Schematic illustration of phase zone mode of TiO, films sputtered in
oxide mode at low substrate surface temperature Ty~ 180 °C on glass
substrate.

2. Zone 2 represents the crystalline c-TiO, film with rutile
phase [7,19]. These films are formed at low values of prand
Po, wWhen the energy E delivered to growing film by incident
and condensing atoms increases and is sufficient for the
crystallization of the film. The energy E increases with
decreasing pt in consequence of a decrease of collisions
between particles with decreasing pr. Also changes of the
chemical processes at low p, contribute to the formation of
the rutile phase.

3. Zone 3 represents the crystalline c-TiO, R + A films. The
crystalline phase gradually changes from R phase through a
mixture R + A phases to A phase with increasing pr; here R
and A denote the rutile and anatase phase, respectively. The
amount of A phase in the mixture R + A increases with
increasing h at pr =const and thus the thickness of film
region composed of R+ A phases hgr,a decreases with
increasing pr up to ~2 Pa.

4. Zone 4 represents the crystalline c-TiO, films with pure A
phase. The thickness £ of these films decreases if sputtered at
pr > p1 because the energy of condensing particles
decreases with increasing pr and more time (greater h) is
needed to deliver to the growing film sufficient amount of
energy necessary to stimulate the crystallization of A phase,
i.e. hnin increases; p; is defined as the pressure at which the
energy of particles decreases due to the collisions to a value
insufficient for the film crystallization. c-TiO, films with
pure A phase produced in the zone 4 at pp > 2 Pa grow
directly from amorphous phase.

From Fig. 9 it is clearly seen that there is a certain interval of
pressures ranging from ~2 Pa to p; in which c-TiO, films with
pure A phase and minimum thickness % to be produced. ~500 nm
thin TiO, films with high PCA are produced in this interval.
Moreover, the complete suppression of the rutile phase in films
sputtered at pr > 2.0 Pa and the growth of anatase phase from the
amorphous film/substrate interface enables the formation of very
thin ~100 nm TiO, films with a good PCA, see Fig. 6.

3.3. Effect of substrate surface temperature

The evolution of substrate surface temperature Ty, during
the deposition of TiO, film with mixed anatase + rutile phase
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Fig. 10. The evolution of substrate surface temperature T, during sputtering
of TiO; film at pr = 0.9 Pa and pg, = 0.3 Pa with increasing deposition time .

sputtered at pr =0.9 and p,, = 0.3 Pa is displayed in Fig. 10.
This figure shows that T, s increases with increasing t and a
maximum value Ty, ¢= 180 °C is achieved only 40 min after
beginning of a continuous deposition of the film. In this case, in
spite of no intentional heating, the T, rises significantly from
the room temperature due to the substrate heating during the
deposition process. For more details see Ref. [13].

3.3.1. Structure evolution along film thickness

To understand the effect of increase of Tg,r during
deposition on film structure three TiO, films with the same
thickness /£ = 1000 nm were prepared under the following
conditions:

1. TiO, film was sputtered continuously without interruption;
Tsurrincreases with t up to T,r = 180 °C as shown in Fig. 10.

2. TiO, film was sputtered with an interruption every
t =33 min (it corresponds to 330 nm thick film) followed
by pause 60 min (cooling) at a lower final temperature
Tourr =170 °C.

3. TiO, film was sputtered with an interruption every
t =14 min (it corresponds to 140 nm thick film) followed
by a pause 60 min (cooling) at still lower final temperature
Toure =130 °C.

The XRD structure of 1000 nm thick TiO, films and those
after first interruption is displayed in Fig. 11. From this figure it
is clearly seen that (i) all three 1000 nm thick films exhibit
almost the same, well developed A(1 0 1) structure indepen-
dently on the value of Ty, (ii) 330 nm thick film deposited for
33 min is poorly crystalline and exhibits a mixture of A +R
phases with very low intensity of R phase and (iii) 140 nm thick
film deposited for 14 min is almost X-ray amorphous.

This experiment indicates that the crystallization of film is
induced mainly by the energy E delivered to it during its growth
by bombarding and condensing particles, not by Ty,+ which is
too low to stimulate the crystallization. Therefore, the structure
of 1000 nm thick TiO, film is the same for all three films and
does not depend on the evolution of T, during the deposition
process and even on its final value ranging from ~130 to
~180 °C. This means that c-TiO, films with anatase phase can
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Fig. 11. The effect of deposition interruption on XRD structure of 1000 nm thick TiO, films sputtered (1) continuously without interruption and Ty,s = 180 °C, (2)
with interruption every ¢ = 33 min (three cycles x 330 nm) and T,,s = 170 °C and (3) with interruption every ¢ = 14 min (seven cycles x 140 nm) and T,s= 130 °C

and under the same conditions at pr = 0.9 Pa and pg, =0.3 Pa.

be created if sufficient amount of E is delivered to the growing
film independently on the Tg,s (for T,r < 180 °C).

Since the maximum substrate surface temperature T,s does
not affect the TiO, film properties up to ~180 °C crystalline c-
TiO, films with anatase phase and high PCA can be sputtered at
Tyurt less than 130 °C by a simple interruption of the deposition
process.

3.4. Comparison of PCA of TiO- films prepared by different
methods

As shown above, ~500 nm thick, photoactive TiO, films
with anatase phase and high PCA can be sputtered at
pr=2.0Pa, po, =10Pa and Ty,s~ 180 °C. The PCA of
these films is compared with that of (i) Pilkington Active™ and
(ii) Saint-Gobain Bioclean™ ~15-25 nm thin TiO, coatings
produced at 7 > 600 °C by a CVD process for self-cleaning
applications [28-30], see Fig. 12. The PCA of all films was
measured in our labs using the same analyzing system. This
comparison shows that the reactive pulsed dc dual magnetron
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Fig. 12. Comparison of the PCA characterized by the AO7 photodegradation
rate constant &, of (i) 500 nm thick TiO, film reactively sputtered using pulsed
dc dual magnetron at pr =2.0 Pa, Po, =1.0Pa and Ty, = 180 °C, (ii) Pilk-
ington Active™ [28] and (iii) SGG Bioclean™ [29] thin (15-25 nm) TiO,
coatings prepared at 7 > 600 °C by a CVD process.
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sputtering process is suitable for the low-T deposition of TiO,
films with high PCA on thermally sensitive substrates.

4. Conclusions

Experiments described in this article show that TiO, films
with high PCA can be created by a low-temperature reactive
sputtering using pulsed dc dual magnetron at the substrate
surface temperature Tg,¢ < 180 °C. Main issues of our
investigation can be summarized as follows.

1. The partial pressure of oxygen pg, and the total pressure of
sputtering gas pr = par + Po, are key deposition parameters
influencing the structure and the PCA of the TiO, film. The
presence of rutile phase in the films deteriorates its PCA and
highly photoactive TiO, films with pure anatase phase and
high PCA can be sputtered in the oxide mode at high values
of prand pg,.

2. The substrate surface temperatures T, < 180 °C do not
influence the structure of growing TiO, film. Only the energy
E delivered to the growing film by bombarding and
condensing particles is important.

3. The structure of sputtered TiO, films varies along the growth
direction from film/substrate interface to film surface and its
evolution strongly affects the PCA of the film.

4. Thin (~100 nm) TiO, films with anatase phase exhibit a
good PCA. The PCA improves with increasing A up to
500 nm. The increase of 4 above 500 nm results in no further
increase of the PCA. ~500 nm thick TiO, film with anatase
phase and high PCA can be sputtered at T+ = 180 °C and
ap ~ 10 nm/min.

5. The interruption of sputtering process with cooling pauses
allows (i) to keep the substrate surface temperature T, at
the end of deposition low, less than <130 °C, and (ii) does
not influence the structure and the PCA of TiO, film if the
delivered energy E is sufficient to stimulate its crystal-
lization. Thinner (<500 nm) TiO, film with anatase phase
can be also sputtered at Ty,,s < 180 °C only in the case that
ap is sufficiently low.

6. Based on obtained results the phase zone model of sputtered
TiO, films was developed.
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4. Zavér

Tato dizertacni prace je zaméfena na analyzu prvkového slozeni (pomoci metody rentgenové
fluorescence) a struktury (pomoci metody rentgenové difrakce) Ctyt typti novych tenkovrstvych
materidli vytvafenych riiznymi metodami magnetronové depozice. Jejim cilem je piispét
k objasnéni slozitych vzajemnych vztahti mezi parametry depozi¢nich procesd, prvkovym
slozenim a strukturou vytvotenych tenkovrstvych materialii a jejich vlastnostmi. VSechny cile
dizerta¢ni prace, uvedené V kapitole 3, byly splnény.

Hlavni vysledky dosazené v ramci této dizertacni prace jsou shrnuty v nasledujicich bodech:

Cast A — Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-0O, Si-B-C-N a Al20s3 s dostate¢nou
tvrdosti a vysokou teplotni stabilitou ve vzduchu za velmi vysokych teplot

A-1: Properties of magnetron sputtered Al-Si-N thin films with a low and high Si content.

Prvkové sloZeni Al-Si-N vrstev je siln¢ ovlivnéno parcidlnim tlakem dusiku py, a vnitinim
pramérem (®j) Al upeviiovaciho krouzku z hliniku (Al), ktery zasahuje do erozivni zony
rozprasovaného slozené¢ho magnetronového terce o priméru 50 mm. Je-li pouzit Al krouzek o
vnitinim praméru @i = 15 mm, je mnozstvi Si v deponovanych vrstvach nizké (~ 5 at.%) a
mnozstvi Al v nich pfevlddd nad mnozstvim Si pfi vSech hodnotich py,. Pfi py,= 0 Pa
deponovana vrstva obsahuje ~ 98 at.% Al a ~ 2 at.% Si. S rostoucim py, pak mnozstvi Al v
deponovanych vrstvach klesa a mnoZstvi Si a N naopak roste. Pro py, > 0,1 Pa v8ak jiz maji
deponované Al-Si-N vrstvy témétf neménné prvkové slozeni ~ 52 at.% Al, ~ 4 at.% Sia ~ 44
at.% N. V pfipad¢ pouziti Al krouzku o vnitinim priméru @i = 26 mm, je mnozstvi Si v
deponovanych vrstvach vysoké (~ 40 at.%) a pro py, > 0,1 Pa je mnozstvi N v deponovanych
vrstvach vzdy vy$8i neZ mnozstvi Si a Al. Pii py, = 0 Pa deponovana vrstva obsahuje ~ 80 at.%
Al a ~ 20 at.% Si. S rostoucim py, mnozstvi Al v deponovanych vrstvach spojité klesa az na
hodnotu ~ 7 at.% pii py, = 0,2 Pa, pficemzZ se s dal$im ristem py, dale neméni. MnoZstvi Si
naopak vzroste na hodnotu ~ 45 at.% pfi py, = 0,05 Pa, a s dal$im nardstem py, kolisa mezi 36
— 43 at.%. Mnozstvi N nejprve spojité roste na hodnotu 55 at.% pfi py, = 0,15 Pa a s dalSim
rlistem py, jiZ roste jen mirné. Nejvyssi hodnoty, 60 at.% N, dosahuje pti py, = 0,4 Pa. VSechny
Al-Si-N vrstvy s nizkym (< 10 at.%) obsahem Si jsou krystalické. Vrstva deponovana pii
pn,= 0 Pa je tvofena smési 2 fazi, Al a Si. Pfi py, > 0,1 Pa se objevuji difrakéni linie
odpovidajici polykrystalickému AIN s hexagonalni strukturou, jehoZ pfednostni orientace se
s rostoucim py, méni z AIN(101) na AIN(002). Naopak, Al-Si-N vrstvy s vysokym (> 20 at%.)
obsahem Si jsou od py, > 0,05 Pa amorfni, i kdyZ jsou deponované pfi relativné vysoké teploté
substratu Ts = 500 °C. Pouze pro py,= 0 Pa je vrstva polykrystalické tvofena opét smési 2 fazi,
Al a Si. Z hlediska mechanickych vlastnosti jsou amorfni vrstvy a-(Al-Si-N), v porovnani
s polykrystalickymi c-(Al-Si-N) vrstvami, tvrdsi (H = 25 GPa), 1épe odolavaji plastické
deformaci a jejich teplotni stabilita tvrdosti je vysoka a s teplotou zihani se neméni az do 1100
°C, a to dokonce ani po 4 hodinach. Odolnost proti oxidaci jak polykrystalickych c-(Al-Si-N)
vrstev s nizkym (< 10 at.%) obsahem Si, tak amorfnich a-(Al-Si-N) vrstev s vysokym (> 20
at%.) obsahem Si je rovnéz vysoka. Polykrystalicka c-(Al-Si-N) vrstva vykazuje vysokou
odolnost proti oxidaci do ~ 1000 °C a amorfni a-(Al-Si-N) vrstva az do ~ 1150 °C.
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A-11: Formation of crystalline Al-Ti-O thin films and their properties.

Prvkové slozeni Al-Ti-O vrstev primarné zavisi na vnitfnim primeéru (@in Ti) upeviovaciho
krouzku ztitanu (Ti), ktery =zasahuje do erozivni zdény rozpraSovaného slozeného
magnetronového terée o pruméru 116 mm, a je prakticky nezavislé na teploté substratu Ts. Je-
li pouzit Ti krouzek o vnitinim praméru @in1i = 35 mm je pomér Al/(Al + Ti) = 0,58 a Al-Ti-
O vrstvy obsahuji ~ 19 at.% Al, ~ 14 at.% Tia ~ 67 at.% O. Pro Ti krouzek o vnitinim priméru
@in1i = 50 mm je pomér Al/(Al + Ti) = 0,61 a Al-Ti-O vrstvy obsahuji ~ 20 at.% Al, ~ 13 at.%
Tia~ 67 at.% O. V ptipad¢ Ti krouzku o vnitinim praméru @i 1i = 60 mm je pomér Al/(Al +
Ti) = 0,80 a Al-Ti-O vrstvy obsahuji ~ 31 at.% Al, ~ 7 at.% Ti a ~ 62 at.% O. Struktura Al-Ti-
O vrstev zavisi jak na teploté substratu Ts, tak na mnozstvi Ti ve vrstvé. Vrstvy Al-Ti-O
s pomérem Al/(Al + Ti) = 0,58, resp. 0,61, ptipravené pti teplotach substratu Ts < 700 °C jsou
charakteristické amorfné/nanokrystalickou strukturou tvofenou nanokrystaly metastabilniho
kubického y-Al203 v amorfni fazi Al2O3, kdezto pii Ts = 700 °C vznika ortorombicka faze
slouceniny Al2TiOs. Vrstvy Al-Ti-O s pomérem Al/(Al + Ti) = 0,80 deponované pii teplotach
substratu Ts < 600 °C jsou charakteristické amorfni fazi Al.Os, kdezto pii Ts > 600 °C maji
strukturu amorfné/nanokrystalickou tvofenou nanokrystaly metastabilniho kubického y-Al2O3
v amorfni fazi Al2O3. Krystaliza¢ni teplota Al-Ti-O vrstev tedy klesa s rostoucim obsahem Ti
v téchto vrstvach. Se strukturou Al-Ti-O vrstev velice silné souvisi jejich mechanické
vlastnosti, reprezentované tvrdosti H. Al-Ti-O vrstvy s amorfné/nanokrystalickou strukturou
tvofenou nanokrystaly metastabilniho kubického y-Al.Oz v amorfni fazi Al2O3 maji vice nez
2x vy$$i tvrdost (H = 25-27 GPa) v porovnani se strukturou vrstev tvorenou Al>TiOs (H = 10—
14 GPa). Pii vyzihani vrstev Als1Ti7Os2 na teplotu 1000 °C ve vzduchu dochazi k rozpadu
ptavodni struktury y-Al.Oz na smés rutilu (faze TiO2) a korundu (faze a-Al203), pfi¢emz tato
teplota transformace definuje teplotni stabilitu Al-Ti-O vrstev deponovanych na Si.

A-l111: Protective Zr-containing SiO> coatings resistant to thermal cycling in air up to 1400 °C.

Prvkové slozeni vSech deponovanych Si-Zr-O vrstev bylo v ramci piesnosti pouzité techniky
WDXRF stanoveno na ~ 31 at.% Si, 5 at.% Zr a ~ 64 at.% O. Za ucelem stanoveni teplotni
stability deponovanych vrstev byla studovana zmeéna struktury deponovanych Siz1Zr50e4 VIStev
s teplotou zihani Tamax V rozmezi 900 °C az 1700 °C. Deponované Si-Zr-O vrstvy jsou amorfni
a krystalizace u nich zac¢ina pii Tamax > 900 °C, kdy se objevuji prvni slabé difrakéni linie t-
ZrO; superponované na Sirokém piku pivodni amorfni faze. Jejich intenzita s rostouci teplotou
Ta max postupné roste a jejich FWHM naopak postupné klesa, coz ukazuje na rust velikosti a
mnozstvi krystalitt t-ZrO», tedy na zvyseni krystalinity materialu Si-Zr-O vrstev. Kromé
zminéné faze t-ZrOy, je v teplotnim rozsahu 1000 °C az 1400 °C navic detekovano i malé
mnozstvi faze ZrSix. Bylo zjisténo, ze jakmile jednou dojde ve vrstvach SiziZrsOes ke
krystalizaci faze t-ZrO», struktura vrstev Siz1ZrsOes se teplotné stabilizuje, tj. nedochazi zde pti
ochlazovani k transformaci t-ZrO2 na m-ZrOg, a to v Sirokém teplotnim rozsahu od pokojové
teploty az do 1500 °C. V pfipadé¢ vrstev Siz1ZrsOs4 deponovanych na safirovy substrat dochéazi
pti Tamax > 1500 °C ke krystalizaci faze SiO2 a jeji nasledné interakci se safirem za vzniku
krystalické faze AlsSi2O13. Struktura SisiZrsOes vrstev po ohfati na Tamax > 1500 °C a
nasledném ochlazeni na pokojovou teplotu je pak tvofena smési fazi t-ZrOz, m-ZrO, SiO: a
AlsSi2013. Struktura deponovanych AlsSi2O13 vrstev také zavisi na dobé zihani t. a byla
studovana Vv prib¢hu tepelného cyklovani do Ta max = 1400 °C. Pfi tomto procesu dochazi
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k rychlé krystalizaci deponovanych vrstev AlsSi>O13. Jako prvni se objevuje faze t-ZrO; a pak,
pro ta > 133 min nad teplotou Ta> 1000 °C dochazi k postupné krystalizaci faze SiOo, jejiz
mnozstvi roste s rostoucim ta. Po teplotni stabilizaci struktury Siz1ZrsOe4 Vrstev jiz nedochazi
ani ke zménam jejich mechanickych vlastnosti a vrstvy si zachovavaji tvrdost H ~ 10,5 GPa,
efektivni Youngiiv modul pruznosti E” ~ 80 GPa a pomér H¥E™ ~ 0,18 GPa. Vrstvy rovnéz
vykazuji vysokou odolnost proti tepelnému namahani ve vzduchu do 1400 °C.

A-1V: Thermal stability of magnetron sputtered Si-B-C-N materials at temperatures up to
1700 °C.

Byla provedena strukturni analyza 3 typG Si-B-C-N vrstev, oznacenych I, 1l a Ill, jak
V deponovaném stavu, tak po vyzihdni na riizné teploty pti DSC a TG analyzach. Vrstvy | a Il
byly pfipraveny v plynné smési 50% Ar + 50% Nz pfii predpéti substratu Vy = — 100 V, resp.
Vb = Vi = — 34V a jeho teploté¢ Ts = 350 °C, resp. Ts = 190 — 250 °C. Jejich slozeni (v at.%)
bylo Siz2-34B10C2Nso-51 pii nizké ptimési (< 5 at.%) vodiku a kysliku. Vrstva III byly pfipravena
V plynné smési 75% Ar + 25% N2 pii predpéti substratu Vp = — 100 V a jeho teploté
Ts =350 °C. Jeji slozeni bylo SisoB11C2N43z pii nizké piimési (< 5 at.%) vodiku, kysliku a
argonu. Vsechny 3 deponované Si-B-C-N vrstvy jsou charakterizované velmi sirokym pikem,
nachazejicim se v thlovém rozsahu 26 = 20 - 40°, ktery svéd¢i 0 jejich amorfni struktute.
Kromé toho Ize jesté detekovat dveé velice slabé difrakéni linie na pozicich 260 = 26,65° a 26 =
28,41°, které patii necistotam SiO; a Si, jez se do vzorkl dostaly pfi jejich nadrceni v achatové
tieci misce. Po vyZihani na teplotu 1600 °C v argonu pii DSC analyze se struktura Si-B-C-N
vrstev I a I nezménila a zGstala amorfni, na rozdil od Si-B-C-N vrstvy |11, u které doslo k velmi
vyrazné zméné struktury. Si-B-C-N vrstva Il totiz zkrystalizovala a jeji fazové sloZeni
odpovida smési 4 riznych fazi, a-SisNs, B-SisNs, t-B(C)N a Si. Dale bylo zjisténo, ze zména
struktury této vrstvy zacina jiz pti teploté vyssi nez 1230 °C. Pii teploté 1270 °C se objevuji
prvni difrakéni linie nanokrystalické faze a-SisNa, jejichz intenzita s rostouci teplotou roste. Pfi
teploté 1300 °C K nim piibyvaji difrakéni linie Si a pfi teploté 1430 °C difrakéni linie B-SizsNg4
at-B(C)N. V ptipad¢ TG analyzy byly vzorky vyhtaty v heliu az na teplotu 1600 °C a 1700 °C.
Pti vyhtati na teplotu 1600 °C se struktura Si-B-C-N vrstev I a Il nezménila a zlstala amorfni,
pticemz Si-B-C-N vrstva III opét zkrystalizovala na smés 4 riznych fazi, a-SisNas, B-SizNa, t-
B(C)N a Si. Po vyhftati na teplotu 1700 °C se jiz zménila struktura i Si-B-C-N vrstev [ a II, kdyz
u nich doslo ke krystalizaci malého mnozstvi a-SizNa, pficemz vétSina objemu vrstvy zistala i
nadale amorfni. Struktura Si-B-C-N vrstvy III se pii vyhtati na teplotu 1700 °C pfilis nezménila.
Jeji fazové slozeni ziistalo stejné, pouze se zvétsily intenzity difrakénich linii Si a naopak klesly
intenzity difrak¢nich linii a-SisNs, coz svédéi o poklesu mnozstvi a-SisN4 ve vrstvé a naopak
nartstu mnozstvi Si. Rovnéz vymizela Siroka difrakéni linie na 260 = 25° piipisovana
neuspofadané turbostratické fazi t-B(C)N a naopak se zvysila intenzita difrakéni linie na 26 =
26,71° patiici hexagonalnimu h-BN. Ze strukturni analyzy vyplynulo, Ze kritickym depozi¢nim
parametrem pro piipravu Si-B-C-N vrstev s vysokou teplotni stabilitou je slozeni argon-
dusikové pracovni atmosféry, ktera urcuje prvkové slozeni vrstev. Nejvyssi teplotni stabilitu,
az do1600 °C, vykazovaly amorfni Si-B-C-N vrstvy I a II, pfipravené v plynné smési 50% Ar
+ 50% Nz, zatimco amorfni struktura Si-B-C-N vrstvy III, ptfipravené v plynné smési 75% Ar
+ 25% Nz, byla stabilni pouze do teploty 1230 °C.
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A-V: Thermal stability of alumina thin films containing y-Al.O3 phase prepared by reactive
magnetron sputtering.

Prvkové slozeni vSech deponovanych Al2Os vrstev bylo v ramci piesnosti pouzité techniky
WDXREF stanoveno na ~ 40 at.% Al a ~ 60 at.% O, coz odpovida stechiometrickému slozeni
slouceniny Al203. Z hlediska struktury jsou vsSechny deponované vrstvy Al2O3
charakterizované 3 Sirokymi difrak¢nimi liniemi (311), (400) a (440) nanokrystalického -
Al>03 s nizkou intenzitou. Nelze vSak vyloucit i pfitomnost malého mnozstvi amorfni faze
Al;03. Za tcelem stanoveni teplotni stability deponovanych vrstev byla studovana zména
struktury téchto vrstev s teplotou zihani Ta, dobou Zihani ta a jejich tloustkou. Deponované
vrstvy Al203 o tloust'ce ~ 1200 nm byly Zihany v rozmezi teplot 700 °C az 1150 °C po dobu 5
hodin. Bylo zjisténo, Ze s rostouci teplotou zihani Ta se zlepSuje krystalinita vrstev, nebot’
intenzita difrakénich linii (311), (400) a (440) y-Al.Oz se zvétsuje a navic se objevuji i dalsi
difrak¢ni linie (220) a (222) této faze. Pii teploté zihani Ta = 1050 °C se spole¢né s metastabilni
fazi 6-Al,03 objevuji i prvni difrakéni linie faze a-Al203 ukazujici na pocatek krystalizace této
termodynamicky stabilni faze. Vrstvy vyzihané pfi teploté Ta = 1100 °C jsou pak tvofeny smési
vétsich zrn o-Al203 a malych zrn 6-Al;03 a pii Ta = 1150 °C se vytvaii jiz jen vrstvy
krystalického a-Al203. Zména struktury deponovanych Al>Osz vrstev s dobou zihani ta a jejich
tloustkou byla studovana pouze pii Ta = 1100 °C, coz je teplota blizko transformace y — a.
Ohrati vrstvy na 1100 °C nésledované okamzitym ochlazenim na pokojovou teplotu nema
prakticky zadny vliv na strukturu vrstvy, a to bez ohledu na jeji tloustku. Naopak, vydrz na této
teploté po dobu ta > 1 h vede ke vzniku termodynamicky stabilni faze a-Al203, pti¢emz tato

vvvvvv

Cast B — Otéruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostate¢nou tvrdosti a
nizkym koeficientem tieni

B-1: Tribological and mechanical properties of nanocrystalline-TiC/a-C nanocomposite thin
films.

Prvkové slozeni TiC/a-C vrstev zavisi na vnitinim praméru (@in) upeviiovaciho krouzku
z titanu (Ti), ktery zasahuje do erozivni zony rozprasovaného slozeného magnetronového terce
o praméru 100 mm, takze zménou (Pin) lze fidit mnozstvi Ti v TiC/a-C vrstvach v rozsahu 2,6
— 53,8 at.%. Struktura TiC/a-C vrstev pak siln¢ zavisi pravé na obsahu Ti v téchto vrstvach,
respektive na poméru C/Ti. Pro pomér C/Ti < 1,54 jsou TiC/a-C vrstvy charakterizované
krystalickou fazi TiC a pravdépodobné¢ i malym mnozstvim amorfni faze uhliku a-C.
S rostoucim pomérem C/Ti se vSak struktura TiC/a-C vrstev zna¢né¢ méni. Nejprve na vrstvy
nanokrystalické, kdy se intenzity difrak¢nich linii TiC snizuji a jejich FWHM se zvétSuje
v disledku postupného zmensovani ,,velikosti zrn“ TiC z ~35 nm na ~ 1 — 2 nm, az zcela
zanikaji v Sirokém piku amorfni faze uhliku a-C pti C/Ti > 9,1. JelikoZ se se zménou poméru
C/Tineméni miizkovy parametr TiC, nebot’ nedochazi k posunu jeho difrakénich linii, znamena
to, ze se jedna o vrstvy kompozitni, tvofené nanokrystaly TiC v amorfni uhlikové matrici a-C.
,»Velikost zrn* krystalické faze TiC a pomér C/Ti, tj. mnozstvi krystalické a amorfni faze ve
vrstve€, jinak téZ struktura a prvkové sloZeni, ur¢uji jak mechanické vlastnosti (jako je tvrdost
H a efektivni Youngiv modul pruznosti E”), tak tribologické vlastnosti (jako koeficient tfeni pt
a rychlost otéru K) kompozitni TiC/a-C vrstvy. Nanokompozitni vrstvy nc-TiC/a-C s pomérem
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tfeni (u < 0,1) a rychlosti otéru (k < 2x107" mm3/Nm) pii dostate¢né tvrdosti H ~ 15 — 20 GPa.

B-11: Coefficient of friction and wear of sputtered a-C thin coatings containing Mo.

Prvkové slozeni piipravenych Mo-C vrstev zavisi na vnitinim praméru (@in) krouzku
z molybdenu (Mo), ktery =zasahuje do erozivni zény rozpraSovaného slozeného
magnetronového ter¢e o pruméru 100 mm, takze zménou (@in) 1ze fidit mnozstvi Mo v Mo-C
vrstvach v §irokém rozmezi 2 - 100 at.%. Struktura Mo-C vrstev pak silné zavisi pravé na
obsahu Mo v téchto vrstvach. Mo-C vrstvy s vysokym (> 40 at.%) obsahem Mo jsou krystalické
a jejich fazové slozeni se postupné méni od ¢istého Mo pies tuhy roztok uhliku v molybdenu
(Mo,C) na kompozit y-M02C/(Mo,C) pii ~ 70 at.% Mo a dale pak na nanokrystalicky kompozit
(nc-) 6-MoCo,7s/a-(C,Mo) pii < 57 at.% Mo. Pokud vsak mnozstvi Mo v Mo-C vrstvé poklesne
pod ~ 28 at.%, vytvaii se amorfni a-(C,M0) material. Jak prvkové sloZeni, tak struktura, resp.
fazové slozeni, vyrazné ovliviiuji jak mechanické (tvrdost, elasticka vratnost), tak tribologické
(koeficient tfeni, rychlost otéru) vlastnosti Mo-C vrstev. Zatimco elasticka vratnost Mo-C
vrstev téméf spojité klesa s rostoucim obsahem Mo, tvrdost Mo-C vrstev zavisi na jejich
nanokrystalicky kompozit (nc-) 8-MoCo 75/a-(C,M0) je piiblizné 2x tvrdsi (~ 23 GPa) a ma
témét stejnou tvrdost jako krystalicky kompozit y-Mo2C/(Mo,C). Tvrdost tuhého roztoku
uhliku v Mo (Mo,C) pak opét klesa na ~ 17GPa a je srovnatelna s tvrdosti ¢isté molybdenové
vrstvy. Amorfni a-(C,Mo0) vrstvy obsahujici méné nez 10 at.% Mo vykazuji nizké (< 0,1)
hodnoty koeficientu tieni a nizké (< 5x107 mm*Nm) hodnoty rychlosti otéru. S rostoucim
obsahem Mo v a-(C,Mo) vrstvach v8ak hodnoty koeficientu téeni a rychlosti otéru rychle rostou.

Cast C — Multifunkéni vrstvy Al-Cu-O, Zr-Al-O, Al-O-N se zvySenou odolnosti proti
vzniku trhlin pfi namahani

C-I: Properties of nanocrystalline Al-Cu-O films reactively sputtered by DC pulse dual
magnetron.

Prvkové slozeni Al-Cu-O vrstev zavisi na dob€ trvani negativniho napétového pulzu taycu Na
slozeném Al/Cu ter¢i, a to tak, ze obsah Cu v Al-Cu-O vrstvach s dobou trvani negativniho
napétoveého pulzu taicy roste, pricemz dosahuje nejvyssi hodnoty ~ 16 at.% pii taicu = 32 ps.
Naopak, obsah Al v Al-Cu-O sdobou trvani negativniho napétového pulzu taicu klesa
z hodnoty ~ 37 at.% na hodnotu ~ 25 at.% pfi taicu = 32 ps. Obsah O v Al-Cu-O vrstvach se
V ramci chyby méfeni neméni a ma praimérnou hodnotu ~ 62 at.%. Ptidani Cu do vrstvy Al203
siln€ ovlivilyje jeji strukturu. Obecné lze vSechny deponované Al-Cu-O vrstvy charakterizovat
jako nanokrystalicky kompozitni material tvofeny velice malymi zrny krystalické faze
v amorfni matrici. Cisté AlO3 vrstvy jsou charakterizovany §irokymi difrakénimi liniemi
(311), (400) a (440) nanokrystalického y-Al2O3 s nizkou intenzitou superponovanymi na
Sirokém piku amorfniho Al2O3 a predstavuji tedy nanokrystalicky nc-y-Al2Os/a-Al203
kompozit. Ptidavani Cu do Al,O3 vrstvy vede k postupné posouvani difrakénich linii (311),
(400) a (440) nanokrystalického y-Al20O3 k niz§im difrakénim thlim 26, a to az na pozice
odpovidajici difrak¢nim liniim (220), (311), (511) a (440) slouceniny CuAl204. Jelikoz se pnuti
s rostoucim obsahem Cu v Al-Cu-O vrstvach neméni, tak toto posouvani difrak¢nich linii
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ukazuje na fakt, ze se atomy Cu rozpoustéji v zrnech nanokrystalického y-Al2O3 a Ze se tak
vytvaii nanokrystalicky tuhy roztok (Als-2xCusx)O12. Intenzita difrakéni linie y-Al203(400)
s rostoucim obsahem Cu ve vrstvé klesa, pficemz pii obsahu > 16 at.% Cu takika vymizi.
Zaroven Se pii ~ 6 at.% Cu objevuje difrakéni linie CuAl204(220), jejiz intenzita s rostoucim
obsahem Cu ve vrstvé roste. Zietelna asymetrie difrakéni linie CuAl204(311) ve sméru
k vyssim difrakénim tthlim 26 naznacuje koexistenci CuAl,04(311) a nanokrystalického tuhé
roztoku (Alg2xCuzx)O12. VSechna tato zjisténi tak ukazuji na fakt, Ze struktura Al-Cu-O vrstev
s obsahem Cu < 10 at.% je velmi slozita. Jak mechanické vlastnosti (tvrdost a efektivni
Youngtiv modul pruznosti), véetné odolnosti Al-Cu-O vrstev proti vzniku trhlin pfi naméhani,
tak i optické vlastnosti (propustnost, index lomu a extinkéni koeficient) Al-Cu-O vrstev silné
koreluji s obsahem Cu v téchto vrstvach. Az na optickou propustnost, ktera s obsahem Cu ve
vrstve klesa a pii obsahu > 16 at.% Cu se vrstva stava nepruhlednou, vSechny ostatni sledované
veli¢iny s obsahem Cu v Al-Cu-O vrstvach rostou.

C-I1: Transparent Zr-Al-O oxide coatings with enhanced resistance to cracking.

Prvkové slozeni Zr-Al-O vrstev silné zévisi na parcidlnim tlaku kysliku pg,, respektive
depozi¢ni rychlosti ap. Obsah Al ve vrstvach s rostoucim pg,spojité klesa z 37 at.% na ~ 1
at.%. Rovnéz obsah Zr s rostoucim po,nejprve klesa z 51 at.% na 19 at.% (pro po,~ 0,06 Pa),
vSak s dal$im riistem pg, Se jiz dale neméni a pohybuje se kolem ~ 20 at.%. Pokud jde o O, tak
jeho obsah s riistem pgo, nejprve roste z 12 at.% na ~ 73 at.% (pro po,~ 0,15 Pa), ale s dalSim
rlistem pg, se jiz také neméni. Rovnéz struktura deponovanych Zr-Al-O vrstev siln€ zavisi na
parcialnim tlaku kysliku po,, respektive depozi¢ni rychlosti ap. Vrstvy Zr-Al-O deponované
vV kovovém modu napraSovani pfi velice nizkych (< 0,01 Pa) hodnotach parcialniho tlaku
kysliku po, jsou dvoufazové, tvotené nanokrystalickou fazi h-Zr s hexagondlni strukturou a
amorfni fazi a-Al20s. Lze je tedy povazovat za kompozitni material. Vrstvy Zr-Al-O piipravené
pii po, Vrozsahu ~ 0,02 az ~ 0,06 Pa jsou amorfni, nebot’ energie dodavana do rostoucich
vrstev neni dostateCnd pro krystalizaci ZrO2. K t¢ dochazi az pfi po, = 0,1 Pa, kdy vznika
nanokrystalicka faze t-ZrO s tetragonalni strukturou a vrstvy pak tvoii kompozit
nanokrystalickych t-ZrO; zrn v amorfni matrici a-Al203, nc-t-ZrO./a-Al2Oz. Se strukturou Zr-
Al-O vrstev velice izce souvisi jejich mechanické vlastnosti (tvrdost, efektivni Youngtv modul
pruznosti a elasticka vratnost), které s rostoucim pg, rostou, pficemz nejvysSich hodnot
dosahuji u vrstev deponovanych v piechodovém moédu, kdy vrstvy tvoti nanokompozit nc-t-
ZrO/a-Al,03. Tyto vrstvy jsou prithledné, dosahuji tvrdosti H ~ 18 GPa, poméru H/E* > 0,1 a
jejich elasticka vratnost We > 70%. Rovnéz vykazuji vysokou odolnost proti vzniku prasklin
pfi ohybu, nebot’ nepraskaji ani pfi ohnuti o 180°.

C-111: Two-phase single layer Al-O-N nanocomposite films with enhanced resistance to
cracking.

Struktura Al-O-N vrstev siln€ zavisi na period€ Tp, kyslikovych pulzii a na Ciniteli vyuZiti
kyslikovych pulzi 74, /To,, tj. na mnoZstvi kysliku v deponované vrstve. Casteéné zavisi té2
na teploté substratu Ts. Teplotni zavislost struktury Al-O-N vrstev je ponékud piekvapiva,
nebot’ vrstvy pfipravené pii teploté substratu Ts = 500 °C vykazuji horsi krystalinitu nez vrstvy
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piipravené na nevyhiivaném substratu pii pokojové teploté (Ts = RT). Toto chovani vSak lze
snadno vysvétlit vyssi desorpcei kysliku ze stén komory pii vyssi depozicni teploté, coz je do
urité¢ miry Vv podstat¢ ekvivalentni zv€étSovani Cinitele vyuziti kyslikovych pulzi 7q,/To,.
Vrstvy pfipravené pfi 7o,/To,= 1, coZ odpovida kontinudlnimu napousténi kysliku ke
stavajicimu dusiku, obsahuji 2 faze. Fazi nanokrystalického y-Al,O3 a amorfni fazi a-(Al-O-N),
a lze je tedy povaZovat za kompozitni material. Vrstvy pfipraven€ pii 7o, /To,= 0, coz odpovida
depozici v ¢istém dusiku, obsahuji pouze krystalickou fazi AIN. Pti ptidavani kysliku do AIN
vrstvy, tj. pro 0 < 7q, /To, < 1, dochazi nejprve k tvorb&é nanokompozitnich nc-AlN/a-(Al-O-
N) vrstev, které se postupné méni vV amorfni a-(Al-O-N) vrstvy pii 70, /T, = 0,20 — 0,25 a
nasledné v nanokrystalicky kompozit nc-y-Al.Os/a-(Al-O-N) pii 7o,/To, > 0,33. Popsané
zmény ve struktufe deponovanych vrstev samoziejmé vyznamné meéni jejich mechanické
vlastnosti. Je zjevné, ze vytvofeni nanokrystalické faze nc-AIN nebo nc-y-Al203 v amorfni
matrici a-(Al-O-N) vyrazné zvysuje tvrdost téchto nanokompozitnich materialti ve srovnani s
amorfnim materialem tvofenym pouze a-(Al-O-N). Tyto nanokompozity dosahuji tvrdosti H =
15 a7 20 GPa, maji nizky efektivni Youngtv modul pruznosti E*, takze pomér H/E™ > 0,1,
vysokou elastickou vratnost We > 60% a nepraskaji ani pii ohnuti o 180°. Naproti tomu amorfni
a-(Al-O-N) materialy vykazuji nizsi tvrdost H ~ 10 GPa, pomér H/E” < 0,1, elastickou vratnost

ey e

C-1V: The effect of addition of Al in ZrO: thin film on its resistance to cracking.

Prvkové slozeni Zr-Al-O vrstev silné zavisi na parcidlnim tlaku kysliku pg, a vnitfnim priméru
(Dinzr) upeviovaciho krouzku ze zirkonia (Zr), ktery zasahuje do erozivni zony rozpraSovaného
slozeného magnetronového terce o priméru 50 mm. Je-li pouzit Zr krouzek o vnitfnim primeéru
®in zr = 20 mm, je mnozstvi Al ve vrstvach nizké (~ 11 at.%) a mnozstvi Zr ve vrstvach prevlada
nad mnozstvim Al pii vSech hodnotach parcidlniho tlaku kysliku pg,, tj. pomér Zr/Al > 1.
Kromé toho maji vrstvy Zr-Al-O deponované pfi pg, = 0,05 Pa téméi shodné prvkové sloZeni
~23 at.% Zr, ~ 11 at.% Al a ~ 66 at.% O. Je-li pouzit Zr krouzek o vnitinim priméru ®in zr =
24 mm, je mnozstvi Al ve vrstvach vysoké (~ 29 at.%) a mnozstvi Al ve vrstvach pievlada nad
mnozstvim Zr pii vSech hodnotéch parcialniho tlaku kysliku po,, tj. pomér Zr/Al < 1. Kromé
toho maji vrstvy Zr-Al-O deponované pii po, = 0,07 Pa téméf shodné prvkové slozeni ~ 9
at.% Zr, ~ 29 at.% Al a ~ 62 at.% O. Struktura naprasovanych Zr-Al-O vrstev siln¢ zavisi na
jejich prvkovém sloZeni, zejména na poméru Zr/Al, a na parcidlnim tlaku kysliku po,. Zr-Al-
O vrstvy s pomérem Zr/Al < 1 deponované pti po,= 0 Pa jsou krystalické a tvofené fazemi Al,
Alggz Zro17 a ZrSiz. S rostoucim parcialnim tlakem kysliku po,pak dochazi k tvorbé oxidt Zr
a Al, k poklesu krystalinity vrstev a postupnému piechodu pivodné krystalickych vrstev na
vrstvy krystalicko/amorfni (pfi po,= 0,04 Pa) a nakonec na vrstvy amorfni (pfi po, = 0,06 Pa),
tvofené prevazné a-Al2Os. Na druhou stranu, Zr-Al-O vrstvy s pomérem Zr/Al > 1 jsou
zpocatku krystalicko/amorfni, ale jejich krystalinita se s rostoucim pg, zlepSuje. Pti py, = 0,06
Pa jsou pak tvofeny nanokompozitem zrn t-ZrO; v amorfni a-Al.O3 matrici. Pfidavani Al do
ZrO; silné ovliviuje strukturu, a tim i vlastnosti Zr-Al-O vrstev. Zr-Al-O vrstvy s pomérem
Zr/Al < 1 maji prevazné€ amorfni strukturu, jsou meékké, maji nizkou elastickou vratnost, pomeér
H/E” < 0,1 a velice snadno praskaji. Naopak, Zr-Al-O vrstvy s pomérem Zr/Al > 1 a kompozitni
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strukturou nc-ZrO/a-Al203 jsou tvrdé, vysoce elastické s pomérem H/E™ > 0,1 a vykazuji
vysokou odolnost proti praskani.

Cast D — Fotokatalytické vrstvy TiO:
D-I: Nanostructure of photocatalytic TiO> films sputtered at temperatures below 200 °C.

Struktura deponovanych vrstev TiO2 siln€ zavisi na parcialnim tlaku reaktivniho plynu pg,,
celkovém tlaku plynu pr a na jejich tloust'ce h. Je vSak relativné nezavisla na depoziéni teploté
pro Tsuf < 180 °C. Z hlediska tloustky vrstvy h byl pro vSechny deponované vrstvy TiO»
pozorovan stejny trend ve vyvoji jejich struktury. S ristem tloustky h dochazi ke zlepSeni
krystali¢nosti TiOz vrstev, tedy k postupnému piechodu od amorfnich vrstev (pro h < 100 nm)
k vrstvam krystalickym (pro h > 100 nm), tvofenych smési rutilu a anatasu, pficemz pomeér
anatasu a rutilu s rostoucim h roste. Krystali¢nost anatasové faze se dale zvysuje s rostoucim
parcialni tlakem pg,, jsou-li vrstvy TiO2 deponované pii celkovém tlaku pp = 0,5 Pa. Kromé

toho se s rostoucim celkovym tlakem pt snizuje i mnozstvi rutilové faze ve vrstvé, takze vrstvy
TiO2 deponované pii celkovych tlacich pp = 1,5 Pa jiz obsahuji pouze fazi anatasu. Struktura
deponovanych vrstev TiO2 se vSak také méni ve sméru ristu vrstvy, tj. od rozhrani vrstva-
substrat k povrchu vrstvy, kdy se u rozhrani vrstva-substrat primarné vytvari rutilova faze, jejiz
mnozstvi pak klesa s rostouci tloustkou vrstvy h a v zavislosti na celkovém tlaku pt. Na
zékladé ziskanych vysledkt byl sestaven fazovy zonalni model naprasovanych TiO> vrstev.
Dale bylo zjisténo, ze fotokatalyticka aktivita TiO2 vrstev Gizce souvisi prave s jejich strukturou.
Fotokatalyticka aktivita vrstvy TiO2 roste s rostoucim mnozstvim anatasové faze ve vrstvé a
s rostouci tloustkou vrstvy, a to az do h = 500 nm.
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Resumé cCesky

Tato dizertacni prace je zaméfena na analyzu prvkového slozeni (pomoci metody rentgenové
fluorescence) a struktury (pomoci metody rentgenové difrakce) Ctyt typti novych tenkovrstvych
materiali vytvafenych riznymi metodami magnetronové depozice. Jde 0 nasledujici materialy:

A. Ochranné povlaky Al-Si-N, Al-Ti-O, Si-Zr-O, Si-B-C-N a Al203 s dostate¢nou tvrdosti a
vysokou teplotni stabilitou ve vzduchu za velmi vysokych teplot.

B. Otéruvzdorné ochranné povlaky nc-TiC/a-C a Mo-C s dostate¢nou tvrdosti a nizkym
koeficientem tfeni.

C. Multifunkéni vrstvy Al-Cu-0O, Zr-Al-O, Al-O-N se zvySenou odolnosti proti vzniku trhlin
pii namahani.

D. Fotokatalytické vrstvy TiOz.

Prace je rozdélena do 4 kapitol. Kapitolal je v€novana obecnému tGvodu a zakladnim

principiim pouzitych metod rentgenové fluorescence a rentgenové difrakce. V kapitole 2 jsou

definovany cile dizertatni prace. Ve 3. kapitole, obsahové nejrozsahlejsi, jsou uvedeny

dosazené vysledky, a to ve formé 12 védeckych ¢lanki publikovanych v impaktovanych
mezinarodnich ¢asopisech, tematicky rozdélenych do 4 ¢asti (A — D).

Cast A zahrnuje 5 studif:

A-1 : Properties of magnetron sputtered Al-Si-N thin films with a low and high Si content.

A-11: Formation of crystalline Al-Ti-O thin films and their properties.

A-111: Protective Zr-containing SiO> coatings resistant to thermal cycling in air up to 1400 °C.

A-1V: Thermal stability of magnetron sputtered Si-B-C-N materials at temperatures up to
1700 °C.

A-V : Thermal stability of alumina thin films containing y-Al.O3 phase prepared by reactive
magnetron sputtering.

Cést B zahrnuje 2 studie:

B-1: Tribological and mechanical properties of nanocrystalline-TiC/a-C nanocomposite thin
films.
B-1I:  Coefficient of friction and wear of sputtered a-C thin coatings containing Mo.

Cast C zahrnuje 4 studie:

C-1 : Properties of nanocrystalline Al-Cu-O films reactively sputtered by DC pulse dual
magnetron.

C-I1 : Transparent Zr-Al-O oxide coatings with enhanced resistance to cracking.

C-11I: Two-phase single layer Al-O-N nanocomposite films with enhanced resistance to
cracking.

C-1V: The effect of addition of Al in ZrO: thin film on its resistance to cracking.

Cast D zahrnuje 1 studii:
D-I: Nanostructure of photocatalytic TiO» films sputtered at temperatures below 200 °C.

Kapitola 4 je vénovana zavérim dizertacni prace. Lze konstatovat, ze dizertacni prace pfispiva
k objasnéni slozitych vzajemnych vztahti mezi parametry depoziénich procesid, prvkovym
sloZzenim a strukturou vytvotenych tenkovrstvych materialt a jejich vlastnostmi.
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Abstract

This thesis is focused on the analysis of elemental composition (by X-ray fluorescence method)
and the structure (by X-ray diffraction method) of four types of the new thin-film materials
prepared by different methods of magnetron deposition. These are the following materials:

A. Al-Si-N, Al-Ti-O, Si-Zr-0, Si-B-C-N and Al,Os protective coatings with a sufficient
hardness and high temperature stability in air at very high temperatures.

B. Nc-TiC/a-C and Mo-C abrasion resistant coatings with a sufficient hardness and low
coefficient of friction.

C. AI-Cu-0, Zr-Al-0, Al-O-N multifunctional layers with an increased resistance to stress
cracking.

D. Photocatalytic TiO2 layers.

The thesis is divided into 4 Chapters. Chapter 1 is devoted to a general introduction and basic
principles of X-ray fluorescence and X-ray diffraction methods. In Chapter 2, the aims of thesis
are defined. Chapter 3 is the most extensive and it is devoted to the achieved results. The results
are presented in a form of 12 scientific papers published in prestigious international journals
divided into 4 parts (A — D).

Part A includes 5 papers:

A-1 : Properties of magnetron sputtered Al-Si-N thin films with a low and high Si content.

A-11: Formation of crystalline Al-Ti-O thin films and their properties.

A-111: Protective Zr-containing SiO> coatings resistant to thermal cycling in air up to 1400 °C.

A-1V: Thermal stability of magnetron sputtered Si-B-C-N materials at temperatures up to
1700 °C.

A-V : Thermal stability of alumina thin films containing y-Al.O3 phase prepared by reactive
magnetron sputtering.

Part B includes 2 papers:

B-1: Tribological and mechanical properties of nanocrystalline-TiC/a-C nanocomposite thin
films.
B-1I:  Coefficient of friction and wear of sputtered a-C thin coatings containing Mo.

Part C includes 4 papers:

C-1 : Properties of nanocrystalline Al-Cu-O films reactively sputtered by DC pulse dual
magnetron.

C-I1 : Transparent Zr-Al-O oxide coatings with enhanced resistance to cracking.

C-11I: Two-phase single layer Al-O-N nanocomposite films with enhanced resistance to
cracking.

C-1V: The effect of addition of Al in ZrO thin film on its resistance to cracking.

Part D includes 1 paper:
D-I: Nanostructure of photocatalytic TiO> films sputtered at temperatures below 200 °C.

Chapter 4 is devoted to the conclusions of the thesis. It can be stated that the thesis contributes
to the elucidation of the complex interrelationships between the parameters of the deposition
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processes and the elemental composition and the structure of the formed thin-film materials and
their properties.
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